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Abstract

In order to improve the high temperature performance of the intergranular phase of
liquid phase sintered SiC, additive systems containing different rare earth sesquioxides
were used as sintering aids. This new approach came because of the relatively poor
refractoriness of the secondary phases that are formed with the “conventional” Y ;Os-
AIN sintering additives. Refractory rare-earth disilicates, RE,Si,O;, can be crystallised
at grain boundaries, thereby resulting in good high temperature properties.

In the present investigation, the effects of different pairs of rare earth
sesquioxides and AlIN-rare earth oxide combinations on the sinterability of SIC were
observed with the help of dilatometric studies. Sintering experiments under varying
conditions were performed in order to test the effectiveness of these additives for
complete densification of SIC. Gd,O3-H0,03 and Dy,03-H0,03 in equimolar ratio were
found to be promising candidates as sintering additives at 10 vol% total additive
content. N as sintering atmosphere proved to be better than Ar in terms of densification
behaviour. Liquid phase sintering of SIC with these additive systems occurred through a
solution-reprecipitation mechanism. This fact was established with the help of SEM,
TEM, EDS and AES analysis on the grains and grain boundary/intergranular phases.
Sintering kinetics depend not only on the cationic radius of the rare earth, but also on
the thermodynamics of the system. Post sintering heat treatments were performed in N2
at 1950°C for several hours in order to crystallise the secondary amorphous phases, to
develop a suitable microstucture for better fracture mechanical properties and to obtain
full B - a-SiC phase transformation. Phase evolution, extent of crystallisation, phase
transformation and mechanical properties were correlated with SEM and XRD studies.

In a different study, Lu,O3 substitution for Y,O3 in the “conventiona” Y ,Os-
AIN additive system was done by varying the molar ratio of Lu,Os; to AIN.
Densification to more than 99% was achieved in al the compositional range. Increase of
the Lu,O3 content in the additive system deteriorates the wetting behaviour and limits
the extent of devitrification aswell as3 - a-SiC transformation. The influence of these
parameters on the fracture mechanical properties as well as the microstructural

development after sintering and annealing are elaborately discussed. 4-point bending
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strength was measured between room temperature and 1500°C. Room temperature
bending strength of ~ 600 MPa was obtained due to formation of a bimodal
microstructure. High temperature flexural strengths at 1500°C were found to be ~ 500-
550 MPa with a strength retention up to 93% of the room temperature value. Creep and
compliance tests were performed at various temperatures. High temperature mechanical
properties were mainly influenced by the visco-elastic properties and degree of
crystallisation of the secondary phase. Creep in these materials was primarily influenced
by grain boundary diffusion in the low temperature region (at 1200°C). However, at
higher temperature, the main operative mechanisms were found to be grain boundary
dliding accomodated by diffusion and cavity formation in the near surface region.
Material with high Lu,Os; content showed a 10% drop of stiffness at 1450°C during
compliance tests which signifies an extraordinarily high retention of the mechanical
properties at high temperature. The thermomechanical behaviour was found to be even
better in case of the materia with an equimolar ratio of 1Lu,Osz:1AIN due to an
optimum trade-off between viscosity and crystallisation. Oxidation resistance tests were
performed in air at various temperatures from 1200°C to 1500°C. The oxidation
kinetics were found to be based on a complex mechanism. They are not only influenced
by diffuion of oxygen through SO, layer, but also depend on the interfacial reaction

between the growing SiO; layer and the secondary phases.



1 Introduction

1.1 Foreword

The need for advanced materials has been there since the early days of civilisation and
the demand for these materials has currently increased due to the rapid advancement in
technology. The main reasons for the attention focused on ceramics as possible
structural materials are their heat resistance and wear resistance. As a matter of fact,
however, few ceramics are capable of maintaining their strength at temperatures which
prohibit the use of metals, the exceptions being covalent materials like SisN4 and SIC,
etc. The development of silicon carbide ceramics during the last two decades is one
example for the progress that has been made. Application of SIC compacts as structural
materials can be broadly divided into two categories: (i) abrasion and corrosion resistant
components and (ii) heat resistant components. It was found that SIC sintered bodies
pOossess superior strength at high temperatures, and they were seen as a promising heat-
resistant structural material. Their characteristics include high temperature properties
like creep resistance, bending strength, high hardness, heat resistance and corrosion
resistance. These properties enable SIC to be the prime material for structural
components such as high temperature furnace components (heating elements, core
tubes, refractory bricks, etc.) [1]. These applications, however, do not require high
density sintered bodies. The developments of SIC compacts as structural components
with high density were initialy begun with the objective of application to gas turbine

engines.

Si—C bonds have a high degree of covalency (87 %) [2], and this s the source of
the intrinsically high strength of SIC sintered bodies. SiC is fundamentally a brittle
material. Its low fracture toughness presents difficulties in application as a structural
material. But SIC sintered bodies belong to the few materials, which can be used at
extremely high temperatures (e.g. 1300°C and above). However, due to the highly
covalent bond characteristics, it is difficult to sinter these materials to full density. The
poor sinterability necessitates addition of a sintering aid for densification [1]. Addition
of suitable sintering additives leads to dense, fine-grained microstructures and, hence,
high strength of the sintered body, but generally it may also result in the formation of

secondary phases at the grain boundaries that frequently cause loss of high temperature
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strength due to softening of these phases. Three representative technologies have been
developed for sintering of SIC namely, hot pressing with a sintering aid, pressureless or
gas pressure sintering with a sintering aid, and reaction sintering. Among these
techniques, pressureless sintering is considered to be the most important from an
industrial standpoint because it alows the manufacture of large or complex-shaped
pieces, offers good mass productivity and low cost, and can produce products with
superior performance. Besides conventional solid state sintering, one of the pressureless
sintering methods is liquid phase sintering (LPS) which has been applied extensively to
obtain highly dense (>95 % theoretical density) SiC ceramics [1]. Several additives or
combinations of them, such as Al,Cs, Al;Os-Y203, Al;05-Y205-CaO and AIN-Y 03
have been investigated for SIC in order to improve the thermomechanical behaviour.

Typically LPS-SIC ceramics consist of highly refractory SiC grains bonded by a
less refractory vitreous phase. Therefore the high temperature behaviour depends
primarily on the composition, distribution, and crystallinity of the intergranular phase.
In order to improve the high temperature performance of the intergranular phase,
additive systems containing different rare-earth sesquioxides have been used in the case
of SisNs and SIAION materials [3-8]. This new approach was motivated by the
relatively poor refractoriness of the glass phases formed with conventional sintering
additives, particularly the aluminium containing ones. Refractory rare-earth disilicates,
RE,Si,Oy, can be crystallised in the case of the RE,Os-based additives, resulting in good
high temperature properties.

It has been the intention of the present investigation, to study the effects of
different pairs of rare-earth sesquioxides and AIN-rare-earth oxide mixtures on the
sinterability of SIC with the help of dilatometric studies. Sintering experiments under
varying conditions were performed in order to test the effectiveness of these additives
for the complete densification of SiC. Post sintering heat treatments help to obtain an
interlocking structure of high-aspect ratio plate-like grains. Creep resistance, room and
high temperature flexural strength, and other fracture mechanical properties were
investigated on the optimised systems. The evolution of different phases during
sintering and annealing, and influences of the phase composition on the materials
properties, particularly the fracture mechanical properties, have been correlated with the
help of TEM, SEM, XRD, AES and EDS. Oxidation resistance and high temperature
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compliance tests were performed in order to establish the superior thermomechanical

properties of some of these new systems over existing additive systems.

1.2 Literaturereview

1.2.1 Crystal Structure

Silicon carbide occurs with many different crystal structures [I,2]. All of them are
characterised by the fact that any given atom is always tetrahedrally bonded with four
heteroatoms. The nearest-neighbour bonding distance is approximately 1.89 A. All
structures can be considered as polytypes consisting of differently packed layers of
atoms. According to Ramsdell [9], the notation of these polytype consists of one
number describing the number of layers (A, B or C-layer) associated with the unit cell,
and a letter indicating the crystal system (cubic (C), hexagonal (H) or rhombohedral
(R)). The cubic 3C polytype is designated as 3-SiC and all other polytypes are referred
to as a-SIC. The stacking order of the closely-packed plane (the (111) plane in cubic
crystals and the (0001) plane in hexagonal crystals) is shown (Figure 1.1) by the
stacking sequence (ABC). The stacking of B-SiC in the (111) directionis...ABCABC...,
while that of the hexagonal (2H) variety in the direction of the c-axisis...ABAB.... The
2H polytype is not stable above 1400°C and transforms to different polytypes
depending on the temperature [10]. At 1600°C or above, the stacking sequence changes
to ...ABCACB... or ...ABCB... mainly due to stacking transformation, leading to a-SIC
polytypes denoted as 6H and 4H respectively [10].

<111> <0001> B <0001> B

ﬁ ® <110> ﬁ ® <1120> ﬂ ® <1120>
C A
< @.@.@.@. 2 O® O® O® O® A O@ O@ O@ O@
A 0000 c o 06 06 o e 0 " 0 o
c 000 B 8 8 8 8 . o %0 %0 %%
B O®O®O®O® A O® O® O® O® a o 0o o o
BRSO o f St 0o d o
AOOODO A O O O O

3C-SiC 4H-SiC 6H-SIC

Figure 1.1: Sructure of cubic and hexagonal SC that crystallises in the zinc blende

structure and faulted wurtzite structures, respectively.
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1.2.2 SIC powder production

Silicon carbide is manufactured most frequently on an industrial scale using the
Acheson method [11]. In this technique, two solid electrodes are connected with
graphite powder, a mixture of silica and coke is packed in the surrounding area, and the
whole assembly is electrically heated at 2700°C for producing SIC mainly by the

reaction:

SiO, +3C - SIC+2CO (1.2)

SiC crystal blocks from the reaction are then ground, refined and classified to produce
SiIC powders. The SIC grades thus prepared are characterised as a-SIC having a
relatively coarse grained structure with a mean particle size of 5 um. This requires a
further refining process to produce submicron grain powders suitable for sintering [12].

B-SiC is also produced by the Acheson method at low temperature (1500-1800°C)
[6]. Hence, like a-SIC, it is aso possible to manufacture fine grained 3-SIC powders
through the Acheson process followed by refining treatment.

Beside that, 3-SIC powders are produced using vapour-phase reactions [13-15].
Vapour-phase methods utilise the reaction of SiH4 [13] or SICl, with hydrocarbons
such as CH,4 and C3Hg [13] or the thermal decomposition of CH3SICl3, (CH3)4Si [14], or
polycarbosilane [15] to produce B-SiC. The steps leading to the production of SiC by

vapour-phase methods can be summarised as follows:

SiHs+ CH, OTf - SIC+4H, (1.2)
CH;3 SiCl; O™ - SiC + 3HCI (1.3

(CH3),SiCl, Ot - SiC+ CH,4+ 2HCI (1.5)

Particle size and stoichiometry are controlled by varying reaction temperature, gas
concentration and gas flow rate.

Other methods include the direct reaction of silicon and carbon [16] and the gas
evaporation method [17], in which the raw material surface is heated and melted using
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an arc discharge in a mixed gas (consisting of an inert gas and H, or Ny) to form
ultrafine SIC particles.

A new synthesis process was recently developed [18,19] to produce small, high purity,
non-agglomerated powders of SIC. In this process, the ceramic powder is synthesised by
rapidly heating (plasma heating) a reactant gas (silane (SiH,) mixed with methane (CH,)
or ethylene (C;H,)). The characteristics of the powders are controlled by cell pressure,
the reactants, their flow rates and flow ratios and temperature distribution within the
reaction zone. Luce et al. [20] further studied the same process by using laser heating
and by varying the reaction conditions (laser power, flow rates and ratio of reacting
gases). The powder characteristics of the SIC synthesised in this way ranges from

amorphous to crystalline (powder mixture).

1.2.3 Solid state sintering of silicon carbide

The high degree of covalency makes it difficult to sinter SIC by simple heating of
powder compacts. As aresult, many different sintering techniques have been devel oped.
Among those techniques, hot-pressing with a sintering aid, pressureless sintering with a

sintering aid and reaction sintering are important ones.

1.2.3.1 Pressureless sintering

From the industrial point of view, pressureless sintering with additives is considered to
be the most important method as it offers high mass productivity at a low production
cost with the flexibility to produce large complex bodies of superior performance. This
technique was a'so applied to the sintering of SIC in order to achieve dense bodies. The
absence of densification during sintering of pure silicon carbide is the result of the high
amount of energy required for the formation and migration of defects in its structure,
which leads to a low self diffusion coefficient and hence sintering by volume and grain
boundary diffusion does not occur [21]. However, to obtain a high density of the
sintered products, these mechanisms are necessary as surface diffusion does not
normally lead to the elimination of pores. Prochazka [22] developed a method leading to
good sinterability of silicon carbide powder. He opined that very fine particle size along
with B and C additives would promote the sinterability by enhancing volume diffusion
and retarding surface diffusion. A similar behaviour was also observed by Hausner [23].

He observed the effect of boron and carbon addition on the sintering of 3-SIC and
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pointed out that high grain boundary to surface energy ratio (yes/Ysv) hinders the
densification process. He found out that the addition of boron decreases the grain
boundary energy (yss) and carbon increases the effective surface energy (ysv). The
proposed combination of mechanisms was removal of the surface oxide layer of silicon
carbide by carbon and reduction of the grain boundary energy by segregation of boron
[22]. Suzuki and Hase [24] studied the kinetics of densification in the initial stage of
sintering of SIC with addition of boron and carbon. They proposed that material
transport along grain boundaries was the rate controlling factor. Murata and Smoak [25]
observed that solid solution between SIC and boron compounds (BN, BP and B4C)
occurred during densification and the maximum density was obtained at the
concentration corresponding to the maximum solubility of the additivesin SIC (Figure
1.2). Additions of boron and carbon play an important role not only in densification but

also in theinhibition of the grain growth of SIC crystals (Figure 1.3).
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Figure 1.2: The Influence of boron compounds on the sintered density of silicon carbide

(additives in wt %) [23].

Another proposed mechanism for the enhanced sintering effect of carbon and boron was
that of grain growth inhibition [21]. Carbon and boron inhibit silicon carbide grain
growth caused by surface diffusion during heating up to the sintering temperature,

thereby maintaining the driving force for sintering up to higher temperatures where
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volume diffusion-induced densification becomes active. Addition of carbon or boron
aloneis not effective for such an activated sintering mechanism. Stutz et al. [26] studied
the effect of boron with carbon and aluminium with carbon in the sintering of p-SiC and
found that a minimum B concentration of 0.3 wt % was required to promote
densification. Carbon must be present to the tune of 2 wt %. The effectiveness of
auminium as a SIC sintering additive was discovered by Alliegro et al. [27] who
observed that aluminium was the most effective additive after boron. But addition of
only 1 % Al with 1.5 % C could not densify the cubic SiC powdersto high density [26].
Brocker er al. [28] first reported pressureless sintering with addition of aluminium-
carbon additives. The mechanism of densification was the same as with the B-C
additive system. Al-C sintering additives were proposed to act at the grain boundaries
but the quantity of aluminium required was somewhat greater than that of B-C additive
because firstly, the solubility limit of aluminium in silicon carbide is larger as compared
to boron and secondly, the Al,SIC4 and Al4Cs produced during sintering are easily
volatilised. It was also found that at a particular temperature, more densification
occurred with additives from the aluminium-boron system than with pure B additives
(Figure 1.4). A similar investigation was carried out by Shinozaki et al. [29], and they
found that addition of Al, B and C to fine grained B-SiC enhanced the (3 to a
transformation and subsequent growth of a-SIC platelets. The excess free carbon
present was reduced by reaction with Al, and A14Cs3, which was formed in the C-rich
regions, helped to reduce the formation of large graphite particles.

Apart from the additives, the oxygen content of sinterable silicon carbide powders
also affects their densification behaviour [30]. Lower oxygen content improves the
densification behaviour of SiC. It was observed that 9 % difference in sintered density
existed between a standard powder and a heat treated powder with 0.64 wt % O,. The
morphology of the oxygen containing phases had an influence on the densification.
Hausner [23] discussed how the surface area of the powder also had a significant
influence on the sintering behaviour. Powders having higher specific surface area had a
higher densification rate. Silicon carbide sintered bodies with a relative density of 95 %
or more were produced by pressureless sintering at 2050°C if an ultrafine raw powder

with particle size of less than 0.05 pum was used [31] .
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Control of sintering atmosphere [23,32,33] and heating rate [32] were also important for
the sintering of silicon carbide powders. Noble gas atmosphere gave optimum results
with B-doped powders. Higher pressure of the noble gas atmosphere reduced the
sintered density. N> had a retarding effect on the sintering of boron doped 3-SIC [34].
Silicon vapour, oxygen and CO; gas in the system were deleterious to sintering as they
resulted in aloss of boron and consequently in the inhibition of densification. Sintering
was strongly inhibited by silicon vapour as a result of coarsening of the compacts. In
terms of heating rate, it was observed [32] that a rapid heating rate was not favourable
and in the presence of some of the additives, selection of a slower heating rate was the

most effective way to increase the sintered density of silicon carbide.

1.2.3.2Hot pressing

Hot pressing of silicon carbide ceramics was studied because of its ability to produce
dense sintered bodies. By this technique, some success in densifying SIC without any
additive was achieved [27]. However, pure silicon carbide powders can be hot pressed,
by conventional methods, to only ~84 % of the theoretical density, but the addition of
certain impurities can improve the sintered density up to 98% of the theoretical value.
Another possible way of densification is hot pressing under very high pressure (~5
GPa). Nadeau [35] investigated ultra-high-pressure hot pressing and reported that high
densification (approximately 98 % of the theoretical density) is possible for both a-SiC
and B-SiC under a pressure of 3 GPa at 1500°C. He concluded that the mass transport
phenomena that might play a role in the hot pressing of silicon carbide powders were
crushing and dliding of particles, plastic deformation, evaporation and condensation and
bulk or surface (including grain boundary) diffusion. The final stage of densification
occurs due to diffusion controlled processes like the ones mentioned above. Kalish and
Clougherty [36] reported that high pressure sintering was useful to prepare pure, fine
grained and fully dense microstructures of SIC. Takatori et al. [37] aso studied the high
pressure sintering of B-SIC with no sintering additives. It was concluded that
densification of SIC under high pressures depends strongly on sintering temperature,
grain morphology and magnitude of the self diffusion constants. Prochazka [22]
discovered that boron was an effective sintering aid. He was able to obtain a SIC
compact of 99 % theoretical density when he added only 1 % boron to a submicron

silicon carbide powder and sintered at 1950°C under 70 MPa pressure. It was concluded
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that solid phase diffusion was the main mechanism for effective densification. Sakai and
Aikawa [38] studied the phase transformation and thermal conductivity of hot-pressed
B-SiC with Al,O3 and carbon additives. Up to 2 % Al,O3; the simultaneous addition of
carbon was required, but specimens containing 3 wt % Al,O3; were densified to near the
theoretical value regardless of the carbon content (Figure 1.5). In another investigation,
Sakai and Hirosaki [39] pointed out that addition of BaO-C to SiC powders allows the
compact to be densified by hot pressing. Hot pressing of SIC powders was also
accomplished by addition of AIN, although the sintering mechanism was not well
understood by the authors [40].
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Figure 1.5: Effect of Al,O3 and carbon on the sintered density of SiC (all specimens hot
pressed at 2050° C for 30 min) [38].

Schoennahl er al. [41] in their extensive study observed that hot pressing of selected
compositions in the systems Si-Al-C and Si-Ti-C produced dense SIC ceramic
materials. They also observed that elemental Si, C or Al addition led to a considerable
diminution of the hardness of the sintered samples. Addition of complex carbides like
Al,SIC, or TizSIC, to SIC aided in densification.
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1.2.4 Liquid phase sintering

Liguid phase sintering has been extensively applied in order to obtain dense SIC
ceramics. This innovative approach to the sintering of SiC was initiated in early 1980s
[42]. The major inspiration for this densification strategy came from the sintering
procedures of SisN4 with Al,Os3-Y 205 additives [43-45]. By adopting them, superior
self-reinforced SIC was fabricated successfully [46,47]. Various sintering parameters
and types of additives were utilised for the optimisation of properties. The advantage of
using a liquid phase was that SIC could be sintered to high densities (>95 % Th. D.) at
temperatures well below 2000°C [48]. Another advantage of using liquid phase
sintering was that SIC powder with a higher oxygen content could be densified. The use
of low sintering temperature and short sintering time also allowed to obtain fine grained

materials with improved mechanical properties [48].

1.2.4.1 Effect of oxide additives

In the pioneering work [42], sintering experiments were carried out at 2100°C with
oxide additives that were produced by the reaction of Al(OH)3; with HCI and of Y (OH)3
with HCOOH. It was found that addition of Y,Os3 did not promote densification,
whereas Al,O3; additions enhanced the same, though equimolar additions of both the
additives also gave rise to a denser material. Further, it was concluded that 3:5 was the
optimum Al,Os3 :Y 05 ratio for sintering the 3-SiC powder [49]. It was suggested that
the densification of SIC occurred by a liquid phase containing Al and Si that was
produced by the decomposition of Al,Y 409 above 2000°C and subsequent reaction with
SiC. From Misras [50] thermochemical analysis, it was concluded that a liquid phase
was formed in the SIC-Al,O3 system in the temperature range of 1950-2150°C (Figure
1.6). With free carbon, a eutectic melt would be likely to form even at a lower
temperature. These liquids helped to densify the SiC. Thus addition of alumina along
with some carbon as sintering aid would be beneficial.

Pressureless sintering of submicron SIC powder with the addition of aluminium
oxide was also investigated by Suzuki [51]. He achieved a sintered body with high
density exceeding 97 % of the theoretical value by the addition of at least 2 wt % Al,Os.
The densification proceeded via a liquid-phase sintering mechanism accompanied by a
B - a-SiC phase transformation and a reduction in the amount of liquid phase. SiIC with

higher alumina content (15 %) did not densify even after a holding time of 10 h. Lower
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alumina content (2 %) caused a less pronounced time dependence of the relative
density. Figure 1.7 shows the effects of alumina content and time on the densification of
silicon carbide. Sigl and Kleebe [52] investigated the densification mechanism of silicon
carbide using yttrium-aluminium garnet powder (3Y.03-5A1,03 ). The core and rim
structure in this system suggested that Ostwald ripening by solution and reprecipitation
controls the sintering process. Grande et al. [53] aso investigated the Y,03-Al,03
additive system. They found that SIC containing 7.5 wt % Y,0s-Al,0O5; formed a
eutectic and densification occurred by liquid phase sintering. It was reported that apart
from alumina-yttria, relatively high density was achieved by using several other
rare-earth metal oxides, usually in combination with Al,O3; or boron compounds. Much
lower sintering temperatures (1700-1800°C) for SIC were observed by Mulla and
Kristic [48], if asmall amount of SIO, (only a few percent) was present with the Y ;03-
Al,O3 system. The densification behaviour was presented as a function of the Y ,Os-
content at different temperatures (Figure 1.8). Thus afraction of percent of oxygen was

sufficient to reduce the temperature of liquid-phase formation.
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Figure 1.6: SiC-Al;O3 stability diagram for an ambient total pressure of 0.1 MPa
showing the stability regions for the Al,Oz + Al,C; melt and the effect of the high vapour
pressure of gaseous species on the stability of the melt: (A) Change in the melt
composition due to the loss of the carbon from Al4C; at a constant sintering temperature
of 2250 K; (B) Change in the melt composition as all of the carbon from Al4Cs is lost
during the heating-up period for sintering at 2350 K [50].
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Lange [54] in his study observed that a liquid phase was responsible for the
densification of SIC powder when Al,O3 was used as hot-pressing aid. However, the
composition of the liquid phase during densification was uncertain. The presence of
SiO; and other impurities suggested the presence of an alumino-impurity-silicate phase.
The author supported this fact by reporting that completely dense bodies were obtained
at a temperature of 1800°C which is less than the melting point of pure alumina. The
mechanism was a rapid rearrangement during the initial period of pressure application
and densification by a solution-reprecipitation process. Kim et al. [47] found that
addition of Y,03-Al;03-CaO to B-SIC densified the compact to full density by hot

pressing at 1750°C.
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Figure 1.8: Change of sintered density of SiC with Y>O; content for samples containing
10 vol % (Ale_g + Y203) [48]

Nader [55] also studied oxide additives (SO, Al,O3 and Y,0s3) and found that the
reaction of SIC with SiO, reduces densification. Al,O3 has somewhat an similar effect,

whereas Y ,03 did not cause any effect.

1.2.4.2 Effect of nitrides and other additives

The densification of SIC using AIN-Y 03 was first attempted by Chia er al. [56]. Nader
[55], in his doctoral thesis, studied extensively the sintering behaviour of SIC with
addition of AIN-Y,0O; and also found the beneficial effect of N, atmospheres on
sintering. In another work on the same additive system, Jun et al. [57] reported that the
amount of nitride or a N, atmosphere had a strong influence in terms of densification
and grain growth behaviour of the SIC sintered bodies. Figure 1.9 shows the effects of
atmosphere and amount of sintering aids on the densification of B-SIC. Apart from
improved densification behaviour, addition of AIN to LPS-SIC even could improve the
beneficial effects of yttria and/or alumina dopants. An optimised composition of 10 vol
% of additive with 60 mol % AIN and 40 mol % Y ,O3; was found by Nader [55] based
on the AIN-Y 03 phase diagram investigated by Jeutter [58] which shows an eutectic
composition at about 40 mol % AIN (Figure 1.10). Recently, the AIN-Y,03 phase
diagram was reinvestigated by Huang et al. [59] showing the eutectic point at 20 mol%
AIN.
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Other than nitride additives, B4C, Al4Cs, €etc., are also reported as sintering aids for SiIC.

Lin et al. [60] studied the sintering behaviour of 3-SiC powders with additions of Al, B
and C and observed that a secondary phase (AlgB4C7) was formed during hot pressing
within the range of 1600°C to 1800°C with an applied pressure of 20 to 60 MPa. It was
suggested that a liquid phase, which coexisted with this compound, enhanced
densification. Suzuki [61] also reported on the densification of SIC by liquid phase
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sintering using aluminium and carbon. Stutz et al. [26] studied SIC sintering in the
presence of Al and B and reported that liquid formation that occurring the system SiC-
Al4Cs- B4C at 1780 or 1860°C enhanced densification.

1.2.5 Microstructural aspects

1.2.5.1 Effect of B, Al and C

Pioneering work of Prochazka [22] revealed that during sintering and hot pressing with
boron addition, B-SiC frequently transformed into a-SiC polytypes, mainly the 6H
form. Grain growth occurred at arate several orders of magnitude higher than the rate of
grain growth of 3-SiC. This phenomenon was unwanted as fine-grained microstructures
were the desirable product. Hamminger er al. [62] investigated the microstructures of
(B,C)- and (Al,C)-doped pressureless sintered SIC by wavelength dispersive X-ray
analysis, Auger electron spectroscopy and Micro-radiography. Clean grain boundaries
were detected in (B,C)-doped materials, while in (Al,C)-doped materials, the existence
of thin Al-containing grain boundary films was revealed. In a similar type of study,
Shinozaki et al. [63] and Greil and Stutz [64] found that addition of Al enhanced the [3
to a-phase transformation and subsequent basal plane growth of a-SiC which prevented
exaggerated grain growth. Homogeneous distribution of the Al additive lead to
homogeneously distributed fine a-SIC platelets. Without Al additions, -phase sheaths
were observed inside SiC grains that were very difficult to remove by heat treatment at
higher temperature. Greil and Stutz [64] improved the microstructure of sintered B-SiC
with 0.5 wt % B, 0.3 wt % Al and 1.5 wt % C by annealing between 1650-1850°C for
30 min before sintering at 2000°C. This prevented the formation of liquid phase, which
in turn hindered the SIC polytype transformation and exaggerated grain growth.

1.2.5.2 Role of oxide additives

During pressureless sintering of SIC with alumina, Suzuki and Sasaki [65] observed fine
plate-like interlocking grains. The grain growth proceeded predominantly in the basal
plane with increasing sintering time. Figure 1.11 summarises the three stages of
microstructural development. The sintered body had no secondary phase along the grain
boundaries, while aluminium oxide remained mainly at the triple points. Sasaki et al.

[66], in asimilar system, noted the presence of Si, C, Al, Caand O on the surface of SIC
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during pressureless sintering [65].

grains showing an intergranular fracture mode (2 wt % Al,Os, 5 h sintering). Micro-
structural examination of 3-SiC with addition of alumina-yttria revealed that most of the
grains were uniform and equiaxed [48]. XRD patterns showed the presence of
yttriaalumina-garnet eutectic liquid. B-to-a-SIC transformation was greatly reduced
due to low temperature sintering. A polytype analysis of the relevant SiC peaksin XRD
revealed that both the starting powder and the sintered body were dominated by the 6H
structure [52]. It was also observed that an amorphous grain-boundary film was present
between the SIC grains contrary to the findings of Suzuki and Masaki [65]. Grande et
al. [53] found that a homogeneously distributed secondary phase formed during
sintering of SIC with Al,Os-Y,03. Coarsening of this phase occurred with increasing
sintering time. An inhomogeneous microstructure developed during sintering at 1820°C
(LPS-SIC) and the secondary phase was identified as YAG crystals. Lee and Kim [67]
studied the pressureless sintering of 3-SIC and a-SiC powders with addition of Al,Os-
Y03 additives. The microstructure was highly dependant on the polytypes of the
starting SIC powders. The microstructure of SIC obtained from a-SIC powder was
composed of equiaxed grains, whereas SIC obtained from [3-SiIC powder was composed
of aplate-like grain structure resulting from the grain growth associated with the 3 - o
phase transformation. Kim et al. [68] annealed the hot pressed 3-SiC powders sintered
with large seed grains of a-SiC or 3-SiC at 1850°C and investigated the microstructural
development. The introduction of large seeds (0.44 pum as compared to 0.1 um 3-SiC
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powders) accelerated the grain growth of elongated large grains during annealing, in
which no appreciable 3 - a phase transformation occurred. It was also observed that
the growth of matrix grains was dlower in case of B-SIC seeds. A bimodal
microstructure of small and large elongated grains was obtained. In contrast, with a-SiC
seeds, a uniform microstructure of elongated grains was found. They concluded that
further optimisation of the microstructure could be possible with 3-SiC seeds because of

the remnant driving force for grain growth caused by the bimodal microstructure.

1.2.5.3 Effect of nitride and other additives

Rafaniello er al. [69] observed a phase separation leading to two phases having 2H
(wurtzite) structure after annealing hot pressed SiIC-AIN samples below ~2000°C. In a
later work, Zangvil and Ruh [70] showed that at 2100-2300°C, the 4H solid solution
was stable up to 14 mol % AIN whereas above 23 mol % AIN, the 2H () solid solution
was stable.

The system SIC-AIN-AI,OC was investigated by Kuo and Virkar [71], and they
also observed a homogeneous solid solution to undergo phase separation when anneal ed
at temperatures lower than ~1900°C. The two phases formed here were also of the 2H
type structure but with different compositions.

Both the SIC-AIN and SiC-AIN-AI,OC systems exhibited the formation of either a
modulated structure or very uniformly sized precipitates. The morphology of phase
separation in these two systems was originaly investigated by Kuo et al. [72,73]. In the
SIC-AIN system, a basket-weave type of morphology was observed whereas in the
AIN-Al,OC system, the microstructure contained disk-shaped precipitates. The
difference in morphology between the two systems was attributed to the
orientation-dependent elastic energy function following the approach of Mayo and
Tsakalakos [74]. Chen er al. [75] also observed the effect of coherency strain energy in
the SIC-AIN pseudobinary system. Modulated, coherent, tweed-type structures were
found at equimolar composition in the SIC-AIN system when annealed between
1600-1900°C. It was concluded that phase separation in this system under the
conditions of composition and annealing temperature occurred by spinodal
decomposition. In recent studies on the SIC-AIN-Y,Os; system, Nader [55] and
Wiedmann [76] found that after sintering in N, atmosphere, the phases present in the
system were mostly a-SiC (6H polytype) with Y10Al>Si3018N4 being the principle
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secondary crystalline phase. They also noticed that after prolonged annealing for several
hours at 1950°C, all the B-SIC transformed into a-SiC, mostly of the 6H and 4H
polytypes, whereas the Y 10Al,Si30:8N4 decomposed into some oxide phases.

The effect of sintering atmosphere on microstructure evolution in sintered 3-SiIC
(sintered at 2050°C for 1 h) was investigated by Jun et al. [57]. The microstructure
consisted mainly of equiaxed grains irrespective of sintering atmosphere and AIN
addition. However in samples which were annealed for 12 h at 1850°C after
densification, the growth of large elongated grains was observed although the total rate
of grain growth was low due to grain growth inhibition by N, atmosphere. N,

significantly retarded both the 3 - a transformation and the anisotropic grain growth.

1.2.6 M echanical properties
1.2.6.1 Strength

The strength of SIC sintered bodies depends on a number of factors including the
mechanical testing method, strain rate, temperature, impurity level, size distribution of
microstructural defects, and in some cases, on the orientation of the test specimen
relative to the original material [77]. It was reported that surface flaws drastically lower
the strength, which increases with increasing density of the sintered body. A study on
the influence of the mechanical testing method revealed that the values of strength
measured in tension were lower than those obtained in bending because a larger volume
of material was tested. Although bending strength was independent of the orientation of
the test specimen, higher values were obtained in the pressing direction of hot pressed
SIC [77]. Inclusions played a significant role in determining the strength of fully dense
material, as these inclusions were the crack initiating regions. The temperature
dependence of the strength of hot pressed SIC containing B additions had been
measured by Prochazka and Charies [78]. Edington et al. [77] aso reported on the
variation of bend strength with temperature in hot pressed SiC (Figure 1.12).

Dutta [79,80] in an extensive study noted that room temperature strengths were
somewhat higher than those at 1370°C. Surface oxidation at 1370°C was found to be
responsible for this phenomenon. Additions of boron and carbon were found to have
negligible effect on the room temperature flexural strength of a-SiC while the bending
strength at 1370°C was lower than the bending strength of commercially sintered a-SiC.
Similarly, the bending strength was lower at 1400°C than at room temperature in the
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case of both 2 wt % and 15 wt % Al,Os-added SIC [65]. However, bending strength
showed a tendency to increase with sintering time for both 2 wt % and 15 wt % Al,Os.
Jun et al. [57] reported the effects of additions of AIN, TiN additives to SIC and of the
sintering atmosphere on the flexural strength. When sintering was carried out in No/Ar
atmosphere, SIC with improved flexural strength was obtained due to a higher sintered
density and fine grain size. AIN addition also showed a similar influence on the flexural
strength. The bending strength increased with the amount of sintering aids. A maximum
average 3-point bending strength of 953 MPa was obtained in a sample sintered in
N2/Ar with 16 wt % sintering aids. This value was much higher as compared to
conventional Ar-sintered SIC [57]. Keppeler er al. [81] also investigated the high
temperature bending strength and concluded that a globular LPS-SIC material showed
an increase of strength in the temperature range between 1000°C to 1200°C due to
healing of flaws and surface cracks by a glassy phase formed by oxidation. Higher
strength will be achieved by proper microstructural design and minimising the size of

defects through improved manufacturing processes [1].
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Figure 1.12: The variation of bend strength with temperature in hot pressed SiC. The
open circles are three point bending data for a material hot pressed with B additives,
while the closed circles are four point bending measurements for the same material. The
open squares are three point bending data of the best boron containing material while
the closed triangles are also three point bending data of the same material but

containing coarse a-SiC grains [77].
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1.2.6.2 Fracturetoughness

The K, value of SIC was shown [82] to increase with decreasing grain size and
optimum fracture toughness was obtained for grain sizes less than 10 um. Schwetz and
Lipp [83] determined the value of K; a room temperature and at 1200°C using the
SENB (Single Edge Notched Beam) method for SIC sintered with the additive systems
B+C and AIl+C. The results showed that the room temperature K, values of both
materials were identical. However, with increasing temperature, the fracture toughness
also increased, and this was much more pronounced in the B+C system. Grathwohl er
al. [84] aso investigated a similar system and found that all materials exhibited a
moderate resistance against fatigue at 1300°C. The fracture mode was found to be
clearly different for B+C and Al+C additive systems.

Suzuki and Sasaki [65] reported the K¢ values of sintered SIC with 2 wt % and 15
wt % Al,O3 and found that K| increased with sintering time. After 24 h of sintering, the
sintered SiC with 15 wt % Al,O; revealed a K. of 5.7 MPam? which was twice the
fracture toughness of B-doped sintered o-SiC (2-3 MPamY?) [85]. This value was also
higher than K¢ of 3-4 MPam®? for an Al,Os-fluxed hot pressed SiC [85]. The K¢
values strongly depended on the aspect ratio of the grains. Higher aspect ratio increased
the K¢ value owing to the resulting microstructure with interlocking plate-like grains.
Improved fracture behaviour of novel SIC ceramics having rod-like whisker grains was
observed by Kodama and Miyoshi [86]. They concluded that the fracture toughness of
these ceramics was higher than that of ordinary SIC and its maximum value was 7.3
MPam¥?. Grain pullout, grain bridging and crack deflection were considered to be the
main operative mechanisms that led to improved fracture toughness. Based on these
toughening mechanisms, Lee and Kim [67] and Cao et al. [87] improved the fracture
toughness of 3-SiC sintered with Al-B-C additives. Lee and Kim [66] also showed that
with a-SIC starting powder, the fracture toughness increased slightly upon annealing
wheresas in the case of 3-SIC powder, it increased significantly which was attributed to
crack bridging and crack deflection by the plate-like grains. Keppeler et al. [81] also
observed a similar mechanism in a material liquid phase sintered from 99 wt % [(-SiC
and 1 wt % a-SIC, adthough they considered that pullout of platelets was not a
toughening mechanism as platelet grains with an orientation normal to the crack

propagation were broken without any debonding.
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1.2.6.3 Creep and high temper atur e strength

Creep of hot pressed SiC has been investigated between 1900°C and 2200°C and it was
concluded that the creep of these forms of SIC was controlled by grain boundary
diffusion which is influenced by free carbon [88,89]. The creep properties of SIC
sintered bodies containing Al were somewhat different from those which were produced
with B+C sintering additive. It was observed that the high temperature creep rate was
much higher than for those not containing Al because the aluminium accelerated the
diffusion within the materials [32]. Suzuki and Sasaki [65] confirmed that SIC with the
addition of Al,Os; had a higher creep rupture resistance up to 1200°C in air than
B-doped sintered a-SiC.

Yarnada and Mohri [1] reviewed that SIC possessed better high-temperature
strength at temperatures above 1000°C than any other materials, including metals. There
was a tendency for the strength of SIC to increase at high temperatures, and stress
relaxation at the crack tip was reported as a possible mechanism responsible for this.

1.2.6.4 Fatigueresistance

Suzuki [51] reported the results of static and low-cycle fatigue tests for Al,O3 doped
SIC. It was observed that in the static fatigue test, the time-to-rupture vs. stress curve
was virtually horizontal up to 1200°C, the number of fatigue cycles (N) being 100 or
more, and there was no evidence of slow crack growth. Another work [90] on a
comparable material exhibited an N value of 27 at 1200°C accompanied by fatigue. A
drop in the N value (for N = 27) and slow crack growth were aso observed for
Al,Os-added pressureless sintered SIC at 1400°C. The results of low cycle fatigue tests
were similar to those of the static fatigue test, indicating the superior fatigue resistance
of SiC sintered bodies.

1.2.7 Oxidation resistance

Suzuki [51], in his review, reported the oxidation-induced weight gain and change in
strength before or after oxidation of hot isostatically pressed (HIPed) SiC. It was found
that at 1200°C and 1300°C weight gain increases linearly with the sgquare root of
oxidation time and the kinetics are parabolic up to 1000 h. It was also noticed that
although room-temperature strength dropped by 11 %, there was no change in the
strength at 1300°C after oxidation for 1000 h.
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It was further concluded that the lower the alumina content, the better the resistance to
oxidation. A sintered body with a density of at least 99 % and containing less than 3 wt
% A1,03 exhibited superior oxidation resistance with a weight gain of less than 1
mg/cm? after oxidation for 2000 h at 1300°C [51].

1.3 Scope of the present investigation

Many studies have been carried out in recent years using rare-earth sesquioxides as
densification additives for SisNs and SIAION ceramics [3-8]. These new rare-earth
sesquioxides additive systems were introduced for the modification of the grain
boundaries by highly refractory crystaline rare-earth disilicates (RE»Si,O;) leading to
improved high temperature properties. Moreover, it has been observed that the
solubility of N in oxynitride glasses containing rare-earth oxides can reach higher levels
as compared to the conventional additive systems [89]. The glass transition
temperatures and softening points of oxynitride glasses are significantly higher than
those of silicate glasses [91], contributing to superior high-temperature properties of the
sintered ceramics. Combinations of either Al,Os; or AIN with Y,O3 (or a rare-earth
sesquioxide) have been reported to facilitate sintering to high densities tremendously
[47-51]. However, Al-containing compounds tend to compromise the refractoriness

because AI%*

can act both as a network former and a network modifier in silicate glasses
[92,93], thereby lowering their softening points. Therefore, additional efforts were
directed to replace the Al-containing compounds by using two different rare-earth

sesquioxides in combination. In this case, the melting point depression in the RE}, O3 -

RE O3 systems at intermediate composition is exploited for the formation of a liquid
phase. Based on this philosophy, rare-earth oxide-containing systems were introduced
into SIC as sintering additives in order to study the effect of these oxides on
sinterability, phase evolution and a-to-3-SIC transformation, oxidation behaviour,

mechanical and high temperature thermo-mechanical behaviour.



2 Fundamentals

This chapter explains the theory and basic mechanisms of liquid phase sintering as far as
it is applicable to the present investigation. Apart from that, criteria for selecting
individual rare earth sesquioxides as candidates for sintering additives of SIC are
elaborated. Basic principles and explanations are given on important mechanical
properties like fracture toughness, strength and thermo-mechanica behaviour. Oxidation
mechanisms are discussed in the light of different rare earth cations and phase

composition.
2.1 Sintering theory

The technique of liquid phase sintering is quite old and has been used in the manufacture
of ceramics for many centuries [94]. Liquid phase sintering is of great value in fabricating
several unique materials to near net shapes and will continue to expand in application as
the fundamenta attributes are better appreciated. Liquid phase sintering is classically
defined as sintering involving a particul ate solid and coexisting liquid during the sintering
process. The liquid can result from melting of one component or formation of a eutectic
due to the interaction of two or more components. The liquid may be transient or
persistent during sintering depending on the solubility relationships. The kinetics of
liquid phase sintering largely depend on the solubility of the solid in the liquid, the
interfacial energies between the liquid and solid phases (wetting), and the penetration of
the liquid along solid-solid grain boundaries. These variables, coupled with processing
parameters like particle size and size distribution, sintering temperature, time, atmosphere
and green density, have large effects on the characteristics of materials formed by liquid
phase sintering. The interdependence of all of these factors contributes to the difficulty in
understanding the mechanisms of liquid phase sintering.

The mechanisms of liquid phase sintering have been extensively discussed by
Kingery [94,95], Petzow et al. [96] and German [97]. Classically, the following sequence
of sintering stages is thought to be prevailing.
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1. Particle rearrangement

Densification results from particle rearrangement under the influence of capillary forces
and the filling of pores by the liquid phase. Due to this mechanism, much faster
densification occurs during the early stage of sintering than in solid state sintering.
Parameters like the liquid volume fraction, solubility, green density, temperature, wetting,
etc., strongly affect this process.

2. Solution-reprecipitation

A genera attribute of solution-reprecipitation processes is microstructural devel opment,
shape accommodation and grain growth. Due to the chemical potential gradient generated
by capillary forces, smaller grains dissolve in the liquid and through diffusion, matter is
transported to the larger grains where it re-precipitates. This process is analogous to
Ostwald ripening. The process dters the grain shape, commonly termed as grain shape
accommodation, thus leading to pore elimination, and hence shrinkage and densification
OCCurs.

3. Solid-state or skeleton sintering

The last stage is referred to as solid state controlled sintering. The overall shrinkage and
densification is very duggish due to the rigidity of the solid skeleton that inhibits further
rearrangement, although microstructural coarsening continues by grain boundary
diffusion. A schematic diagram of atypical shrinkage curve showing the three stages of
liquid phase sintering is presented in Figure 2.1.

Shrinkage (%)

1 10 100 1000
Time (mn)

Figure 2.1: Schematic shrinkage curve for the three stages of liquid phase sintering.
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2.2 Rare earth sesquioxides as components of additive systems

2.2.1 Roleof rareearth oxides

One problem associated with the use of additivesin liquid phase sintering processesis the
resultant degradation of high temperature properties due to residual glassy grain boundary
phases [98,99]. The basic phenomenon can be explained by the Zachariasen-Warren
model for oxide glasses [100]. Cations of the additives enter into the voids formed by
SiO4* tetrahedra as network modifiers, leading to more open structures which in turn
lowers the glass transition temperature [92,93] (Figure 2.2). Addition of rare earth (RE)
oxides also exhibits similar behaviour within the silica network [101,102]. However,
replacing Y** with smaller rare earth cations (e.g. Lu*) increases the glass transition
temperature. In this regard, their advantage over the conventional additive systems
(Al,03-Y 2,03 or AIN-Y,03) is the more refractory nature of grain boundary phase formed

in rare earth oxide systems. On the other hand, AI**

, having an amphoteric nature in the
silicate structure, leads to formation of non-bridging oxygens by substituting Si** (glass
former with reduced number of bonds) and at the same time creates a more open structure
by breaking the Si—O bonds in the silica network (glass modifier) [103,104] (Figure

2.2(b)). Both effects lead to a drop in glass transition temperature [103]. So, in Al**-free

(a) a-SiO, (Si: “Network former”) (b) a-SiO, / AI**, RE®* (“Network modifier”)

Figure 2.2: Schematic view of (a) a pure silica network and (b) silica network after

addition of another cation.
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RE,O3-based additive systems, increase in glass transition temperature may be possiblein
two ways.

In general, the physical properties of a glass are predominantly controlled by the
bond strength between cations (Si** or the cation of oxide additives) and the anions (O%).
The high temperature properties of a SIO,—based glass are believed to be determined by
the weakest bond [105]. The bond strength is characterised as a “field strength” which is
proportional to the ionic charge and the reciprocal of the ion size [106] and is expressed

as:

_ Z,e’.e 0 1

¢ a’ 471,

F (2.2)

where F. is the field strength, Z, is the charge of the anion, Z; is the charge of the cation,
e is the elementary electric charge, a is the distance between the center of the two ions

and &, isthe vacuum dielectric constant.

Considering the crystal field theory, the bond strength between the cation of the
oxide additive and the oxygen ion is expected to increase with decreasing cationic radius.
It is aso known that in some complex oxides, trivalent rare earth ions take higher
coordination states compared to other trivalent cations (i.e., CN > 6) [93]. This is also
attributed to the strong ionicity of the RE-O bond and will lead to different ordering in

the glass structure that may influence the glass transition temperature.

2.2.2 Criteriafor the selection of rare earth oxides

1. Méting point depression

The rare earth sesquioxides are oxides with very high melting point (ranging from 2200-
2500°C). This limits their use as single component sintering additives. But a combination
of two or more oxides along with SIO, (present on the surface of SIC) can lead to a
melting point depression of 300-400°C (see the Sc,0s-Y 03 phase diagram in Figure 2.3
[107]), alowing liquid phase sintering within viable temperature regions. So far, very

little literature has been published on the phase diagrams of these oxide systems, hence
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the well-established Sc,Os-rare earth oxide systems were used as a guideline in these
investigations.
2. Cationic radiusdifference

It has been observed that when the ratio of the ionic radii, r__.. / roe ISgreater than 1.2,

an orthorhombic perovskite type of structure is formed leading to more complicated
phase diagrams (e.g., the Sc,0s-La03 phase diagram in Figure 2.3 [107]). The resultant
eutectics between ScREO; and the end members usualy do not cause melting at
temperatures significantly lower than 2000°C. The melting point depression that arises

for those combinations with r__,. / r... < 1.2 leadsto melting in combination with the

SC3+

SO, present asimpuritiesin SIC powders.
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Figure2.3: The Sc,0s-rare earth sesquioxide phase diagrams [ 107].

In order to classify these two types of phase diagrams, a tolerance factor, t, was
introduced :

t= (Ra+ R)/V2(Re + Ry) (2.2)
where Ry, Rz and R, are the radius of the larger cation, smaller cation and anion,

respectively. It has been shown that perovskite-type compounds may form if the tolerance
factor lies between 0.825 and 1 [107].
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2.3 Theory on mechanical properties

2.3.1 Strength of ceramics

Tensile testing of ceramics is not only time consuming, but it is aso expensive to
fabricate the specimens. Therefore, the easier-to-handle transverse bending or flexure test
is commonly used for determining the strength of ceramics. Here, the specimen is loaded
up to failure in either three- or four-point bending geometry. The maximum stress or
stress at fracture is commonly referred to as fracture strength. For rectangular cross

sections, the fracture strength in four-point bending is given by :

Op = gaw (2.3)

bh?

where F is the force (N), |, is the length between two outer supports (40 mm), |; is the
length between two inner supports (20 mm), b and h are the breadth and height of the
specimen, respectively.

The flexura strength of a sintered body is strongly dependent on such factors as
size, shape, density, and distribution of residual pores, agglomerates, surface flaws,
inclusions and their distribution, grain size and grain boundary properties (bonding
strength).

Pores are usually quite deleterious to the strength of ceramics not only because
they reduce the cross-sectional area over which the load is applied, but also because they
act as stress concentrators. Typically, the strength and the porosity have been related by
the following empirical relationship [108] :

o, =0, (2.4)

where P, g, and g, are, respectively, the volume fraction of the pores and the strength

of the specimen with and without porosity. B is a constant and depends on the distribution

and morphology of the pores.
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Agglomerates and large grains cause degradation in strength. During sintering, the rapid
densification regions containing agglomerates can induce stresses within the surrounding
compact facilitating the formation of voids and cracks. Anisotropic large grains often
produce mismatch in thermal expansion and eastic modulus and act as flaws in a
homogeneous matrix.

Surface flaws can also degrade the mechanical performance to a greater extent.
They can be a result of post-fabrication machining operations, or accidental damage to
the surface during use. During high temperature testing, grain boundary grooving can
result in lower flexural strength. According to the Griffith criterion [109], the fracture
stress is expected to decrease with increasing flaw size.

Empirically, the strength of ceramics (0) shows an inverse correlation with the

average grain size (G). In general, the o vs. 5_% relationship for ceramic materials
shows two branches : one branch at larger grain sizes showing a strong grain size
dependence of the strength (Orowan branch), and another branch at smaller grain sizes
where extrinsic factors, such as, surface finish, preferred orientation, pores and inclusions
dictate the strength of the ceramics (Petch or Hall-Petch branch) [110]. Carniglia [111]
suggested that microplasticity was the failure mechanism for the fine-grain branch
whereas for large grains, Griffith flaw failure operates with the critical flaw dimensions

being close to the grain size. So, invoking the Orowan-Petch relationship, one expects the

strength to be proportiona to G RE for larger grain size [110]. In the present
investigation, Orowan branch behaviour is ruled out as the grain sizes lie between 1-5
pm.

Apart from the above-mentioned factors, residual stresses, crack velocity, elastic
anisotropy and temperature influence the flexural strength of ceramics [110].
Strengthening can occur by introduction of a compressive surface layer that inhibits
surface cracks to propagate. Similar strengthening can occur when a protective, usually
oxide, layer forms on the surface, which tends to blunt and partially hea pre-existing
flaws or surface cracks leading to higher strength values. On the contrary, during high
temperature testing, surface pits or etching of the surfaces occur that can result in a drop

in strength. At high temperature, ceramics containing amorphous intergranular phases
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exhibit a drop in strength value which is usually related to the softening of the above
mentioned phases.

2.3.2 Fracture toughness

Vickers hardness indentations as a means to measure the K. have become quite popular
due to the simplicity of the method. In this method, a diamond indenter is penetrated into
the surface of the specimen to be tested. Upon removal of the indenter, the lengths of the
cracks that emanate from the edges of the indent are measured, and the Vickers hardness
H in GPa of the material is calculated [108]. A number of empirical and semi-empirical
relationships have been proposed relating K to the crack length, and in general the
expression take the form as given below [112] :

K =®+aH (Ejm f(Ej (2.5)

a

where @ is a geometric constant, E is Young's modulus, f is a geometric function
depending on the crack length (c) and the diagonal of the Vickers indentation (2a). It
should be emphasised that the K. values measured by this technique are usually not as
precise as those from other macroscopic tests, especialy the single edge V-notched beam
(SEVNB) test [108].

The average stress intensity at the crack tip is reduced in polycrystalline materials
containing glassy grain-boundary phases, as the crack is deflected aong the weak grain
boundaries. This is because the stress is no longer always norma to the crack plane

leading to an increase in the fracture toughness which can be calculated by the equation :
o
Kyp = (0053 Ej K aop (2.6)

where Kiip = stress intensity at tip, Kapp = applied stressintensity and &= deflection angle
[108].
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In crack-bridging situations, the toughening results from bridging of the crack surfaces
behind the crack tip by a strong reinforcing phase. These bridging ligaments generate

closure forces due to elastic stretching and hence reduce the crack-tip stress[113].

2.3.3Creep

Progressive deformation of a material at constant stress is called creep. The creep
response of a solid can be obtained by measuring the strain rate as a function of the
applied load. Typically, strain versus time curves (Figure 2.4) are obtained by measuring
the deformation as a function of time at constant load or stress at a specific temperature.
In general, three regions can be observed in an ideal creep curve: (1) primary creep where
the creep rate decreases with time, (2) secondary or steady state creep in which the creep
rate changes little with time and (3) finally, tertiary creep where the strain rate increases
rapidly with time prior to fracture. In liquid phase sintered ceramics, the secondary creep

region is usually not reached within experimentally accessible timeintervals.
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Figure 2.4: Typical strain versustime creep curves showing three regions of creep [107].
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Another way of representing creep data is by plotting the logarithm of the steady-state
creep rate (&) versus the logarithm of the applied stress (o) at a constant temperature.
Such curves usually yield straight lines, which can be expressed mathematically like the
following [108] :

2.7)

where I is a temperature-dependent constant, and P is called the power law exponent.
The value of P generally lies between 1 and 8.

A great deal of research has been carried out to elucidate the mechanisms leading
to the observed functional dependence of the creep rate. The main creep deformation
mechanisms can be grouped into three categories: diffusion, viscous flow, or dislocation
creep.

Depending on the material transport path (either bulk or grain boundary),
diffusional creep mechanisms can be classified into two groups namely Nabarro-Herring
and Coble creep. At higher temperatures, Nabarro-Herring creep is predominant, i.e.,
diffusion occurs through the bulk. The strain rate is given by [108] :

. _80Q,D
g=———1

2.8
kT G? 28)

where Q, = atomic volume, D; = diffusivity of the atom and G = grain size.

However, at lower temperature, or for very fine-grained solids, grain boundary

diffusion is predominant leading to Coble creep, and the creep rate becomes [108] :

Q. 0, D
g‘=w#b39b (2.9)

where = grain boundary width with W' is a numerica constant =147, Dy, = grain

boundary diffusivity.
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Viscous creep is significant for many structural ceramics containing glassy gran
boundary phases and it is now well known that for many of them, the main creep
mechanisms are not diffusional but rather result from the softening and viscous flow of
these glassy phases. Several mechanisms have been reported to explain the observed
phenomena, among which the following three are most important: (1) solution-
reprecipitation, which is similar to the process observed in liquid phase sintering, (2)
viscous flow, where the glass phase softens at higher temperature resulting in a flow of
the intergranular glassy phase under an applied stress and (3) viscous creep cavitation
where the time-dependent accumulation of creep damage (either bulk or localised
damage) eventually causes failure of the material. The damage accumulation depends on
severa factors such as microstructure, volume of the amorphous phase, temperature and
applied stress. The mechanisms (1) to (3) are usualy associated with power law
exponentsin therange 1 to 3.

Didocation cregp mechanisms are operative at higher temperature and applied
stress where the power law exponents are in the range of 3 to 8. Creep occurs by
movement of atoms from the region of compresson to the region of tension via
dislocation glide or climb.
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Figure 2.5: Effect of grain size on normalised creep rate versus normalised stress [ 108] .
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Grain size adso influences the creep behaviour at lower stress levels. Figure 2.5
schematically summarises the creep behaviour over a wide range of applied stress as a
function of the grain size, neglecting viscous creep mechanisms (power law exponent >
3). From the figure, it is obvious that small grains are detrimental to the creep rate at

lower stress.

2.3.3.1 Formulation of creep parameters
The steady state creep deformation of ceramics under sustained loading conditions
normally exhibits a power-law stress-dependent behaviour [114]. The stationary creep is

expressed by Norton’ s power-law for elementary analysis :
=AD" YN (2.10)

where & is the secondary creep rate, A is a pre-exponential constant, n is the stress
exponent, Q is the activation energy associated with the operating creep mechanism, Ris
the universal gas constant and T is the test temperaturein K.

Although four-point bending creep tests have essential advantages in the testing
procedure as compared to tensile or compression creep tests, they do not provide an
accurate analysis of the creep test results in terms of creep mechanisms due to certain
assumptions.

In the present analysis, the assumption is made, after Hollenberg et al. [115], that
the part of the sample which experiences tensile stress behaves similar to its compressive
counterpart. This ssimplifies the analysis substantially and allows the solutions to be
presented in closed form, as the neutral axis is assumed to be located at the geometric
center of the rectangular bending specimen irrespective of the magnitude of the applied
load.

The stationary stress distribution over a bending bar of height h was given by

Timoshenko [116]. He formulated the stress in the outer fiber (o, ), i.e., & h2, which

isgiven by :
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_3(,-1))F (2n+1)
e bh? 3n

(2.11)

where |, and |; are the length between the two outer and inner supports, respectively, F =
force, b = breadth of the specimen, n = stress exponent.

In polycrystalline SiC-ceramics containing a secondary phase, grain boundary
diffusion along with grain boundary diding play predominant roles in creep deformation
[117-120]. These creep mechanisms exhibit a stress exponent of n ~ 1 a T < 1500°C in
air. So, by inserting n = 1, the stress can be cal culated based on elastic theory and is given
as:

_3(,-1)F

O o oh? (2.12)

Specimen displacement under constant load is calculated from geometric

considerations and for small deflections, the maximum strain is formulated as[115] :

_4h

T2

<

<=

) (2.13)

where ¢ is the maximum strain in the outer fiber, Jis the deflection at the loading points

and sisthe distance between the loading points (s = I;).

2.4 Oxidation

In recent years much work has been done to elucidate the oxidation processes in SizNy-
and SiC-based ceramics. In spite of rigorous efforts, however, there is still no genera
agreement on the factors governing the oxidation kinetics. Silicon-based ceramics exhibit
two types of oxidation behaviour, passive and active oxidation, depending on partial

pressure and temperature [121,122]. Passive oxidation is observed under high oxygen
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partial pressure, in which a protective SIO, film prevents further oxidation. In the case of
silicon carbide oxidation, this can be expressed as :

SIC () +3/20,(g) — S0, () + CO () (2.14)

Active oxidation occurs at low oxygen partia pressure, and no protective films
are expected in this case because of significant SiO vapour formation following the
equation :

SIC(5) +02(g) - SIO(g) + CO(g) (2.15)

Passive and active oxidation leads to mass gain and loss, respectively. Under
normal atmospheric conditions, the passive oxidation predominates. In dry atmosphere,
the oxidation mechanism of SiC can be explained in terms of a parabolic rate law below
the melting point of cristobalite (1728°C) [123]. The oxidation behaviour of sintered

specimens containing additives, in particular, obeys a parabolic rate law of thetype:
AW?= Kt + Q (2.16)

where AW is the weight gain per unit surface area, k, is the rate constant of parabolic
oxidation, t is the exposure time and Q is an additive constant (ideally = 0). The parabolic
equation, which can be derived from Fick’s first law of diffusion, implies that the
oxidation rate is diffusion controlled, either by oxygen diffusing through a growing
silicalsilicate layer or by cations diffusing through the oxide layer in the opposite
direction. It is also quite clear that the oxidation behaviour is not only dependent on the
partial pressure of O, and on the temperature, but also on the grain boundary phase

composition, structure and amount in case of LPS-SIC ceramics[124].



3 Experimental procedures

3.1 Preparation of LPS-SIC ceramics

3.1.1 Raw materials and greenbody fabrication

The starting materials used to fabricate green bodies are commercialy available a-SiC,
B-SIC, RE,O3 (RE = Gd, Dy, Ho, Er, Lu, Y, Sc) and AIN powders. The characteristics
of these powders are given in Table 3.1. Compositional variation is done by combining
either two rare earth sesquioxides or AIN and Lu,Os in equimolar amounts or different
molar ratio in the additive systems. The powder specifications and denominations are
detailled in Table 3.2. Sintering experiments are performed in order to test the

effectiveness of these additives for complete densification of SiC.

Table 3.1: Characteristics of starting ceramic powders

Powder | Manufacturer Chemical Particle Size Distribution Specific | Density
Analysis dio(Hm)  dso(Hm) deo(um) | Area | (glem?)
(Wt%) (m?/g)
A-10, C-30.0, 0-0.9,
a-Sic H.C.Starck Al-0.03, Ca-0.01, 0.18 0.51 1.43 111 3.22
Germany Fe-0.05
BF-12, C-30.0, O-1.2,
B-SiC H.C.Starck Al-0.05, Ca 0.25 0.89 35 17.8 3.22
Germany 0.005, Fe-0.03
AIN Grade C, N-30.0, C-0.1, 0.34 0.92 3.07 5.0 3.26
H.C.Starck 0-2.5, Fe-0.005
Y05 Grade C, Al-0.005, Ca- 121 4.48 8.08 12.9 5.02
H.C.Starck 0.003, Fe-0.005
Gd,03 99.99% Gd ~1-2 um 7.41
Dy,0s STREM 99.90% Dy <65 pm 7.81
Er,0; | CHEMICALS 99.99% Er <65 um 0 8.66
Lu,O3 USA 99.90% Lu 0 9.45
Sc,03 99.90% Sc <65um 3.85
Ho,03 AlfaAesar, 99.99% Ho 4-5pum O 8.36
Germany
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The powder mixtures are prepared by attrition milling for 4 h in isopropanol with SisNy4
milling media using a polyamide container and stirrer. The durry is separated from the
milling media via a sieve chain and is subsequently dried in a vacuum evaporator.
Completely dried powders are obtained after 15 h of drying at 60°C in a drying oven.
The processed powders are then sieved to obtain granules with a maximum size of 160
um. Then the premixes are encapsulated within rubber dies and cold isostatically
pressed (Paul Schaefer, KIP 100) at a pressure of 240 MPa for bar-shaped specimens of
the dimension ~55 mm x 15 mm x 12 mm or at a pressure of 600 MPa into cylinders of

15 mm o x 12 mm. A flow chart of the preparation method is sketched in Figure 3.1.

Table 3.2: Specifications of the starting powders

Powder SC Additive | a-SiC:B-SIC | Additive composition
Denomination | (vol%) (vol%) (mol %) (mol%)
1Gd-1Er 90 10 10:90 50Gd;03: 50Er,03
1Gd-1Ho 90 10 10:90 50Gd,03: 50H0,03
1Gd-1Lu 90 10 10:90 50Gd;03: 50Lu,O5
Sc 90 10 10:90 100Sc,05
Lu 90 10 10:90 100L ux05
1Dy-1Lu 90 10 10:90 50Dy,03: 50LuOs
1Dy-1Ho 90 10 10:90 50Dy,05: 50H0,03
2Dy-1Ho 90 10 10:90 66.7Dy»03: 33.3 H003
1Dy-2Ho 90 10 10:90 33.3Dy,03: 66.7 H0,05
1Dy-1Y 90 10 10:90 50Dy,03: 50Y 203
1Ho-1Lu 90 10 10:90 50H0,03: 50Lu,03
1Lu-1AIN 90 10 10:90 50 LuyOs: 50AIN
2Lu-1AIN 90 10 10:90 66.7Lu,03: 33.3AIN
1Lu-2AIN 90 10 10:90 33.3Lu,03: 66.7AIN
1Y-1Lu 90 10 10:90 50Y 203 : 50Lu,03
1Y-1AIN 90 10 10:90 50Y,03: 50AIN
3Y-2AIN 90 10 10:90 60Y,03: 40AIN
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Figure 3.1: Schematic diagram of sample preparation method.

3.1.2 Dilatometric studies

In order to understand the densification behaviour of different powder compositions, a
series of dilatometric experiments are performed with a high temperature differential
dilatometer. Cylindrical samples (8 mm 0 x 12 mm) are weighed and placed inside a
graphite heated furnace (FCT F8205) containing the dilatometric set-up. The linear
shrinkage is monitored as a function of temperature with the help of an integrated PC-
software. The samples are first heated in vacuum upto 1100°C, then under an
overpressure of 0.2 MPa N, until 2150°C. The heating rate is 20 K/min upto 1500°C,
followed by 10 K/min to 2150°C with a holding time of 15 min at the peak temperature.
The schematic dilatometric heating and cooling cycleis depicted in Figure 3.2.
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2150°C

Temperature (°C)

Time (min)

Figure 3.2: Schematic diagram of dilatometric cycle.

3.1.3 Densification process

The densification behaviour is investigated by using two different graphite heated gas
pressure furnaces manufactured by Astro Industries (USA) and FCT (Germany),
respectively. Temperature is controlled by a boron carbide/graphite thermocouple in the
case of the Astro furnace and by pyrometer in the case of the FCT F8205 furnace. The
maximum gas pressure that can be achieved is 1.5 MPa with the Astro furnace and 10
MPa with the FCT furnace. In a later stage, sintering experiments are performed in the
FCT furnace utilizing nitrogen or argon atmospheres. The densification behaviour is
monitored as a function of different temperature cycles and gas atmospheres in order to
optimise the sintering conditions. The peak temperature is varied from 1875°C to
2150°C. The heating rate is selected as 20 K/min from room temperature to 1500°C and
then 10 K/min to the sintering temperature. Selection of the sintering temperature
depends on the additive system, with the main objective to get fully dense samples after
sintering. The first stage of sintering is carried out under a slight N, or Ar overpressure

of 0.2 MPa for 30 min, followed by a pressure sintering cycle of 30 min at the same
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temperature under 10 MPa N, or Ar to achieve complete densification. A schematic

diagram of the sintering cycleis shown in Figure 3.3.

Temperature (°C)

20 K/min

1500°C

10 K/min

30 min 30min

sinter

r=—"
1

lloMPé\
’NZ/AF \

10 K/min

I

I

1 \
1
1

I
/0.5 MPa/min

Time (min)

3.1.4 Annealing treatment

Figure 3.3: Schematic diagram of sintering schedule.

Annealing schedules are performed in the same graphite furnaces as the sintering
cycles, at a dight overpressure of 0.2 MPa N,. The specimens are kept in a graphite
crucible and annealed at 1950°C for different times to observe the B —» a-SIC phase

transformation. The heating and cooling rates are kept at 10 K/min.

3.2 Characterisation of the ceramics

3.2.1 Sintered density and mass loss
The sintered densities are measured using Archimedes water displacement method :
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m. [
0= L0y
ms —m,

where ps = sintered density (g/cm®), o = density of water at room temperature (~1

(3.1)

g/cm®), ms = mass of the sintered body (g) and m, = mass of the sintered body in water
(9).

The relative densities (or¢) are calculated by dividing the sintered density (os) by
the theoretical density (an). The theoretical densities are calculated from the rule of
mixtures, and in order to incorporate the effect of phase transformations, another set of
theoretical densities is determined by Helium pycnometry.

Mass losses (Am) of the specimens are measured by using the following
formula:

Am=""e""s 09 32)
mg

where m; = mass of the green body (g).

3.2.2 X-ray diffractometry

X-ray powder diffractometry (XRD) is performed in a Siemens D5000 X-ray
diffractometer using filtered CuK, radiation with a wavelength of 1 = 1.5406A on
sintered and annealed samples. Qualitative phase analysis [125] is accomplished by
comparison with JCPDS standards [126]. The sintered and annealed bodies are ground
to fine powders to eliminate texture effects. Bulk oxidised and crept specimens are
analysed to evaluate possible texturing and to identify the crystalline phases that evolve
during oxidation and creep tests. The X-ray diffraction patterns are analysed by using
Siemens DIFFRAC-AT software for identifying the phases present and for measuring
the extent of B — a-SiC conversion. The percentage of a-SiC formed upon annealing is
calculated from the ratio of the relative intensities of the (101) reflection of the a-SiIC
polytype 6H (F) and the SIC reflection with maximum intensity (Fmax), followed by
comparison of that ratio with a calibration curve (Figure 3.4) established by Nader [50].
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Figure 3.4: Percentage a -SCvs. intensity ratio [50].

3.2.3 Metallography

For scanning electron microscopy observations, the specimens are Cu-resin mounted
(Wirtz Resin 11) and polished with a semi-automatic polishing machine (Struers
Pedemax I1). At first, the mounted samples are ground with a diamond wheel (60 um) to
flatten the surface. Polishing is done using the diamond suspensions DP-PLAN of size
15 pm and DP-DAC of sizes 6, 3 and | um. After polishing, the specimens are
dismounted and plasma etched using a RF Plasma Barrel Etcher (Biorad PT7150) for
3-3.5min in amixture of CF, and O at 1:1 ratio.

3.2.4 Scanning electron microscopy and X-ray microanalysis

Microstructures of the sintered, annealed, crept and oxidised specimens are examined
with scanning electron microscopes (SEM) of types S200, Cambridge Instruments, and
DSM 982 GEMINI, Zeiss, the latter equipped with a thermal Schottky field emission
cathode. The characteristic X-rays emitted due to electron bombardment are analysed by
energy dispersive spectrometry (EDS) in order to obtain qualitative and quantitative
compositional information from aregion of about 1 um diameter (however, EDS is not
an effective tool for light element analysis (Z < 10 ), limiting exact compositional
determination). The specimens for SEM observation and EDS analysis are mirror
polished to 1 um. Instead of plasma etching, carbon coating is performed on the
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specimens in order to obtain precise compositional measurements and to avoid charging
effects.

3.2.5 Transmission el ectron microscopy

Energy filtered transmision electron microscopy (EFTEM) is carried out using an
instrument with maximum accelerating voltage of 120 keV (Zeiss EM 912 Omega). The
point resolution of thisinstrument is 3.8 A. For the TEM observation, specimens are cut
from the bulk materials to obtain thin dslices (<1 mm). With the help of a hollow
ultrasonic drill (Gatan Model 601), a3 mm o x 1 mm disk is obtained. The disk is then
glued to the centre of a Gatan disk grinder and ground and polished to a 100 um thin
foil with a surface finish of ¥ um. Dimpling of this thin foil is done in a dimpling
apparatus (Gatan Model 656) to get a thinner core of about 20-30 pm thickness. The
thin disk is then dismounted and further glued to a copper ring of 3 mm diameter for
mechanical support. lon-beam milling is performed in a precision ion polishing system
(PIPS, Gatan Model 691) at an accelerating voltage of 4-6 keV with the Ar ion beam
aligned at an angle of 7-10° to the surface of the specimen for several hours. When a
hole is observed at the centre of the specimen, a 2 keV beam is used to remove the
amorphous layer. Finally, a TEM specimen is obtained with an electron transparent
edge of 10 to 100 nm thickness.

3.3 Mechanical propertiesevaluation

Room temperature indentation hardness, fracture toughness of sintered and annealed
samples, and 4-point bending strength of sintered and annealed specimens at room
temperature and at high temperature (1200°C, 1400°C and 1500°C) are measured as
representative mechanical properties. Creep tests are extensively performed in order to
evaluate the mechanical stability at high temperatures. High temperature compliance
tests are al'so an useful tool to establish high temperature performance.

3.3.1 Room temper atur e fracture toughness

The fracture toughness of sintered and annealed samples is determined by using the
Vickers indentation method. The samples are polished to a surface finish of | um and
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mounted in a specimen holder. For each specimen, 12 indentations are made by a
Vickers hardness tester (Buehler Micromet 1) with aload of 5 kg at a constant loading
speed of 70 um/s and a loading time of 15 s. After measuring the crack length and
diagonals of the indentation, a software cal cul ates the fracture toughness value using the

following formula[112] :

E 3
Kic= 0.016 - \/; F-L2 (3.9

where E = Young's modulus, taken as 400 GPa for SiC ceramics, H = Vickers hardness
(GPa), F = Load (N), L = Crack length (um).
The hardness (H) is calculated by the formula [108] :

F

H

where dy = diagonals of Vickersindentation (um).

3.3.2 Bending strength

Four-point bending strength measurements of as sintered and annealed specimens are
performed at room temperature and at high temperatures between 1200°C to 1500°C in
air. For strength measurements, bar-shaped samples (3 x 4 x 50 mm®) are used. The
tensile surface of the test specimens is polished to 3 um diamond finish and the tensile
edges are beveled to avoid stress concentrations and large edge flaws caused by
sectioning. The distances between the inner and outer |oad application points are l; = 20
mm and |, = 40 mm, respectively.

Room temperature testing is carried out with a testing machine (Schenck
Hydropuls PSA 2017) with a cross head speed of 5 mm/s. For each composition, at |east
6 specimens of the dimension 3 mm x 4 mm x 50 mm (see Figure 3.5) are tested.
Specia care is taken during specimen preparation in order to avoid any occurrence of

surface flaws.
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Figure 3.5: Schematic drawing of 4-point bending strength specimen.

High temperature tests are performed at 1200°C, 1400°C and 1500°C with a Zwick
1476 universal test machine coupled with an ATS furnace. The specimens are heated up
at a rate of 10 K/min to 50°C below the testing temperature and then at a rate of 5
K/min up to the test temperature. This heating profile is followed in order to avoid
thermal shock. A dwell time of 10 min is allowed to ensure a homogeneous temperature
during testing. The specimens are loaded with a constant cross head displacement rate
of 0.1 mm/s.
The bending strength is cal culated according to the following formula[108] :

F (lo _li)

g = 3.
4 2 b h?

p

(3.5)

where aa, = 4-point bending strength (MPa), F = force (N), |, = length between the two
outer supports (40mm), |; = length between the two inner supports (20mm), b = breadth

of the specimen (mm) and h = height of the specimen (mm).
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3.3.3Creep

Various materials are chosen for measuring their creep resistance by using four-point
bend testing. The test is conducted with as-sintered and annealed specimens in air, at
temperatures ranging from 1200 to 1500°C. The bar specimens used for creep testing
are identical to those used for bending strength measurements. The stress (o) is
calculated assuming elastic response to the imposed bending moment (given by
equation (3.5)). The strain (&) is calculated using the actual specimen displacement Af
relative to the inner load application points and can be expressed as :

(3.6)

Specimen displacement is measured by using a three-rod system connected to a position
encoder outside the hot zone to provide the differential measure Af [127]. Four-point
bending creep rate measurements are performed at temperatures of 1200, 1300, 1400,
and 1500°C with different applied stress levels varying from 50 MPato 300 MPa for a
maximum duration of 60 h. The specimens are heated at a rate of 10 K/min to 50°C
below the test temperature, then at 5 K/min to the final test temperature, and held for 45
min for temperature homogenization. The samples are loaded with a constant cross head
speed of 0.002 mm/s and the constant stress level is maintained within the range of £ 1
M Pa.

3.3.4 High temperatur e compliance testing

The samples as well as the experimental setup used for this experiment are similar to
those used for the measurement of high temperature 4-point bend strength. The
specimens are heated to temperatures between 850°C and 1450°C at intervals of 150°C.
The heating rate up to 1300°C is 10 K/min, followed by 5 K/min to the peak
temperature of 1450°C. Transient loading to 100 MPa with a cross head speed of 0.1
mm/s is used at each of the temperature stops of 850, 1000, 1150, 1300 and 1450°C.

Prior to loading, a holding time of 10 minis alowed for temperature homogenization.
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3.4 Oxidation

Oxidation experiments are carried out at different temperatures varying from 1200°C to
1500°C over aperiod of 100 h in air. Rectangular pellets (2 mm x 10 mm x 17 mm) are
cut from the bulk specimen with a diamond saw, ground and carefully mirror polished
to 3 um with diamond paste. Prior to oxidation, the specimens are cleaned in an
ultrasonic bath and degreased with acetone and alcohol. Dried pellets are then weighed
accurately and the exact dimensions are measured for calculating the surface area. The
experiments are carried out in a horizontal tube furnace preheated to the oxidation
temperatures. Inside the furnace, the samples are placed on a HIPed SiC block to avoid
reaction with the sample holder. The weight gain as a function of time is recorded by
intermittently removing the specimens from the furnace after 1 to 36 h intervals for
weighing and then putting them back. The samples are slowly inserted and taken out in
order to maintain heating and cooling rates of < 50 K/min for avoiding thermal

cracking.



4 Sintering kinetics and microstructural design

This chapter describes the selection process of rare-earth sesguioxides as sintering
additives for SIC. Basic sintering and dilatometric studies are performed in order to
understand the densification behaviour and the sintering kinetics with varying
temperatures, sintering atmospheres and compositions. Phase evolution is monitored as
a function of compositional variation and annealing treatments. XRD/EDSAES
anaysis and SEM/TEM investigations help to explain the structure-property
relationships.

4.1 Dilatometry

In order to optimise the rare-earth sesquioxide systems, a series of dilatometric tests are
performed. Based on the cationic radus difference, various pairs of rare-earth
sesquioxides are added to SIC as sintering additives. Table 4.1 shows the series of
samples along with the ionic radii of the rare-earths and the calculated tolerance factor

(see chapter 2) for different coordination numbers (CN).

Table 4.1: Calculated tolerance factor on the basis of cationic radius difference for
coordination numbers 6 and 8 [92] .

Rare-earth cation | Cationic radius, f .. (pm) Serlril((;)()):SO Tolerance factor, t
CN-6 CN-8 CN-6 CN-8

1Gd-1Ho 0.7207 0.7583

Gd** 93.8 106.0 1Gd-1Er 0.7248 0.7626
1Gd-1Lu 0.7354 0.7738

Dy* 90.8 103.0 1Dy-Ho 0.7114 0.7490
1Dy-1Lu 0.7260 0.7644

1Ho-1Dy 0.7114 0.7414

Ho®" 89.4 102.0 1Ho-1Gd 0.7207 0.7319
1Ho-1Lu 0.7216 0.7612

Y3 89.2 101.5 1Y-1Lu 0.7209 0.7596
Er® 88.1 100.0 1Er-1Gd 0.7248 0.7259
1Lu-1Y 0.7209 0.7312

Lu®* 84.8 97.0 1Lu-1Ho 0.7216 0.7305
1Lu-1Dy 0.7260 0.7261

1Lu-1Gd 0.7354 0.7168
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Figure 4.1: Dilatometric curves for different additive systems showing the shrinkage

and densification rate at different temperatures.

From Figure 4.1, it is observed that as the cationic radii difference or the tolerance
factor increases, the sintering temperature decreases for all the series except for
holmium where till 2090°C, the dilatometric behaviour is in accordance with the
expected results but after that the trend gets reversed. If a higher coordination number,
i.e, 8 is assumed for Ho at higher temperature, then the behavour is similar to the
expected one. A similar observation was also made in the studies of Menke et al. [8]
and Murakami et al. [128]. They observed a linearly increasing trend of T4 with CN
upto Gd and then a decreasing trend for higher atomic number rare-earth oxides. It is
found that in some complex oxides, trivalent rare-earth ions take higher coordination
states as compared to other trivalent cations [93]. This has been attributed to the strong
ionicity of the RE-O bond and an ionic size large enough to accommodate 8 or more
nearest neighbours. So, depending on the ionicity and size, rare-earth elements can
assume different CN. In other words, the variation of properties with either ionic size or

tolerance factor is not alinear one.
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4.1.1 Characterisation of dilatometric specimens

The densities of the dilatometric samples are measured by the well known Archimedes
principle and are reported in Table 4.2 along with the mass loss data.

Table 4.2: Dilatometric results for different combinations of rare-earth sequioxides as

sintering additives for SC with varying atmosphere and temperature.

Composition % Mass Density | % Theoretical | Temperature| Atmosphere
(50:50 mol %) loss (g/cm?) density (°C) (0.2 MPa)

1Gd-1Er 10 2.98 81 2070 Ar
1Gd-1Er 6.4 3.52 96 2150 N>
1Sc 18 1.69 52 2120 Ar
1Sc 8.9 1.72 53 2150 N,
1Lu 51 2.49 65 2150 N,
1Gd-1Ho 6.3 3.72 102 2150 N,
1Gd-1Lu 7.6 3.68 99 2150 N,
1Dy-1Lu 84 3.06 82 2150 N>
1Dy-1Ho 5.0 3.08 83 2150 N,
1Ho-1Lu 4.8 3.40 91 2150 N,
1Lu-1Y 6.3 3.58 99 2150 N,
1Lu-1AIN 7.0 3.59 98 2150 N,

From the tabulated values, it is observed that the degree of densification with only
Sc,03 or Lup,O3 oxide is poor. Insufficient liquid phase as well as high mass losses (in
case of Sc,0O3) may be the cause for less densified materials even after sintering at
2150°C. Specimens with binary rare-earth systems containing Lu,O3 as one of the
sintering additives sintered well and more than 90% of the theoretical density has been
achieved in al the cases. However, the material with Lu,O3-Dy,O3 shows a relatively
low density due to high mass loss in this system. Similar results are also found in the
system with Gd,Os-Er,O; when sintered under Ar atmosphere. So, following the
experimental results of Table 4.2, some combinations of two rare-earth oxides are

selected for further sintering studies.
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4.2 RE! O3 - RE) O additive systems

4.2.1 Sintering behaviour

The average sintered densities and mass losses of all the materials are reported in Table
4.3. The mass loss for the 1Gd-1Er system is rather high due to relatively high vapour
pressure of the gadolinium oxide at the sintering temperature. Sintered densities of
LPS-SiC samples with the additive systems 1Dy-1Lu, 1Gd-1Ho and 1Dy-1Ho are not
consistent with the sintering temperature and sometimes only <80% of the theoretical
density are reached when sintered in Ar atmosphere. Irregular behaviour during
sintering can be due to the fact that the furnace atmosphere can sometimes be very
different depending on previous sintering runs. Furthermore, the temperature
calibration of different furnaces can deviate according to the method of measurement.
Relative densities 299% are consistently achieved with the 1Gd-1Ho and 1Dy-1Ho
systems after sintering at 2000°C in N, atmosphere. Figure 4.2(a) shows the effect of
sintering temperature on the final densities of 1Gd-1Ho and 1Dy-1Ho under different

sintering atmospheres.
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Figure 4.2: (a) Relative density vs. sintering temperature, (b) nitrogen and oxygen

content in the samples.

In contrast to N, Ar atmosphere obstructs densification. Most probably, N, entrapped
in pores is able to dissolve into the liquid phase, thereby enhancing the pore closure in
the final densification stage. Chemical analysis (Figure 4.2(b)) reveals that the 1Gd-
1Ho and 1Dy-1Ho samples have a higher N content when sintered in N, over-pressure.
Nitridation of rare-earth oxides can lead to increase in N content and some mass gain is
observed in the system 1Gd-1Ho when sintered in 10 MPa N overpressure (Table 4.3).



A Chapter 4

Apart from facilitating densification, N, atmosphere also retains a higher O level as
compared to Ar atmosphere, owing to the fact that N, increases the viscosity of the
melt which hinders the loss of oxygen by evaporation due to lower diffusivity of the

chemical species.

Table 4.3: The average sintered densities and mass losses of all the materials sintered

in different atmosphere and at different temperatures.

Composition % Mass Density % Theoretical | Temperature | Atmosphere
(50:50 mol %) loss (g/cm?) density (°C) (0.2 MPa)
1Gd-1Er 45 2.76 75 1900 Ar
, 46 2.78 76 1925 ,,
1Dy-1Lu 32 3.45 91 1900
32 351 9 1925
) 1.6 3.10 80 1925 ,
1Gd-1Ho 26 324 88 1875 ,
. 38 3.48 95 1900 .
2.6 3.33 91 1900
25 3.25 89 1925
. 39 2.71 74 1925 ,
. 2.8 3.20 87 1950 ,
. 35 3.47 95 2000 10 MPaAr
24 2.86 78 1900 N,
33 3.70 101 2000
33 3.70 101 2000
. -05 321 87 2000 10 MPaN,
. -0.4 3.19 87 2000 ,
-0.5 3.20 87 2000
-0.3 3.20 87 2000
. -0.2 3.20 87 2000 ,
. -0.3 321 87 2000 ,
-0.3 3.20 87 2000
1Dy-1Ho 18 2.91 79 1875 Ar
30 2.86 77 1925
) 32 355 9% 1925 ,
. 2.0 2.96 80 1925 )
4.0 2.86 77 2000
33 3.35 91 2000 10 MPaAr
31 3.10 84 2000 N,
) 3.4 355 95 2000 ,
. 33 3.68 99 2000 .
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The sintering mechanism in 1Gd-1Ho as well as in the 1Dy-1Ho system is not clear
from the microstructural observation (Figure 4.3). Even after severe plasma etching,
there is no visible core-rim structure of the SIC grains which would indicate a solution-
reprecipitation mechanism [94]. However, EDS analysis shows (Figure 4.4) traces of
dysprosium, holmium and oxygen inside the SiIC grains which suggest that sintering
occurred through a solution-reprecipitation mechanism [94]. During sintering, the mass
transport mainly occurs through the liquid phase formed by the dissolution of the two
rare-earth oxides along with some amount of SiO, present on the surface of the SIC
grains. As sintering progresses, SiC-grains with highly convex curvature (small grains)
will begin to dissolve in the oxide melt to the solubility limit. Initial a-SIC seeds or
larger grains act as nucleation sites for a-SIC precipitation. Thus, solution-
reprecipitation occurs on the pre-existing a-SiC and is connected with some chemical

inhomogenity of the SiC-grains.

15KV WD:3MH

Figure 4.3: Microstructure of as-sintered SC materials sintered in N,: (a) 1Gd-1Ho
and (b) 1Dy-1Ho.

During sintering, complete wettability of the SiC-grains and a homogeneous
microstructure are obtained in both systems (Figure 4.3). However, EDS analysis of
TEM specimens shows some segregation of rare-earth elements depending on their
cationic radius. In the 1Dy-1Ho system, the element with higher cationic radius (Dy*")
more likely to get deposited at grain boundary layers whereas the content of the
element with lower atomic radius (Ho*) is higher at multi grain junctions (Figure 4.4).
A similar wettability behaviour of SIAION grains sintered with rare-earth oxides and a
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segregation effect depending on atomic radius was observed by Rosenflanz and Chen
[6].
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Figure 4.4: TEM-EDS analysis of SC sintered with 1Dy-1Ho showing different spectra
obtained fromthe SC grain and the grain boundary layer and multi grain junction.

4.2.2 Microstructure and phase evolution

Typical microstructures of LPS-SiC sintered with 1Gd-1Ho and 1Dy-1Ho are shown in
Figure 4.3. The remnant of the liquid phase is primarily located at the triple or multi-
grain junctions. Plasma etching reveals a grain-boundary film present between the SIC
grains in both the systems. In order to confirm this, TEM investigation is done on these
systems. Figure 4.5 represents a low magnification transmission electron micrograph
showing the general morphology of the 1Dy-1Ho system with the SiC grains being in
bright contrast and showing some bending contours and stacking faults. The secondary
phases appear in dark contrast because of the presence of the heavy rare-earth elements
resulting in high electron scattering. The TEM image, along with electron diffraction
patterns (Figure 4.5), confirms the presence of an amorphous layer along the SiC grain-

boundaries as well as at heterophase boundaries (between SiC grains and crystaline
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secondary phase). The electron diffraction pattern from the grain boundary layer
(Figure 4.5 (1)) shows spots in addition to an annular ring, suggesting that some

crystalline phases are present as well.
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Figure 4.5: Transmission electron micrograph along with electron diffraction patterns
showing amorphous and crystalline regions in LPS-SC sintered with the 1Dy-1Ho

additive system.
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Figure 4.6: X-ray diffraction pattern of LPS-SC sintered with 1Gd-1Ho and 1Dy-1Ho

after sintering and annealing for 40 h.
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This is different from the observations by Ye [129] on LPS-SIC sintered with AIN-
Y03 additives, where the intergranular films (thickness ~ 1 nm) were always
amorphous. Multi grain junction phases are entirely crystalline after sintering as can be
seen from diffraction patterns of triple points (Figure 4.5 (2)). According to the XRD
pattern of the as sintered samples (indicated by “0 h") in Figure 4.6, the mgor grain
boundary layer phases are crystalline in both the 1Gd-1Ho and 1Dy-1Ho systems
showing sharp reflections in the XRD pattern, with little diffuse scattering indicating
that the amount of residual amorphous phasesis small.

Annedling of SIC materials sintered with these systems also gives rise to a
platelike morphology of the SIC grains (Figure 4.7) very similar to LPS-SiC sintered
with conventional additive systems [55,76,81]. The microstructure changes from
equiaxed to platelike grains during annealing, and grain growth proceeds
predominantly perpendicular to the prismatic planes of the hexagonal crysta lattice
(plate-like growth). This anisotropic grain growth of a-SiC grainsisrelated to the B —
o-phase transformation and continues until full transformation is achieved or until there
is steric hindrance by neighbouring grains [55,67]. This microstructural development is
analogous to the formation of rodlike grains in SisN4-ceramics [47,67,68]. Image
analysis of the two dimensional sections provides a estimation of the average grain size
(measuring the sectional length of the grains), aspect ratio and the secondary phase
content in the two systems, and results are tabul ated below (Table 4.4).

Table 4.4: The average grain size, aspect ratio and the liquid-phase content in sintered
and annealed materials after sintering with 1Gd-1Ho and 1Dy-1Ho additive systems.

Powder Averagegrainsize | Average aspect ratio Secondary phase
denomination (um) after after content (%) after
sintering | 40hof | sintering | 40 h of sintering | 40 h of
annealing annealing annealing
1Gd-1Ho | 10+06 | 13+0.7 | 12+02 | 16+06| 11+05 | 27+£0.3
1Dy-1Ho | 11+05|17+05|13+£03|22+05| 11+04 | 22+£0.3

It is observed that the average grain size increases with annealing along with the aspect

ratio, the platelet type of morphology evolving in both systems. However, due to faster
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kinetics in the system 1Dy-1Ho, the growth of platelet grains is more pronounced. In
both cases, secondary phases are expelled from the grain boundary region upon
annealing, and very small amounts of residual secondary phases remain at the triple or
multi-grain junctions. The reduction of residual secondary phases occurs due to the
volatilisation of these phases via carbothermal reductions (graphite-heated furnace)
[130]. Remarkably, this does not seem to generate any porosity in the present systems.
From the micrographs (Figure 4.3 and 4.7) and the phase-transformation plot (Figure
4.8), it is clear that the kinetic is faster in case of the smaller cation contrary to what

15KV WD :3HH

Figure 4.7: Microstructure of annealed SC materials sintered with (a) 1Gd-1Ho and
(b) 1Dy-1Ho (compareto Figure 4.3).
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would be expected from chemical considerations [131]. Although silicate liquids
containing larger cations (lower field strength) show a lower viscosity, the
transformation kinetics do not follow this rule. Rather, the opposite phenomenon is
observed here. Since material transport through the melt is obviously not the rate
limiting step (otherwise grain growth and transformation would scale with the melt
viscosity), the dissolution rate of SIC in the melt is probably rate-determining [132] (or
the re-precipitation rate, but this has not yet been reported in the literature on this kind
of materials). Possibly, the higher field strength of the Dy** ions makes the 1Dy-1Ho

melt more efficient in dissolving SiC.

4.2.3 Fracturetoughness and hardness

Vickers indentation fracture toughness and hardness are measured on as-sintered and
annealed samples and plotted in Figure 4.9. In as-sintered samples, cracks propagate
mainly along the grain boundaries as the grain boundary phases are weakest due to
thermal expansion mismatch between grain boundary phases and SiIC grains [133].
However, the crack path remains essentially straight as there is no appreciable crack
deflection by the fine globular microstructure (Figure 4.10 (a) and (c)). The fracture
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Figure 4.9: Variation of fracture toughness and hardness as a function of annealing

timein SC ceramics sintered with 1Gd-1Ho and 1Dy-1Ho additive systems.
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toughness increases with annealing time for both the systems. In the annealed samples,
cracks also propagate along the grain boundaries but are continuously deflected by
elongated grains (Figure 4.10 (b) and (d)). Crack deflection along the grain boundaries
seems to be the main toughening mechanism [134]. Apart from crack deflection, crack
bridging, mechanical interlocking and thermally induced microcracking may also play
a significant role in the toughening of SIC ceramics [75,129]. In the present case, the
fracture toughness improves with post sintering annealing treatments, this behaviour
being more pronounced in the case of SIC sintered with the 1Dy-1Ho additive system
as compared to the 1Gd-1Ho system (Figure 4.9). This larger improvement upon
annealing can be directly correlated with the larger grain size and higher aspect ratio.

Figure 4.10: Vickers indentation crack propagation in as sintered (a) 1Gd-1Ho and (c)
1Dy-1Ho and in annealed (for 40 h) (b) 1Gd-1Ho and (d) 1Dy-1Ho .

The Vickers hardness value initially remains unchanged for both systems. Thereafter it
increases to a maximum value after 30 h of annealing, followed by a drop at the

maximum annealing time of 40 h. During anneaing, the average grain size (G)
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increases in both systems and hence invoking Hall-Petch like H vs. G 7 behaviour,
one can expect a decrease in hardness (H) values with increasing average grain size
[135]. However, in poly-crystalline materials containing glassy grain boundary and
intergranular phases, after thermal treatment, reduction and crystallisation of the
secondary phases generally improve the hardness of the material [130]. Hence, there
seems to be a trade-off between glassy phase removal and grain coarsening effect.
However, hardness values drop again. This is thought to be due to the formation of
micro-cracking caused by residual stresses generated after considerable grain boundary
phase removal [130]. For 1Dy-1Ho, a higher hardness could be expected due to the
lower cationic radius and stronger RE-O bond strength, counteracting the
microstructural mechanism described above. This is obviously not the case (Figure
4.9).
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4.3 The Lu,O3-AlIN additive system

The objective of the addition of Lu,Os3 was to substitute Y,Os3 in one of the
conventional additive systems for SIC (AIN-Y,O3) and observe the effects on

sinterability, microstructure and mechanical properties.

4.3.1 Sintering behaviour

Dilatometric studies on this system (Table 4.2) showed 98% densification with a
moderate mass loss of 7% which is mainly due to the decomposition of AIN [55,134].
In order to suppress this decomposition of AIN, sintering experiments were carried out
by applying a N, overpressure. To establish which chemical composition provides the
best sintering aids, three formulations with different Lu,O3:AlIN ratios are investigated.
Table 4.5 shows the sintered densities for these formulations. It is observed that al
three intermediate compositions of 1Lu-2AIN, 1Lu-1AIN and 2Lu-1AIN have superior
sinterability. More than 99% densification occurs in all the samples with a low mass
loss (< 3%) after sintering at 2100°C in a N, overpressure (10 MPa).

Table 4.5: The average sintered densities and mass |losses of SC sintered with different
Lup,O3:AIN ratios.

Powder % Mass Density | % Theoretical | Temperature | Atmosphere
denomination loss (glem®) density (°C) (10 MPa)
1Lu-2AIN-AS 2.3 3.60 98.9 2100 N,
1Lu-1AIN-AS 2.8 3.69 99.5 2100 N>
2Lu-1AIN-AS 2.6 3.74 99.1 2100 N>

Figure 4.11 shows microstructures of the SiIC ceramics sintered with different Lu,Os-
AIN compositions. Plasma etched samples reveal atypical core and rim structure inside
the SIC grains which indicates that the sintering mechanism in these systems is aso
solution-reprecipitation [94]. Both the core and rim zones consist predominantly of one
single polytype of SIC, namely 6H a-SIC [52]. The difference in contrast comes from
the differential etching behaviour of the core with respect to the rim region which

contains impurities due to the reprecipitation process. By analysing the rim zone, EDS
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analysis reveals traces of Lu and O in the SIC grains (Figure 4.12). Low concentrations
and the presence of the heavy rare-earth element make it difficult to identify Al by EDS
analysis. However, auger electron spectroscopic (AES) analysis on the SIC grains
gualitatively proves the existance of Al (Figure 4.13). This observation corroborates
that the sintering proceeds through solution-reprecipitation processes similar to the

RE}, Os-RE}, O3 systems discussed in the previous section.

4D 15HM
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Figure 4.11: Microstructure images showing the core-rim structure in LPSSC
materials sintered with (a) 1Lu-2AIN, (b) 1Lu-1AIN and (c) 2Lu-1AIN additives.
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Figure 4.12: TEM-EDS analysis of SC sintered with 1Lu-1AIN, showing spectra

obtained fromthe SC grain, the grain boundary layer and multi grain junction.
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Figure 4.13: Auger electron spectroscopic analysis of a SC grain after sintering SC

with 1Lu-1AIN additive.
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4.3.2 Microstructure and phase evolution

SEM images of LPS-SIC samples sintered with different molar ratio of Lu,Os:AIN
have been shown in Figure 4.11. The microstructures consist of SiC-grains separated
by an intergranular secondary phase. The morphology of the grains changes from
platelet with some globular grains to mostly globular grains as the Lu,Os; content
increases in the secondary phase. In SEM micrographs, residual porosities are not
observed in these systems. The characterisation of the intergranular phases has been
carried out by TEM. In al samples, the grain boundaries are characterised by an
amorphous structure with little crystalline phases as observed in the electron diffraction
patterns (Figure 4.14). However, the triple junction phases are completely crystaline
after sintering. Similar types of patterns were also found in the earlier systems. XRD
patterns show that sintered samples contain mainly (3- and a-SiC along with Lu,O3 as
major secondary phase (Figure 4.15). Traces of LusSi;N7O, and Lu,SisN4O3z are
present as secondary crystalline phases after sintering. Due to the N, overpressure,
these oxynitride phases may evolve during cooling. However, after annealing
treatments, they are decomposed to the disilicate Lu,Si;O;. XRD or EDS of the
secondary phases give no hint to the presence of Al in these systems after sintering or
annealing. However, AES (Figure 4.16) and chemical analysis do confirm the presence
of Al (~1.25-1.5 wt%) within these samples.

Grain boundary layer

Multi grain junction

| o W - .
Figure 4.14: Transmission electron micrographs along with electron diffraction

showing the amorphous and crystalline regionsin SC sintered with 1Lu-1AIN additive
system.
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Figure 4.15: X-ray diffraction patterns of LPS-SC sintered with 1Lu-2AIN, 1Lu-1AIN
and 2Lu-1AIN after sintering and annealing for 60 h.
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Figure 4.16: Auger electron spectroscopic analysis of intergranular phase obtained

after sintering of SC with 1Lu-1AIN additive.

By comparing the different XRD intensities of the crystaline phases with the main
Bragg reflection (a-SIC (006) + [-SIC (111)), it is observed that the extent of

crystallisation as well as 3 - a-SIC transformation decreases with increasing Lu,Os
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content in the secondary phases (Figure 4.17). This phenomenon is attributed to the
liquid viscosity since silicate liquids containing more refractory rare-earth oxide
(LuxOg) typicaly show a higher viscosity, which is likely to render the transformation
more sluggish due to slow diffusion of the chemical species[131]. In order to enhance
the B -~ a-SIC transformation, annealing treatments were done on all materials and
microstructural changes were monitored through SEM investigations (Figure 4.18).
During annealing, a platelet type of morphology is obtained in the case of 1Lu-2AIN,
and the morphology tends to become globular with increasing L u,O5 content within the
samples. After prolonged annealing (for 60 h), grain coarsening occurs by coalescence
of grains leading to large grains having low aspect ratio (Figure 4.18 (b), (d) and (f)).
Apart from this microstructural modification, retraction and overall reduction of
secondary phases are al'so observed. As a consequence, al samples underwent a loss of
weight and some pores might have been created due to evaporation processes, although
they are not visible in the SEM pictures. After prolonged annealing, a double rim
structure (Figure 4.18 (d) and (f)) is observed due to precipitation of a-SiC on existing
a-SIC grains which are formed during sintering. From the density and mass loss data
reported in Table 4.6 it is observed that, after annealing, the extent of recrystallisation

is higher in case of material containing a higher amount of Lu,O3 and decreases with
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Figure4.17: £ — a-SC phase transformation as a function of annealing time.
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decrease in the Lu,Os content. This suggests that, during sintering, most of the
recrystalisation and B —» a-SIC transformation occurs within the samples containing
less Lup,Os. This comes from the refreactory behaviour of the liquid phase which affects
the diffusion of the chemical species, solution-reprecipitation mechanism and

subsequent crystallisation [136].

Figure 4.18: Microstructures of 20 h annealed LPS-SC sintered with (a) 1Lu-2AIN, (¢)
1Lu-1AIN, (e) 2Lu-1AIN and after 60 h annealing (b) 1Lu-2AIN, (d) 1Lu-1AIN and (f)
2Lu-1AIN.
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Table 4.6: Average densities and mass losses of annealed (20 h) SC samples sintered
with different Lu,Os: AIN ratios.

Powder % Mass Density | % Theoretica | Temperature | Atmosphere
denomination loss (g/cm?) density (°C) (0.2 MPa)
1Lu-2AIN-AN 0.8 3.60 98.9 1950 N,
1Lu-1AIN-AN 0.6 3.68 99.3 1950 N,
2Lu-1AIN-AN 2.8 3.70 98.1 1950 N,

4.3.3 Fracturetoughness and hardness
The hardness and indentation fracture toughness of the three materials were measured
and plotted against the annealing time (Figure 4.19). In al three compositions, fracture
toughness and hardness initially increase with increasing annealing time, whereas
constant or decreasing hardness and toughness is observed in case of prolonged
annealing. Figure 4.20 shows the crack paths in as-sintered and annealed samples with
different Lu,O3:AIN ratios. In as-sintered samples, the crack paths are mostly localised
in the secondary phase, showing a predominace of the intergranular fracture mode as a
result of the weak interfaces. After annealing for 20 h, grain coarsening occurs resulting
in an elongated grain morphology (i.e., higher aspect ratio). In this case, the cracks also
propagate mostly along the grain boundaries, but crack deflection occurs by the
elongated grains. Hence, the fracture toughness increase in these materials is mainly
due to crack deflection mechanisms [134]. Crack bridging and mechanical interlocking
(Figure 4.20) are aso observed as toughening mechanisms in these systems
[76,130,136]. However, the fracture toughness decreases after prolonged annealing for
60 h at 1950°C. The long heat treatment causes a depletion in secondary phases due to
volatilisation losses (the average secondary phase content after sintering is 11 + 0.5%
and after annealing is 5.7 = 0.3%). In addition, grain coarsening occurs with a decrease
in aspect ratio. This leads to an increasing tendency for transgranular fracture (Figure
4.20 (c), (f) and (i)) and consequently to a decrease in fracture toughness [136,137].
The lowest toughness is reported for the materials containing a higher amount
of Lu,Os. Thisis attributed to the globular grain morphology of the as sintered samples
where the crack deflection mechanism is less predominant. Apart from that, some

transgranular fracture is al'so observed due to the presence of exaggerated grain growth
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after sintering (Figure 4.20 (g)). The fracture toughness increases in these systems after

annealing, but at a slower rate due to sluggish transformation/recrystallisation of the

more refractory secondary phase.
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Figure 4.19: Variation of fracture toughness and hardness as a function of the
annealing timein SC ceramics sintered with different Lu,Os-AlN additve systems.

Hardness shows a similar trend as fracture toughness as a function of annealing time for
all three systems. The initial increase in hardness corresponds to the crystallisation and
reduction of the amount of secondary phases, as it was also observed in other LPS-SIC
poly-crystalline material containg amorphous grain boundary phases [130]. After
crystallisation, further annealing causes grain growth which reduces the hardness owing
to the grain size dependence of the hardness (Hall-Petch like behaviour) [135].
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Figure 4.20: Crack propagation in as sintered and annealed (20 h and 60 h) SC
ceramics sintered with 1Lu-2AIN ((a), (b) and (c)), 1Lu-1AIN ((d), (e) and (f)) and 2Lu-
1AIN ((9), (h) and (i)) additive systems.



5 Thermomechanical properties

In this chapter, the high temperature behaviour of liquid phase sintered SIC with
optimised Lu,O3-AlIN additive is described. Mechanical properties, specifically bending
strength, creep deformation and compliance have been examined in atemperature range
from ambient to 1500°C with the objective of characterizing the role of the grain
boundary phase. The effect of grain boundary crystallinity, phase compositions and
grain morphology on the high temperature strength, creep mechanisms and elastic-

plastic behaviour are reported.

5.1 Flexural strength

5.1.1 Effect of temperature

The high temperature strength of the sintered and annealed LPS-SIC with different
Lu,O3:AlN ratio is measured at different temperatures and is plotted in Figure 5.1. A
significantly increasing trend is observed from room temperature to 1400°C for the
specimens with higher Lu,O3 content. Degradation of the high temperature strength in
SIC with lower Lu,Os; content is related to softening of the intergranular phase
[81,130,132]. As the Al content increases, the refractoriness of the intergranular phase

|3

degrades as Al°" modifies the silica glass structure by substituting silicon [105,138].

Substitution of Si** by Lu*" is unlikely due to the large cationic radii difference ( o =
26 pm and r . — 848 pm) [139]. Apart from that, segregation of Al in the grain

boundary phase also deteriorates the high temperature properties [140].

Material containing little Lu,O3 shows a continuous drop in strength from room
temperature to 1400°C. At 1400°C, only 65% strength retention is observed which is
primarily attributed to the grain boundary softening in this material. Specimens with a
higher amount of Lu,O3; show an increase in strength up to 1200°C followed by a drop
in strength until 1500°C. Strength increase occurs probably due to the healing of
surface cracks. However, materials with higher Lu,O3 content retain up to 93% of their
room temperature strength values at 1500°C. At higher temperature (>1200°C), the
grain boundary weakens due to the softening effect. Hence, non-uniform deformation

such as grain boundary sliding can occur and the stress concentration at triple points
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increases resulting in adrop in flexural strength [126]. The same happens in the case of
1L u-2AIN, however grain boundary softening is predominant at all temperatures
resulting in the continuously decreasing strength.

5.1.2 Effect of composition

From Figure 5.1, one can see that the room temperature flextural strength increases
upon lowering the Lu,O3 content in the additive systems. At room temperature, the
strength of the polycrystaline ceramics containing secondary phases is mainly
governed by the characteristics of the secondary phase, the distribution of grains and
their morphology, and flaw/pore sizes [110,130,141,142]. As discussed in the previous
chapter, crystallisation of the secondary phases is more pronounced in the material
containing little Lu,Os. As the mode of fracture is mostly intergranular in these
materials, crystallisation of the intergranular phases leads to an increase in flexural
strength [130].

Apart from the strengthening effect due to a higher degree of crystallisation, the
strength increases due to formation of a bimodal mixture of large elongated and small
globular grains in case of the 1Lu-2AIN additive system (Figure 5.2 (a)). The
enhancement of the flexural strength with the 1Lu-2AIN additive system is attributed to
grain bridging caused by elongated grains [143]. The grain size distribution becomes
broader (Figure 5.2 (c) and (e)) as the Lu,O3 content increases in the additive system

and hence the effect of grain bridging diminishes. Large globular grains in these

systems cause a lowering of the strength according to the o vs. G R relationship
[110].

Apart from that, specimens with higher Lu,Os5 contents reveal higher mismatch
in thermal expansion between SiC grains and secondary phase (The thermal expansion
coefficient (TEC) of SIC is 4.2 x 10° /K and estimated TEC of the secondary phase is
of the order of 10°-10° /K). This cause and may be microcracks lower hardness (as
discussed in chapter 4) and therefore lower strength [108]. Pores and microcracks are

deleterious to the strength of ceramics because they act as stress concentrators [108].
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Figure5.1: Flexural strength of SC sintered with different Lu,Oz-AIN additives as a
function of temperature. AS= as-sintered and AN = annealed at 1950°C for 20 h.

5.1.3 Effect of annealing

Upon annealing, the room temperature strength decreases due to the change in grain

morphology. After thermal treatment, the globular grains become elongated platelets

(Figure 5.2) and thus the average diameter of the grains (G ) increases resulting in a

decrease in strength value owing to the o vs. G R relation [110]. Thus, the coarser
microstructure obtained after annealing is beneficia for fracture toughness but
detrimental for flexural strength [130,144-147].

After thermal treatment, retraction of the intergranular phase from the grain
boundaries to the triple points is observed (Figure 5.2) due to a different wetting
behaviour of LuO; and AIN. By means of TEM (Figure 5.3), it is observed that a
rather thick heterophase layer is formed between SIC grains and the interior of
secondary phase regions (~ 9 nm as compared to 1 nm boundary layer if Y instead of
Luispresent [129]), consisting of a Lu-depleted region which suggests poor wettability
of the SiC grains by the rare earth element. A similar observation was made by Kim et

al. [139] who observed that the thickness of the intergranular glassy phase increases
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Figure 5.2: Scanning electron micrographs of as sintered [(a) 1Lu-2AIN, (¢) 1Lu-1AIN
and (e) 2Lu-1AIN] and annealed (20 h) [(b) 1Lu-2AIN, (d) 1Lu-1AIN and (f) 2Lu-1AIN]

specimens.

with decreasing cationic radius. However, at 1400°C, the flexura strength of the
annealed specimens is higher than that of sintered ones. After annealing, the maority of
the grain boundary glassy phase becomes crystallised (see section 4.3.2 and Figure
4.15 in chapter 4). Such a crystallisation of the grain boundary phase would clearly
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minimise the softening and grain boundary dliding and would possibly hinder crack
propagation within this region, which would account for the increase in strength [148].
There is amost a 20% increase in strength at 1400°C as compared to the room
temperature value for LPS-SIC sintered with 2Lu-1AIN. Reduction in the amount of
secondary phase after post sintering heat treatments also improves the high temperature
strength [130].

Lu-profile

Figure 5.3: Transmission electron micrographs showing EELS line scan of Lu in the
hetero-phase boundary between a SC grain and the secondary phase in SC sintered
with the 1Lu-1AIN additive system.

5.2Creep

5.2.1 Characteristic behaviour

Figure 5.4 depicts typical creep bending data showing strain as a function of time and
applied stress. For afirst analysis of creep deformation and for small displacements, the
time dependence of creep rate can be neglected and the specimen behaviour can be
considered to be steady-state creep [149]. Using the steady-state creep law as
represented by equation 2.10 (in chapter 2) is thought to be appropriate in the present
case.
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Figure 5.4: Typical creep curves showing the effect of temperature and stress on the

creep deformation of SC.

The total creep rate (¢,) is a superposition of the primary creep rate £, and the

secondary creep rate £ , i.e.,

£.= &+ &, (5.2)

where the primary creep rate is governed by the following equation [150] :

¢, =Co" [k,° (5.2)

C is a pre-exponential function depending on temperature, o is the applied stress, nis
the stress exponent and p is the primary strain exponent. This relationship gives a
probable estimation of the higher deformation rate at the initial stage of the creep. The
length of the transient creep increases with stress and temperature. These tests are
electively terminated after 60 h. The creep rates are calculated from the almost linear

region of the creep curve, i.e,, in the predominantly secondary creep region where £,
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can aready be neglected in first approximation (Figure 5.4). Here, in particular, the
guasi-steady state strain rates are calculated after 20 h of exposure.

5.2.2 Factorsinfluencing the creep behaviour

5.2.2.1 Effect of temperature and stress

The creep rates of SIC ceramics sintered with different Lu,Os-AIN additives are plotted
in Figure 5.5 for different temperatures and stress levels. The quasi-steady state strain
rates are calculated from a log-log plot of strain rate as a fuction of time. At low
temperature and low stress level (1300°C/100 MPa), much scattering occurs in the data
because the low deformation rate in this stress and temperature region is close to the
resolution limit of the machine.

Furthermore, it is observed at low temperature and at low stress level that the
average strain rate is lower in case of the 1Lu-1AIN material, as compared to the other
two compositions. As discussed earlier, the degree of deformation depends not only on
the viscosity of the intergranular phase, but also on its extent of crystalinity. The
viscosity of the amorphous fraction of the intergranular phase is primarily controlled by
the amount of rare-earth oxide present in the system and increases with increasing
Lu,O3 content. However, in as-sintered specimens, the extent of crystallinity decreases
with increasing Lu,O3 content due to slow diffusion of the chemical species through the
highly viscous intergranular phase. So, in the deformation behaviour at 1300°C, thereis
a trade-off between the extent of crystalinity and the increase of viscosity of the
secondary phase. At higher temperature and higher applied stress, the deformation
behaviour primarily depends on the viscosity of the secondary phase.

The effect of stress and temperature on the creep deformation of 1Lu-1AIN is
depicted in Figure 5.6. Temperature plays a predominant role, as suggested by the
steady-state creep rate equation 2.10. With increasing stress, no morphological changes
hinting deformation of SIC grains during the creep tests are visible at the tensile surface
of the crept specimens (Figure 5.7). However, a decrease in the viscosity of the
secondary phase is likely to occur with increasing stress. It has been observed that the
viscosity of silicate melts follows an inverse relationship with the square of the applied
stress [150]. So, viscosity drops at high stress level resulting in high creep deformation
rate.
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Figure 5.7: Microstructure of 1Lu-1AIN samples crept at (a) 1400°C and (b) 1500°C
for 60 h at 100 MPa showing no grain deformation along the tensile axis.

5.2.2.2 Effect of composition

Figure 5.8 depicts the creep behaviour as a function of compositional variation in
different LPS-SIC systems at an applied stress of 300 MPa. At higher temperature
(1400°C), the creep rate increases upon lowering the Lu,O3 content in the additive
systems owing to the fact that the viscosity of the secondary phase in the samples with
lower Lu,O3 content goes down. However, as discussed in the previous section for a
different set of creep conditions, the low temperature (1300°C) deformation is dictated
by both the viscosity and the extent crystallisation of the secondary phase after
sintering. Consequently, a higher creep resistance for the material with 1Lu-1AIN is
observed.

5.2.2.3 Effect of annealing

Figure 5.9 shows a comparison between creep curves of as-sintered specimens with
specimens annealed at 1950°C for 20 h. Comparison of the strain rates shows that there
is no significant improvement of the creep rates (calculated after 20 h) upon annealing.
The dlight decrease in the creep rates corresponds to the partial crystallisation of the
intergranular phase and the decreasing amount of secondary phases upon annealing.
However, partial devitrification of the amorphous phases may aso occur during the
long creep test and hence, the influence of the annealing treatment diminishes with

testing time.
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Figure 5.9: Influence of 20 h annealing at 1950°C on the creep rates of 1Lu-1AIN
material at different temperatures.

5.2.3 Creep parameters evaluation

For different levels of stress and at different temperatures, creep parameters are
determined from incremental stress or temperature changes using the general
constitutive creep equation 2.10. Stress exponents, n, and activation energies, Q, are

determined from the logarithmic plots of strain rate (&) vs. stress (o) and vs. reciprocal
temperature ( }'I/' ), respectively. These results are compared in Figure 5.10 and Figure

5.11. The calculated activation energies are tabulated in Table 5.1.
The stress exponents in sintered and annealed SIC with different Lu,O3z:AIN
additives range from about 1 to 1.7. The activation energies vary from 200 to 500

kJmol which isin accordance with values given in the literature [117,118].



Thermomechanical properties

85

1E-7
1 Filed-Assintered  T-U2AIN
Hollow - Annealed
_ 1E-84
KD 3
[}
<
c
®
7B 1E-94
1E-10 —
100
Stress (M Pa)
lE-7:
1 Filled-Assintered  1LU1AIN
Hollow - Annealed

1E-8 4 n=1pI00C n =17, 1400°C
KD 3
(0]
&
c
®
7B 1E-94

1E-10 —

100
Stress (MPa)

lE-7:

] . . 2Lu-1AIN
Filled - Assintered
Hollow - Annealed

~ 1E87 n=13,1400°C
R 3

[}

&

c

®

7 1E-9-

1E-10 ——

Stress (M Pa)

Figure 5.10: Plots of strain rate vs. stress. The temperature of the tests and stress

exponents obtained are indicated.



86

Chapter 5

Temperature (°C)
1500 1400 1300 1200
1E-7+ . . - . .
] A 1Lu-2AIN-AS
300 MP. O 1Lu-1AIN-AS
100 MPa a O 2Lu-1AIN-AS

Strain rate (s?)

1E-8+
1E-9+
. , .

6
10/ T (K™

Temperature (°C)
1400 1300

6,5 7

1200

300 MPa

4

T T
A 1Lu-2AIN-AN
O 1Lu-1AIN-AN
O 2Lu-1AIN-AN

1E-10
55
1500
1E-7 .
. 1E-8-
‘_"\t{)/ ]
]
g
p 100 MPa
o
7B 1E-94
1E-10 .
55

RN
h

10/ T (K™Y

I .
6,5 7

Figure 5.11: Plot of strain rates at 100 MPa and 300 MPa vs. reciprocal temperature.

The activation energies obtained are reported in Table 5.1.
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Table 5.1: Activation energies for different materials at different stresses and in
different temperature ranges.

Sintered Annealed
Material Temperaturerange Temperaturerange
1200-1400°C | 1300-1400°C | 1300-1500°C 1300-1400°C
Stress (M Pa) 300 100 | 200 | 300 100 100 300
1L u-2AIN - 252 427 — 229 378
1L u-1AIN 352 319 | 310 | 411 411 289 378
2L u-1AIN - 289 324 - 352 294

The microstructures of the non-crept and crept samples are shown in Figure 5.12. At
the surface of the crept specimens, cavities are observed (Figure 5.12(b)) whereas no
microstructural changes have been observed inside the crept samples (Figure 5.12(c))
as compared to non-crept ones (Figure 5.12(a)). Cavities, observed only near the
surfaces, are formed both at two grain or multiple grain junctions. No grain elongation
is observed at the tensile surface of the specimen. The maximum strain in these
materials is 0.5% only, corresponding to a maximum displacement of the bending bars
of 150 um during the creep tests.

XRD analysis is used to evaluate the phase compositions of the as-sintered
specimens after the completion of the 60 h bend creep tests. After the 60 h bend creep
test in air, specimens with more Lu,O3 in the secondary phase form surface oxides
consisting of Lu,Si,O;, Lu,O3 and SO, phases (Figure 5.13). The specimens
containing more AIN form Lu,Si,O; and LusSi,O;N, along with trace amounts of
LuxOs. Samples crept for 60 h at 1400°C show Lu,O3 and SIO, on the surface together
with some Lu,Si»O;. However, at 1500°C, the extent of disilicate formation increases at
the expense of SiO, and Lu,Os. No traces of Al-containing phases have been found in
these samples. Since the Al and Lu concentrations are comparable (but Lu has a much
larger scattering cross section than Al), this would give a hint that crystalline Al-
containing phases, if present a al, are largely Lu-free. The kinetics of dislicate
formation will be discussed in the next chapter in connection with the oxidation

behaviour of the samples.




88

Chapter 5

i | TR N : b, G
i D|r§ct1\on of teRsié stress:
E v ~ \ - z 4 |

. Sy
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5.2.4 Creep mechanisms

In case of SIC sintered with Lu,O3-AIN additives, the stress exponent lies within the
range of 1 to 2 and extensive microstructural modification is not observed after creep
testing. Nagano [151] found that the flow stress dependencies in compression and
tension tests were almost same below a strain of 0.5. So, the main deformation
mechanisms were thought to be the same in compression and in tension. In general, a
linear flow stress dependency suggests that the creep deformation is controlled by
diffusion processes [152]. It is reported, however, that viscous flow also showing a
stress exponent of n = 1 is alikely deformation mechanism in amorphous solids [153].
Somewhat higher stress exponents indicate that other mechanisms may also contribute
to the deformation. One of them is creep cavitation, however, creep cavitation damage
and vapourisation from the near-surface region of the samples may be superimposed,
making it difficult to draw conclusions concerning the creep cavitation deformation
mechanism from the microstructural observation. Stress exponents of n ~ 2 suggest that
bending creep is primarily influenced by interfacial reaction, intergranular glass phases,
solution-reprecipitation,  grain-boundary  dliding and  cavity = formation
[118,119,151,154-157]. Among those, microstructural evidence rules out the possibility
of solution-reprecipitation during testing because there is no morphological change
inside the SiC-grains.

Although activation energy is not considered as a sharp criterion for the creep
mechanism, comparison of the values can give some information about possible creep
mechanisms. Gallardo-Lopez et al. [158] found an activation energy of 840 + 100
kJmol in compressive creep of LPS-SIC with a stress exponent of 1.6 + 0.2. The
mechanism prevailing in their case was found to be didocation glide accomodated by
lattice diffusion at higher temperature. The activation energy corresponds to the self-
diffuson of C and Si. A much lower activation energy is found in the present
investigation as compared to their findings. Compared to the present study, similar
activation energies (338-434 kJmol) were observed by Lane et al. [117] and Nixon et
al. [159] in their respective studies with stress exponents of 1.4-1.7. The creep
mechanism in their studies is grain boundary sliding accomodated by grain boundary
diffusion. The activation energies are very close to the activation energy for viscous
flow of pure SO, (= 440 kJmol) [120,160]. Comparing the activation energies

associated with creep deformation along with the stress exponent, the controlling creep
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mechanism in the present systems is supposed to be grain boundary dliding
accomodated by diffusion along the grain boundary film/silicon carbide interface. A
parallel mechanism, namely cavitation, may be operative above 1400°C. However,
from the microstructural observation, it is difficult to establish this fact due to the
simultaneous occurrence of volatilisation of the intergranular phases near the surface

region.

5.2.5 Comparison with the “ conventional” Y,03-AlIN system

Figure 5.14 shows the creep curves of different samples under 100 MPa stress at
1400°C. It is observed that the sample with the sintering additive 1Lu-1AIN has the
lowest creep rate of al tested materials. By comparison with the material 3Y-2AIN
annedled for 16 h at 1950°C, this system is established to exhibit better creep

resistance.
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Figure 5.14. A comparison of creep rates for LPSSC showing the improved creep
resistance of the Lu,Os-AIN additive system as compared to the “ conventional” Y,Os-

AIN additives.



Thermomechanical properties 91

5.3 Elastic-plastic behaviour

High temperature compliance tests are perfomed in order to understand the elasto-
plastic behaviour under constant stress-rate testing over a wide temperature range (RT
to 1450°C). Figure 5.15 shows typical stress-strain diagrams recorded at different
temperatures. The shape of the stress-strain loop changes with increasing temperature.
This change is characterised by an increase of the hysteresis loop area which
corresponds to increase in plastic-anelastic deformation and an increase in strain per
unit of applied stress which means a decrease in stiffness. In order to understand the
degradation of the elastic properties, stiffness values have been calculated from the
slope of the loading-unloading curve.

The increase in the hysteresis loop area corresponds to energy-dissipating
processes due to, e.g., the decrease in the interfacial diding resistance between the SIC
grains and intergranular phase [161]. In other words, the increase in loop area with

increase in temperature at a constant maximum load can be correlated with the creep

rel axation.
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Figure 5.15: Typical stress-strain diagram at different temperatures for SC sintered
with 1Lu-1AIN additive.
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From the compliance test, two major parameters, stiffness and hysteresis loop area are
determined and plotted in Figure 5.16 as a function of temperature. The stiffness,
calculated from the slope of the loading-unloading curve, essentialy characterises the
elastic and fast recoverable anelastic components of the material’s behaviour. The slow

anelastic and plastic behaviour can be determined from the loop area.
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Figure 5.16: A comparison of high temperature compliance test results for different
compositions after (a) sintering and (b) annealing at 1950°C for 20 h.
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Inevitably, for all compostional variations, the increase in temperature yields a decrease
in stiffness of the material (Figure 5.16). A similar behaviour is observed in the
anelastic-plastic characteristics where the area under the hysteresis loop increases with

increasing temperature showing the softening of the material.

5.3.1 Effect of composition

Figure 5.16(a) shows the effect of the composition of the as sintered material on high
temperature compliance. In the case of the material containing a lower amount of
Lu,O3, the stiffness and plastic-anelastic properties are inferior due to the poorer
refractoriness of the secondary phase. One of the mechanisms that operate in the plastic
behaviour at elevated temperature is grain boundary dliding. As discussed earlier, the
trade-off between the extent of crystallisation and the refractoriness of the secondary
phases gives rise to superior thermomechanical behaviour in the case of 1Lu-1AIN as

compared to other two compositions in the Lu,Os-AlIN additive system.

5.3.2 Effect of annealing

Upon annedling, intergranular phases crystallise which improves the thermo-elastic
behaviour of the material owing to the fact that the crystalline phases have better
refractoriness than the amorphous phase. Although, after annealing, there is a retraction
of Lu from heterophase boundaries to triple points (Figure 5.2) which may deteriorate
the high temperature el astic-plastic behaviour due to inhomogeneous distribution of the
secondary phases. However, overall elastic-plastic behaviour improves after annealing.

5.3.3 Comparison with the “ conventional” Y,03z-AlN system

It is evident from Figure 5.17 that high temperature stiffness as well as plastic-anelastic
deformation behaviour are improved by the substitution of Y,Os by Lu,Os. The
deformation associated with viscous flow is diminished because of the more refractory
nature of the grain boundary phase in the system Lu,Os-AIN as compared to the Y ,Os-
AIN additive system.
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Figure 5.17: LPSSC with Lu,Os-AIN additive exhibiting superior thermo-elasto-
plastic behaviour as compared to a “ conventional” Y,O3-AIN additive. EkKaSC T is a

commercial material (ESK, Kempten, Germany) which contains mainly yttriunm-
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Figure 6.1 shows the specific mass gain for specimens oxidised in air at temperatures
between 1200 and 1500°C. The specific mass gains increase with temperature for all the
compositions. For all specimens, the oxidation kinetics are observed to be of the
parabolic type. Thus, the oxidation behaviour is governed by the parabolic rate
equation:

AW? = Kyt (6.1)

where AW is the weight gain per unit surface area, K, is the rate constant of parabolic
oxidation and t is the exposure time. From plots of weight gain versus time, the
parabolic rate constants are determined for all systems at different temperatures and are
listed in Table 6.1. The activation energies are also calculated from Arrhenius plots of
the parabolic rate constants (Figure 6.2) and tabulated in Table 6.1.

Table 6.1: Weight gain and parabolic rate constant (kp) for different additive systems
after oxidation at different temperatures.

Material 1Lu-2AIN 1Lu-1AIN 2Lu-1AIN
Weight gain (1200°C, 100 h, mg-cm?) 0.16 0.20 0.35
Rate constant at 1200°C, k, (kg>m™s?) | 543 x 1072 8.72x 10" | 3.33x10™
Weight gain (1400°C, 100 h, mg-cm™) 0.53 0.57 0.40
Rate constant at 1400°C, k, (kg*m™.s™) 7.94 x 10" 411 x 10" | 858x10™
Weight gain (1500°C, 100 h, mg-cm™) 1.52 1.24 1.13
Rate constant at 1500°C, k, (kg*m™*.s™") 6.44 x 100 424 x 10" | 359x 10"
Activation energy between 1200-1500°C 561 + 67 460 + 60 251+ 184
(kJmol)
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Figure 6.1: Parabolic relationship between weight gain and time for (a) 1Lu-2AIN,
(b)1Lu-1AIN and (c) 2Lu-1AIN at different temperatures.
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Figure 6.2: Arrhenius plot of parabolic rate constants for oxidation.

An interesting aspect can be observed in Figure 6.2, which summarises the oxidation
behaviour of three materials with different Lu,O3 contents, namely the differencesin the
temperature dependence of rate constants. At high temperature (=1400°C), materials
containing higher amounts of Lu,O3 are more resistant to oxidation, and below that, the
lowest weight gain corresponds to the material containing more AIN in the additive
system. This difference in oxidation resistance between the three compositions is
believed to be related to the characteristics of the intergranular phases of the systems. At
low temperature (<1400°C), the better oxidation resistance exhibited by the 1Lu-2AIN
containing material is not surprising since its intergranular phase after sintering is more
crystalline which makes difficult to oxygen to diffuse through the intergranular phase
and thereby improving the oxidation resistance. On the other hand, at higher
temperature (=1400°C), the material containing more AIN is less resistant to oxidation
because probably, at those temperatures, the oxidation products Al,Os (forms after
oxidation of AIN [162]) along with SIO, (forms due to the oxidation of SiC) form low
viscous phases (eutectic point in the system Al,03-SIO, is 1587 + 10°C [163]) which
increases the permeability of the oxide layer for oxygen. So, the diffusion of rare earth
cations to the surface is facilitated and larger quantities of oxide products (Lu,Si,O;) are
formed by reaction with SIO, formed during early stages of oxidation (passivation of
SiC grains). So, oxidation proceeds by formation of new SiO, which further reacts with
Lu,Os to form Lu,Siz0y.
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GEMINI

3¢ Tiopm ————— ’ (o) .
H#H6854000 HPI--ALD~-REHM LA DSH 982 GEHMINI

Figure 6.3: SEM images of the oxidised specimens after 100 h at 1200°C in air, (a)
1Lu-2AIN (b) 1Lu-1AIN and (c) 2Lu-1AIN. The images show that a thin oxide layer is
visible in case of the high Lu,O3; content-material (c), as compared to the other two (a
and b). Thisistrue at temperatures <1400°C.
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Figure 6.4: SEM images of oxidised specimens after 100 h at 1500°C in air, (a) 1Lu-
2AIN (b) 1Lu-1AIN and (c) 2Lu-1AIN. The images shows a vigorously oxidised surface
in case of the material containing little Lu,O3 (a) as compared to the other two (b and
c). This suggests that the oxidation resistance is deteriorated with decreasing Lu,Os
content in the intergranular phase at higher temperatures (=1400°C).
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M echanism

For each of the present materials, a faster oxidation rate than expected according to the
parabolic rate law was observed during the initial stage of oxidation. This may be due to
the surface pits and cracks of the specimens which allow ingress of oxygen into a
surface layer of finite thickness. In this case, the measured parabolic rate constant is not
valid because no defined oxide layers formed to control the oxidation rate.

It has been proposed that the parabolic oxidation behaviour of ceramics indicates
that the rate-determining step is a diffusional process associated with the migration of
ions (cation diffusion through the grain boundary phase and/or anion diffusion through
the oxide film) [99,164,165]. High activation energies (250-560 kJ/mal), as found in the
present study, suggest that oxidation proceeds not only by the diffusion of oxygen ion
through the SiO; layer (Qox ~ 150 kJ/mol), but also by interfacial reactions between the
growing SIO; layer and Lu,Os. Presumably, silica formed by the oxidation of SiC reacts
with secondary phases (LusSioN,O7, Lu,O3) and forms Lu,Si,O; by the following
reactions [166] :

SIC(s) +20,(9) — SO (s) + CO2(9) (6.2)
2LusSioN207 (s) + 302 (g) —» 4LuSIOs () + 2N2 () (6.3)
Lup,SiOs (s) + SO, (g) — LueSi»07 (S) (6.4)

Reaction (6.3) and (6.4) occur due to the incompatibility of the Lu,SioN,O7 and Lu,SiOs
phases with SiO, whereas the Lu,Si,O; is compatible with it. However, this explanation
is preliminary because of the lack of thermodynamic studies and the non-availability of
the phase diagram in the system Lu,Os-SiO,. The Yb,03-SIO, phase diagram [167]
(Figure 6.5) can be considered as a guide line for the above discussion (sinceY b, being
very close to Lu in the lanthanide series, is expected to show similar behaviour). The
formation of the Lu,Si»O; phase by oxidation leads to depletion of Lu*" ions below the
surface, resulting in a compositional gradient of Lu*" ions between the surface and bulk
[168]. This leads to migration of Lu** ions from the bulk to the interface of the base
material and the oxide film. Therefore the compositional gradient of Lu®*" ionsaswell as
the incompatibility of lutetium-silicon oxynitride (LusSioN»O7) with SiO, determine the

oxidation of the SiC ceramics.
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In binary rare-earth sesquioxide systems, the characteristic sintering temperature
generally decreases with increasing tolerance factor or increasing cationic radius
difference. However, a linear correlation with sintering temperature can not be
established due to change in the coordination number within the systems.

Sintering additives consisting of a single rare earth component are found to be
unsuitable for the production of dense SIC due to insufficient liquid phase formation
together with the in-situ SIO,. 3-SiC, seeded with a-SIC, was successfully sintered to full
density with Gd,O3-Ho,03 and Dy,03-H0,03 additives. Dense SIC ceramics were also
obtained with Lu,O3; substituted for Y,Os; in the “conventiona” Y,Oz-AIN additive
gsystem, and Lu,O3-AIN proved to be a promising additive system for significantly
improved high temperature properties of LPS-SIC. More than 99% densification were
achieved in all of these systems when sintering was carried out in N, atmosphere. N, is
more effective for full densification as compared to argon atmosphere.

Sintering proceeds through the classical solution-reprecipitation mechanism as
established by SEM, TEM, EDS and AES analysis. Poor wetting behaviour during
sintering and devitrification result in a retraction of rare earth cations from the grain
boundary to triple point regions. The extent of retraction also depends on the cationic
radius of the rare earth elements.

The materials obtained after sintering have a fine-grained homogeneous
microstructure of more or less equiaxed SIC grains which can be suitably designed
through post sintering heat-treatment. Characteristically, the - a-SIC phase
transformation leads to anisotropic grain growth of a-SIC grains which then form an
interlocked platelet type of microstructure. The kinetics of the phase transformation
depends primarily on the viscosity of the secondary phase which is predominantly
influenced by cationic radius and the amount of rare-earth oxidesin the system.

Room temperature fracture toughness, hardness and flexural strength are directly
correlated with the microstructure, the extent of secondary phase devitrification and

concentration of extrinsic defects like pores, surface cracks, etc. Improvementsin fracture
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toughness after annealing treatments are due to crack deflection, crack bridging and
mechanical interlocking mechanisms. Higher bending strength (~ 600 MPa) is observed

if bimodal microstructures are formed. Fine-grained equiaxed microstructures cause

improved flexural strength owing to the o vs. G RL relationship. However, the increase

in average grain size (G ) during post sintering treatments causes lower strength
indicating atrade-off between strength and fracture toughness.

The high temperature strength of the Lu,Os-AIN additive system primarily
depends on the viscosity and the extent of devitrification after sintering and annealing
treatment. The characteristic strength increase at 1200°C with Lu,Os rich additives can be
correlated with the surface crack/flaw healing due to the oxidation. Crystallisation of
intergranular phases and decrease in their amount after the annealing treatment improve
the flexural strength at high temperatures.

Like high temperature strength, the creep deformation rate also depends on the
visco-elastic behaviour of the secondary phase. Devitrification and microstructural
modification after post sintering heat treatments marginally influence the creep rates.
Stress exponent, activation energy and the microstructural modifications observed after
creep tests suggest that the creep deformation is primarily controlled by grain boundary
dliding accomodated by diffusion coupled with some cavity formation.

Elastic-plastic phenomena at high temperature are governed by the characteristic
viscosity of the intergranular phases. Improvements in high temperature stiffness and
plastic-anelastic behaviour occurred with increasing the amount of Lu,Os in the additive
system and the extent of crystallisation of the secondary phase.

The details observation in the parabolic oxidation behaviour showed that the
kinetics of the oxidation process is complex and it is controlled not only by the diffusion

of oxygen through the SIO, layer, but also by surface reactions.



Zusammenfassung (Ger man abstract)

Siliciumcarbid (SIC) erhdt aufgrund seiner Kombinationen von hoher Hérte, guter
thermischer Leitfahigkeit, hoher Besténdigkeit gegen oxidierende und korrodierende
Medien und seines guten Thermoschockverhaltens einen besonderen Stellenwert in der
Reihe der Hochleistungskeramiken. Bel der konventionellen Herstellung von SiIC-
Keramiken wird dem Ausgangspulver prinzipiell ein Sinteradditiv beigemengt. Der
Einsatz von flussigphasenbildenden Additiven erhoht die Sinterfahigkeit und ermdglicht
gezielten Kornwachstum, wodurch eine vollsténdige Verdichtung von SiC-Werkstoffen
erreicht werden kann.

Die Menge an Glasphase muss enerseits fur die Verdichtung und den
Zusammenhalt der SIC-Keramik ausreichend sein, andererseits ist jedoch zu beachten,
dass die Hochtemperatur-eigenschaften und die Oxidationsbesténdigkeit von SiC durch
die Erweichung der Glasphase erheblich beeintréchtigt werden. Um die
Hochtemperaturleistung der Korngrenzenphase zu verbessern, wurden verschiedene
wirksame Sinterhilfsmittel untersucht. Aus der Literatur [3-8] ist bekannt, dass
Seltenerdmetalloxide hochschmelzende viskose Flissigphasen bilden, die Herstellung
hochtemperatur-besténdiger SiC-Werkstoff ermdglichten. Die Seltenerdmetalloxide mit
kleinem lonenradius fuhren dabel zu Uberlegenen Korrosions- und Hochtemperatur-
Korrosionseigenschaften der gesinterten Keramiken [169]. Ein  weliteres
Auswahlkriterium ist die zu fordernde Stabilitdt der Oxidationsstufe 3" unter
reduzierenden Bedingungen, so dass insbesondere die Elemente Gd, Dy, Ho, Er und Lu
als Sinteradditive in Frage kommen.

Ziel der Arbeit ist es, Grundlagen fir die Entwicklung von
hochtemperaturstabilen additivhaltigen SiC-Werkstoffen zu schaffen, die neben sehr
guten Hochtemperatureigenschaften auch Uber hohe Kennwerte bei Raumtemperatur
verfugen. Der Zusammenhang zwischen Geflige und verschiedenen mechanischen und
thermomechanischen Eigenschaften von LPS-SiC wird diskutiert.

Siliciumcarbidkeramik wurde durch druckloses Sintern von Mischungen aus 3-
Siliciumcarbid- und a-Siliciumcarbidpulver —as  Ausgangsmaterialien,  mit
unterschiedlichen Kombinationen von Sesquioxiden der seltenen Erden sowie
Aluminiumnitrid  als  Sinterzusitze, hergestellt. Zur  Untersuchung des
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Verdichtungsverhatens wurden, die Grinlinge in einem Graphit-Widerstandsofen
(Astro Industries bzw. FCT GmbH) unter Ar oder N, als Ofenatmosphére und innerhalb
des Temperaturintervalles zwischen 1850°C und 2150°C gesintert. Die Sinterdichte
wurde mittels der Auftriebsmethode nach Archimedes bestimmt. Zur Bestimmung der
B-SIC - o-SIC-Umwandlungskinetik wurden vollstandig verdichtete Keramiken bei
1950°C fir verschiedenen Zeitdauern in Ny-Atmosphare ausgelagert (im gleichen
Ofen). Die Ermittlung des B-SIC bzw. a-SiC-Phasenanteils erfolgte mit Hilfe von
Rontgenbeugungs- Untersuchungen.

Die Ausbildung des Gefliges wurde mit Hilfe der Rasterelektronenmikroskopie
(REM, DSM 982 Gemini, Zess, und S200, Cambridge Instruments) und
energiegefilterten  Transmissionselektronenmikroskopie (EFTEM, Zeilss EM912
Omega) analysiert. Zur qualitativen Bestimmung der chemischen Zusammensetzung der
Sekundérphasen und fur Untersuchungen der Mikrostruktur wurden Methoden der
analytischen Elektronenmikroskopie (AEM) verwendet.

Die Raumtemperatur-Bruchzahigkeit wurde mit einer Last von 5 kg und einer
Belastungszeit von 15 s mit der Eindruckmethode nach Vickers bestimmt. Messungen
der RT-Biegebruchfestigkeit erfolgten an Proben (Abmessungen ~ 50 x 3 x 4 mm®) im
4-Punkt-Biegeversuch mit Auflagerabstanden von 40 mm auf3en und 20 mm innen, bei
einer Prafgeschwindigkeit von 5 mm/s. Die 4-Punkt-Hochtemperaturbiegebruchfestig-
keit wurde an Luft von 1200°C bis 1500°C bei einer Querhauptgeschwindigkeit von 0.1
mm/s gemessen. Kriechversuche an fliissigphasengesintertem SiC mittels des 4- Punkt-
Biegeversuches wurden von 1200°C bis 1500°C ebenfalls an Luft durchgefihrt. Die
aufgebrachten Lasten lagen dabei zwischen 50 und 300 MPa. Steifigkeitstests mit einer
Last von 100 MPa und einer Belastungsgeschwindigkeit von 0.1 mm/s wurden im
Temperaturbereich von 850°C bis 1450°C in Intervallen von 150 K durchgefihrt.

Messungen des Okxidationswiderstandes wurden bei  verschiedenen
Temperaturen von 1200°C bis 1500°C an Luft durchgefihrt.

Das Additivsystem RE! Os-RE " O;

Herstellung und Verdichtung
In Abb. 1 sind charakteristische Dilatometerlaufe fur alle hergestellten Materiaien

gezeigt. Dabei wurde eine nicht-lineare Korrelation zwischen dem Toleranzfaktor [103],
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einem normierten Radiusverhdltnis der Kationen und Anionen, und der
Sintertemperatur festgestellt. Umfangreiche Sinterstudien wurden durchgeftihrt, und das
Verdichtungsverhalten as Funktion des Temperaturzyklus sowie der Gasatmosphére

wurde Giberwacht, um die Sinterbedingungen zu optimieren.
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Abb. 1: Charakteristische Dilatometerkurven fir SC mit verschiedenen Seltenerdoxid-
Snteradditiven.

Tabelle 1. zeigt die Zusammensetzung der untersuchten Materialien und Ergebnisse aus
Dilatometer- und Sinterstudien mit den verschiedenen Additivsysteme. LPS-SiC-
Keramiken mit 1Gd-1Ho und 1Dy-1Ho erreichen vollstandige Verdichtung bei 2000°C
in No. Ein vortellhafter Effekt von Stickstoff gegeniiber Argon als Sinteratmosphéare
wurde festgestellt.

Tabelle 1. Pulverspezifikationen und Resultate der Dilatometer- und Sinterversuche.

Prozess Zusammensetzung* Additiv SC % % Theor. Temperatur | Atmosphére
(vol%) a:B Masseverlust Dichte (°C) (0.2 MPa)
1Gd-1Er 10 81 1900 Ar
1Gd-1Er 6.4 96 2150 N
D 1Sc 18 52 1950 Ar
||_ 1Sc 8.9 53 2150 N,
/$ 1Lu 5.1 65 2150
o} 1Gd-1Ho 6.3 102 2150
M 1Gd-1Lu 10 10:90 76 % 2150
T 1Dy-1Lu 8.4 82 2150
Ff 1Dy-1Ho 5.0 83 2150
E 1Ho-1Lu 48 91 2150
1Lu-1Y 6.3 99 2150
1Gd-1Ho 33 101 2000
Sintern 1Dy-1Ho 33 99 2000

* 1RE' - 1RE"" bedeutet 50 mol% RE } O3 : 50 mol% RE ) Os
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RT-Bruchzahigkeit und Harte

Als Folge einer Warmebehandlung nach dem Sintern wurde eine Verbesserung der
bruchmechanischen Eigenschaften beobachtet (Abb. 2(a)). Die Ergebnisse zeigen, dass
die RT-Bruchzéhigkeit von LPS-SIC stark vom Aufbau des Gefliges abhangt (Abb. 2(b)
und (c)). Da die Ausbildung der Plattenkornmorphologie eine direkte Folge der
Phasenumwandlung von 3- in a-SiC ist, steigt die Festigkeit mit der Auslagerungsdauer
und damit zunehmendem a-SiC-Anteil im Geflige an. Die Messungen bestétigen die
Ergebnisse von Pezzotti [134], der zeigte, dass Geflige mit langlichen a-SiC-Koérnern
eine bessere Risszahigkeit (K;c) aufweisen as dquiaxiale Mikrostrukturen. Die a-SiIC
Plattchen fuhren zu einer Verzahnung des Gefliges, was bei dem vorliegenden
interkristallinen Bruchverhalten eine hohere Bruchzahigkeit bewirkt.
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Abb. 2: (a) Variation der Bruchzahigkeit und Harte als Funktion der Auslagerungsdauer,
Mikrostrukturen mit 1Dy-1Ho-Additiv, (b) im wie-gesinterten Zustand und (c) nach
Warmebehandlung bei 1950°C flr 40 h.

Das Additivsystem Lu,Os-AIN

Flussigphasensintern und Auslagern

Alle SIC-Proben mit Lu,Os-AIN-Additiven wurden zu hohen Dichten von mehr als 99%
gesintert (Tabelle 2). In Abb. 3 ist ein typisches Geflige einer SIC Keramik aus dem
Material 1Lu-1AIN nach dem Sintern und nach der Auslagerung dargestellt. Eine Kern-
Rand-Struktur der SiC Korner (Abb. 3(a)) kann im REM beobachtet werden. Analysen
mit Auger-Elektronen-Spektroskopie (AES) zeigen, dass im Randbereich der SiC-
Korner Lu, Al, O und N nachgewiesen werden kénnen. Danach kann gefolgert werden,

dass ein L 6sungs-Wiederausschel dungs-Sintermechani smus auftritt [136].
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Tabelle 2. Pulverspezifikationen und Dichten/Masseverluste nach dem Sntern/der
Warmebehandlung.

Prozess Bezeichnung | Additive SiC % % Theor. Temperatur | Atmosphére
(vol%) a:pB Masseverlust Dichte (°C) (10 MPa)

1Lu-2AIN-AS 23 98.9 2100 N
Sintern 1Lu-1AIN-AS 28 99.5 2100 N
2Lu-1AIN-AS 2.6 99.1 2100 N>
1LU-2AIN-AN 10 10:90 08 98.9 1950 N,
Warmebehandlung 1Lu-1AIN-AN 0.6 99.3 1950 N,
2Lu-1AIN-AN 28 98.1 1950 N2

Intensity
EENR T IS

L L L
200 400 600 800 1000 1200 1400 1600
Energy (eV)

Abb. 3: REM-Bilder von (a) gesinterten und (b) Abb. 4: Auger-spektroskopische Mikro-
warmebehandeln 1Lu-1AIN-Gefugen : Rissverlaufe analyse eines SC-Korns nach dem
und Kern-Rand-Sruktur der SC-Korner. Sntern mit 1Lu-1AIN-Additiv.

RT-Bruchzahigkeit und Harte
Die RT-Bruchzéhigkeit und Héarte wurde 6 2
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1
N
N

Hardness (GPa)

graphisch dargestellt. Eine Verbesserung

1
K, (MPam™)

der Bruchzéhigkeit durch weiteres

1
n
o

Tempern nach dem Sintern wurde
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ist teilweise transgranular, wenn grof3ere Korner senkrecht zum Rissverlauf stehen.
Rissablenkung, Risstiberbriickung und mechanische Verzahnung sind zéhigkeits-
steigernde Mechanismen [134]. Der Abfal der Bruchzéhigkeit bei Langzeit-
ausgelagerten Proben wird auf Kornvergroberung mit einem Rickgang der
Kornstreckungsfaktoren zurtickgeftihrt [136]. Zu lange Auslagerungsdauer bewirkt
Poren- und Mikrorisshildung und damit eine ausgepragte V erschlechterung der Harte.

Biegefestigkeit

In Abb. 6 ist die Abhangigkeit der Biegefestigkeit von der Temperatur zwischen RT und
1500°C fur alle Proben dargestellt. Die Biegebruchfestigkeit bel Raumtemperatur hangt
mal3geblich von der Korngrof3e und Sekundarphasenkristallisation der Materialien ab.
Eine relativ hohe RT-

Biegefestigkeit wird fur 1Lu- 700

2AIN festgestellt. Dies lasst sich

auf die Ausbildung einer g

bimodalen Mikrostruktur zuriick- 5 0|

fuhren (Abb. 7) [143]. Wie s T I

l di i 8 20p o AnAs

erwartet, liegen die RT-Biege- T TR LLulANAS
. . 100+ —o—2L u-1AIN-AS

festigkeiten der ausgelagerten I - 0= 2LU-LAINAN

Materialien deutlich unter denen %0 20 @0 &0 &0 100 W 140 160

. Temperature (°C)
der gesinterten Proben, wahrend "
die HT-Festigkeit einen Abb. 6: Biegefestigkeit als Funktion der
Temperatur.

gegenlaufigen Trend zeigt. Nach
der Orowan-Petch-Relation
nimmt durch die Kornvergroberung des Gefliges wahrend der Auslagerung die RT-
Festigkeit wesentlich ab [110]. Die gute HT-Biegefestigkeit nach der Auslagerung der
SiIC-Werkstoffe bis 1400°C bzw. 1500°C basiert auf einem hohen Kristallisationsgrad
und einer Verringerung der Menge der Sekundérphase durch Abdampfen [130].

Die HT-Biegefestigkeit fur 1Lu-2AIN falt gegeniber der RT-Festigkeit
drastisch ab, wéahrend Keramiken mit hohem Lu,Osz-Anteil bis etwa 1200°C eine
ansteigende Festigkeit zeigen. Als Ursache fur diesen Trend kommt ein
Rissausheilungseffekt in Frage, durch den in der Néhe der Risse Druckspannungen
entstehen. Moglicherweise ergeben sich diese  Druckspannungen durch die



110 Zusammenfassung

Phasenumwandlung  von
Oxynitrid zu Oxid in ener
Oberflachenschicht  [125].
Oberhab ener Grenz-
temperatur zwischen 1200
und 1400°C fdlt die
Festigkeit aufgrund  der

Abb. 7: Gefiige von 1Lu-2AIN zeigen (a) bimodale

Korngrolenverteilung nach dem Sntern und (b)

Erweichung der Sekundér-

phase ab. Kornvergroberung nach einer zusitzlichen

Warmebehandlung bei 1950°C fiir 20 h.

Kriechverformung

Unter den Bedingungen des Hochtemperatur-Kriechens lasst sich die Abhangigkeit der
stationdren Kriechrate & von der angelegten Spannung o und der Temperatur T meist in
der Form [114] :

E= A" YT N

darstellen, wobei n der Spannungsexponent, R die Gas-Konstante, Q die
Aktivierungsenergie und A eine Konstante ist.
In Abb. 8 ist fir verschiedene Materialien, die sich im Lu,Os-Anteil des Additivs

unterschieden, die Kriechge- 1E6

. . " . . A A 1Lu-2AIN-AS|
schwindigkeit in Abhéngigkeit von Om 1LU-IAIN-AS
O ® 2L u-1AIN-AS

der Kriechzeit bei Temperaturen 167
von 1300 bzw. 1400°C und einer
Biegespannung von 100 MPa

WO 5 994107 s

doppellogarithmisch  aufgetragen. EaTrres S
1E-94 i%%gj s; 1300°C
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1E-84

Strain rate (sY)

e BT 7.26x10°s* 1400°C

Werkstoffe liegen bei ca 1 x 107 10 .
s’ bzw. bei 1 x 10° s'. Die Time(n)
Kriechbestandigkeit der unter-  Abb. 8: Kriechraten von verschiedener Materialien
suchten Materialien ist damit im  bel 100 MPa Biegespannung.
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Vergleich zu anderen flissigphasengesinterten Keramiken auferordentlich hoch und
wird nur noch durch einen kurzlich entwickelten Siliciumnitridwerkstoff mit Lu,Os als
einiges Sinteradditiv Ubertroffen [170]. Aus Abb. 8 lasst sich abschétzen, dass die
hochsten Kriechgeschwindigkeiten bei htheren AIN-gehalten im Additiv erreicht
werden, da hier auch die Viskositét der Glasphase am niedrigsten ist.

Die Spannungsexponenten und die Aktivierungsenergien fir 1Lu-1AIN
Materialien lassen sich nach Gleichung (1) aus Abb. 9 und Abb. 10 ermitteln. Da
stationdres Kriechen, bei den vorliegenden Materialien nicht erreicht wird, wurden
ersatzweise die Kriechen nach 20 h als Funktion der Spannung bzw. der reziproken
Temperatur aufgetragen sind. Zwischen 1200°C und 1500°C ergaben sich
Spannungsexponenten von etwa 1 bis 1.7. Fur die Aktivierungsenergien dieser
Materialien werden Werte von etwa 250 bis 450 kJ/mol erhalten.

Temperature (°C)

= AA 1Lu-2AIN 167+ 15|00 14.00 1?,'00 12.00
oom 1Lu-1AIN E o.
©0® 2Lu-1AIN ] 3 A 1Lu-2AIN
1 Y, o 1Lu-1AIN
n=17 | / o 2Lu-1AIN

Q (kJ/mal)

1E-8- ) n=17 n=17
n % ]
0 n " 4
169 e / n=1
1300°c{

1E-10

Strain rate (s?)
Strain rate (s?)

wiko

1E-9+

T
1E-10 T T
100 55 6 6,5 7

Stress (MPa)
(MPa) 10°/T (K™

Abb. 9: Spannungsexponenten n wie-  Abb. 10: Aktivierungsenergien Q wie-
gesinterter Materialien bel verschiedenen  gesinterter Proben bei unterschiedlichen

Temperaturen. Biegespannungen.

In Abb. 11 ist eine REM-Aufnahme der
Zugseite einer SiC-Kriechprobe der
Zusammensetzung 1Lu-1AIN gezeigt.
Am Rand sind Poren an den
Korngrenzen in der Keramikmatrix zu

erkennen.

dem Kriechversuch (1400°C, 60 h, 100 MPa).
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In der Analyse des Biegekriechens von Hollenberg et al. [115] wird vorausgesetzt, dass
fur kleine Dehnungen (< 2%) das Kriechverhalten aufgrund der stabilen Mittellage der
neutralen Faser bezuglich Zug- und Druckbelastung symmetrisch ist. Deshalb ist die
durch Gleichung (1) gegebene Kriechgeschwindigkeit im vorliegenden Falle giltig. Im
Prinzip spiegeln sich die dominierenden mikroskopischen Prozesse in  den
Kriechparametern n und Q wieder. Fur LPS-SIC werden in 4-Punkt-Biegung
Spannungsexponenten von n = 1 — 2 berichtet, wobei Korngrenzengleiten (bzw.
viskoses Flief?en des Korngrenzenfilms) oder grenzschichtkontrollierte Diffusion als
Kriechmechanismen in Betracht gezogen werden [118,119,151,154-157]. Die
ermittelten Spannungsexponenten von n = 1.0 — 1.7 liegen somit in guter
Ubereinstimmung mit der Literatur. Die gemessene durchschnittliche
Aktivierungsenergie (250-450 kJmol) deutet auf viskoses Flief?en von amorphen
Silikatphasen hin [120,160].

Hochtemper atur steifigkeit

Zum besseren Verstandnis des elastisch-plastischen Verhaltens bei hoher Temperatur
wurde ein dynamischer Belastungstest durchgefiinrt (100 MPa, 60 s Belastungszeit).
Der Verformungsgrad ist dabei ein MaR fur die Steifigkeit, und die Hysterese zwischen
Be- und Entlastungskurve

1 1 0% H 450 —A— 1L u-2AIN-AS 6000
ist ein Ma3 far die i CmiliANAS
. ) i aady '\ —e—2Lu-1AIN-ASA 5000
dissipierte Energie. Eine ol * i ]
Z I V_/ A .\.s' 14000
grof3e Hystereseflache und g IBf I I
I a [ * 3000 &»
ein deutlicher Abfall der 7 = . g
i . £ 3| H2000 B
Steifigkeit  zu  hohen 5 | /; I R
. 300 - A / = 41000
Temperaturen hin werden o /:/ ]
51 9 —e— B 1o
im Fale von 1Lu-2AIN P
0 200 400 600 800 1000 1200 1400 1600
beobachtet (Abb 12) Dies Temperature (°C)

liegt an der Erweichung der Abb. 11: Ergebnisse der HT-Steifigkeitstests mit

Sekundarphase  bei  hoher ver schiedenen Material zusammensetzungen.

Temperatur. Die Steifigkeit
zeigt bel der mittleren Zusammensetzung 1Lu-1AIN den besten Verlauf, wo
offensichtlich ein optimaler Kompromiss zwischen Viskositéat und Kristallisationsgrad

erreicht wird.
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Oxidation

Die Oxidation von Siliciumcarbid ist durch ein parabolisches Geschwindigkeitsgesetz
gekennzeichnet (Abb. 13(a) und (b)). Danach verlauft die Gewichtszunahme in allen
Falen nach einem diffusionsgesteuerten Mechanismus. Das gute Oxidationsverhalten
der Lu,Os-reichen SiC-Werkstoffe 1Lu-1AIN und 2Lu-1AIN bis 1400°C bzw. 1500°C
basiert auf einer hohen Viskositat der Lu,Os-reichen amorphen Restphase, die zu einer
niedrigen Rate der Auswartsdiffusion von Additivionen zur Oxidationsoberfl&che fuhrt.
Die Oxidationsrate Lu,Os-armer Materialien bei der niedrigsten untersuchten
Temperatur von 1200°C ist besonders niedrig, weil der Kristalisationsgrad in diesem
Material sehr hoch ist (Abb. 13(b)). Die Oxidationskinetik wird also wahrscheinlich bei
niedriger Temperatur, wo die silikatische Oxidschicht dinn ist, durch die
Anionendiffusion durch die Oxidschicht hindurch kontrolliert, bei hoher Temperatur
dagegen durch Kationendiffusion durch die glasartige Sekundarphase zur
oberfléachlichen Oxidschicht hin. Die Absolutwerte der Oxidationsrate sind in alen

Fallen in Vergleich zu andern fllssigphasengesinterten, Si-basierten Werkstoffen sehr
niedrig [171,172].

~_
&

(b)

0,20 4
2\ T =1200°C A 1LU-2AIN E T =1500°C A 1Lu-2AIN
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€ 010 ° £
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Abb. 13: Parabolische Oxidationsrate verschieden zusammengesetzter Materialien bei (a)
1200°C und (b) 1500°C.
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