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Chapter 1

General introduction

Without doubt, C is the most important interstitial alloying element in Fe-based alloys, being
contained in almost all technically applied steels. By thermochemical surface treatments [1],
additional amounts of interstitially dissolved elements can be introduced into a zone close to the
surface of the treated material. Nitriding and nitrocarburising are two of those thermochemical
surface treatment procedures widely applied in industry, during which N (and during nitrocar-
burising also C) are incorporated into the specimen. During the treatment, a diffusion zone and,
if the chemical potentials of N and C are sufficiently high, a compound layer form close to the
surface of the specimen, see Figure 1.1.

Nitriding and nitrocarburising are performed in order to improve e.g. the mechanical, tribo-
logical and anti-corrosion properties of the area close to the surface of a material. The main
advantage of these processes is the low treatment temperature, leading only to minor changes
of the microstructure and, therefore, of the properties of the bulk material. Both processes can
be performed in different media, i.e. in a salt bath, in plasma or, as discussed here, in an at-
mosphere containing different gas species supplying N and/or C to the specimen, usually in a
temperature range of 723 K to 863 K [1, 2].

1.1 Phases in the binary Fe–C and Fe–N systems and the
ternary Fe–N–C system

The terminal solution phases in the binary Fe–C (Figure 1.2a) [3] and Fe–N (Figure 1.2b) [4]
systems are the α/δ (bcc Fe) and γ (fcc Fe) phases. In the stable state, no other phases than
those and N2 gas and graphite exist. However, there are several metastable intermediate phases
that can be formed by e.g. implying sufficiently high chemical potentials of N and C (see
Section 1.2). In the binary Fe–C system, metastable cementite (θ) exists with a small solubility
range with the formula Fe3C1−z [5–16], see also Chapter 5. In the phase diagram in Figure 1.2a,
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θ (cementite)
ε-iron carbonitride
γ′-iron nitride

compound layer

diffusion zone

α-iron
with precipitates
 α′′-iron nitride
 γ′-iron nitride

NH , H , CO, CO , H O3 2 2 2N, C

N, C

N, C
interstitially dissolved

Nitrocarburising atmosphere

Figure 1.1: Schematic illustration of the process of nitrocarburising of iron. In the diffusion zone,
N and C are interstitially dissolved into α-Fe. During cooling, precipitates of α′′-iron nitride and
γ′-iron (carbo)nitride form. On top, a compound layer can form that consists of θ-iron carbide
(cementite), ε-iron carbonitride and γ′-iron (carbo)nitride.

this homogeneity range is not shown. Until today, only trace amounts of N have been found in
θ [17,18]. Higher metastable carbides [19] as χ-Fe5C2 also exist in the Fe–C system but are not
considered here.

In the Fe–N system (Figure 1.2b), the role of cementite is taken by the metastable γ′ phase
with the formula Fe4N1−x, showing a modest homogeneity range [20–22]. γ′ is formed by N
occupying only one octahedral site in each unit cell of an fcc-type Fe lattice, leading to L12-type
order. γ′ can dissolve small but significant amounts of C, see also Chapter 6. The ε phase can
be considered as an interstitial solution of N and C in hcp Fe. Depending on the composition,
varying degrees of ordering can be observed. The ε phase shows a large homogeneity range in
the binary Fe–N system and extends to the ternary Fe–N–C system with N being replaced by
C. In contrast to the binary Fe–N system, in the ternary Fe–N–C system, an equilibrium of α

and ε can be observed at intermediate temperatures. This is discussed in detail in Chapter 4. No
additional phases of essential ternary character exist in the ternary Fe–N–C system.

1.2 Thermodynamics of gaseous nitriding and
nitrocarburising of iron

The thermodynamics of gaseous nitriding and nitrocarburising can be described following the
approach in References1 and 23–25. N can theoretically be taken up into the specimen from N2

gas according to
1
2

N2 
 [N] (1.1)

10



General introduction

(a) (b)

Figure 1.2: a) Phase diagram of the binary Fe–C system, taken from Reference 3, showing both the
stable (solid lines) and metastable (dashed lines) equilibria. In the stable system, the α/δ, γ, graphite
and liquid phase are in equilibrium with each other. In the metastable system, graphite formation
is suppressed. Therefore, the cementite (θ) phase is formed, here approximated by stoichiometric
Fe3C. b) Phase diagram of the metastable Fe–N system, taken from Reference 4. In the shown tem-
perature range, only the solid phases α, γ, γ′ (here shown as Fe4N), ε and the not further considered
Fe2N exist.

with [N] denoting N dissolved in Fe. The chemical potential of N µN can then be calculated as

µN = ◦µN +RT ln
(

pN2
◦p

)1/2

= ◦µN +RT lnaN, (1.2)

with the standard chemical potential of N ◦µN, the partial pressure of N2 pN2 , the standard
pressure ◦p and the activity of nitrogen aN, assuming ideal behaviour of the gas phase. However,
at technically achievable pressures, the resulting chemical potentials of N are too low in order
to obtain significant N contents in the specimen. Furthermore, formation of nitride phases is
not possible due to their metastable character. Therefore, usually mixtures of NH3 and H2 are
applied for technical nitriding. The equilibrium

NH3 
 [N]+
3
2

H2 (1.3)

then controls the chemical potential of N in equilibrium with the surface of the specimen. Using
Equation 1.2 and the equilibrium constant KN of the reaction

NH3 

1
2

N2 +
3
2

H2, (1.4)
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Figure 1.3: Lehrer diagram [28] taken from Reference 27, showing which phase is formed at the
surface of a pure Fe specimen upon gas nitriding at a certain temperature and nitriding potential
rN = pNH3 p−

3/2
H2

together with lines of constant N content.

it follows

µN = ◦µN +RT ln
pNH3

◦p1/2

p
3/2
H2

KN. (1.5)

with the partial pressure of NH3 pNH3 and the partial pressure of H2 pH2 . KN can be calculated
from standard Gibbs energies of the gas species, e.g. given in Reference 26. The ratio rN =

pNH3/p
3/2
H2

as a process parameter is often called the nitriding potential. Because rN is directly
proportional to the nitrogen activity (aN = ◦p1/2KNrN), it can be used as an axis variable in a
potential phase diagram (Lehrer diagram) as shown in Figure 1.3 (taken from Reference 27) as
first done by Lehrer [28], here shown with added lines of equal N content.

For carburising and nitrocarburising, a large variety of different gas mixes can be applied,
leading to different equilibria governing the chemical potential of carbon. In the following, only
the relevant equilibria are dealt with. CO in the gas phase leads to an uptake of C according to
the reaction

2CO 
 [C]+CO2 (1.6)

12
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with [C] denoting carbon dissolved in iron. Following similar arguments as above, the chemical
potential in the gas phase can be calculated as

µC1 =
◦
µC +RT ln

p2
CO

pCO2
◦p

KC1 (1.7)

with the equilibrium constant KC1 of the Boudouard reaction

2CO 
 C+CO2 (1.8)

and the partial pressures of CO and CO2, pCO and pCO2 . Due to the presence of H2 in the
atmosphere, furthermore the heterogeneous water gas reaction

CO+H2 
 [C]+H2O (1.9)

has to be considered, defining a chemical potential in the gas phase after

µC2 =
◦
µC +RT ln

pCO pH2

pH2O
◦p

KC2. (1.10)

with the equilibrium constant KC2 of the heterogeneous water gas reaction

CO+H2 
 C+H2O (1.11)

and the partial pressure of H2O pH2O.
The gas-phase composition is adjusted that a unique chemical potential of C, µC = µC1 =

µC2 is defined. Therefore, control of the partial pressures of NH3, H2, CO, CO2 and H2O
is necessary. It is also possible to consider a large variety of other carburising reactions, e.g.
involving methane or other hydrocarbons. In detail, this is dealt with in Reference 1 and 24.

On a laboratory scale, nitriding and nitrocarburising can be performed in a fused silica tube
furnace. A schematic illustration of the furnace used for the experiments performed in the
present work is shown in Figure 1.4. The furnace is equipped with gas supplies for NH3, H2,
CO, CO2, CH4 (not used in this work), H2O and N2 (the latter as a filler gas). The partial
pressure of each gas can be precisely controlled by mass-flow controllers. In order to keep
the gas composition constant, a high flow rate is used. The specimen is suspended from the
specimen rod by a fused silica fibre. Before the start of the experiment, the specimen is located
in the upper cool zone of the furnace until a constant gas composition can be assured. The
specimen is then lowered into the hot zone of the furnace, defining the start of the treatment. At
the end of the treatment, the valve is opened and the specimen is quenched in N2-flushed water

13
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waste gas

NH , H , CO,3 2

CO , H O, N2 2 2 

N2

H O2

specimen rod

fused silica fibre

fused silica tube

insulation

specimen

valve

quenching flask

Figure 1.4: Fused silica tube furnace used in the present work with gas supplies for NH3, H2,
CO, CO2, H2O and N2. The specimen is suspended on a fused silica fibre that can be destroyed,
quenching the specimen in N2-flushed water and defining the end of the treatment.

(to prevent oxidation) by destroying the fused silica fibre. Lower cooling rates can be realised
by either lifting the specimen to the cool zone of the furnace or setting the heating power of the
furnace to zero.

In theory, if the chemical potentials of N and/or C in the gas phase are controlled as described
above, an equilibrium at the surface of the nitrided/nitrocarburised specimen can be established.
However, in reality, often only a steady state is reached, leading to kinetically controlled con-
stant N and/or C contents at the surface of the specimen [1, 25, 29, 30].

1.3 Thermodynamic modelling – the CALPHAD approach

Thermodynamic modelling has been performed in the past for the Fe–C system in Refer-
ences 31–34 and for the Fe–N system in References 31 and 35–43. For the ternary Fe–N–C
system, thermodynamic models are available in References 39, 41 and 43–47.

The CALPHAD approach has been developed since the early 1970s [48]. The CALPHAD
approach is based on thermodynamic descriptions of the Gibbs energy of each single phase oc-
curring in the considered system. Therefore, starting from the Gibbs energies of the elements,

14



General introduction

as published in Reference 49, the Gibbs energy for the binary alloys can be obtained by extrap-
olation. Then, by introducing additional parameters, the model for the binary system is fitted on
the basis of experimental data. For ternary systems, the same steps are followed. Often, the de-
scription of ternary systems already gives a good extrapolation of the behaviour of higher order
systems, e.g. technically applied steels [50]. In principle, however, it is possible to introduce
parameters of arbitrary order.

The compound energy formalism [51] is the most frequently used approach to model the
Gibbs energy of solution phases. In principle, it is capable of handling any number of sub-
lattices. A purely substitutional solution phase would be described by mixing on only one
sublattice. With two sublattices, then also called Hillert-Staffansson approach [52], it is possi-
ble to describe e.g. interstitial solutions or reciprocal salt systems. Depending on the crystal
structure, the sublattices can have different numbers of sites relative to each other, resulting in
a general formula of the phase ϕ of e.g. (A,B)a(C,D)c for a quaternary solution with elements
A and B on the first sublattice with a sites and C and D on the second sublattice with c sites.
When order is considered, often more sublattices are needed. Each combination of components
for which the sublattices are fully occupied is called an end-member. Those end-members can
be pure metals or compounds for which the Gibbs energy can easily be described by fitting for
experimental data of any thermodynamic quantities. However, often the end-members will be
metastable in a large temperature range or even experimentally inaccessible hypothetical states.
The Gibbs energy of e.g. the end member AaDc in its non-magnetic state, ◦Gϕ

A:D (with A:D de-
noting sublattices fully occupied by A and D), is then modelled with a temperature-dependent
series after [50]

◦Gϕ

A:D−a◦Gref
A − c◦Gref

D = a+bT + cT lnT +d1T 2 +d2T−1 +d3T 3 . . . (1.12)

with the reference Gibbs energy of A and D, ◦Gref
A and ◦Gref

D and any number of model param-
eters a,b,c,d1,d2,d3 . . . that is needed describe the experimental data. For the reference Gibbs
energy, often the so-called SER state is chosen, which is the enthalpy of the element in its stable
state at 298 K and 1×105 Pa [49]. However, it is also possible to refer the Gibbs energy of the
end members to the Gibbs energy of the elements. If then only the parameters a and b are used,
this is identical with the application of the Neumann-Kopp rule [53, 54] for the heat capacities.

The total Gibbs energy per formula unit of any phase ϕ can be formulated as [50]

Gϕ
m = Gϕ,srf

m +Gϕ,phys
m −T Sϕ,cnf

m +Gϕ,ex
m (1.13)
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with the Gibbs energy of the surface of reference Gϕ,srf
m , i.e. a mechanical mixture of the end

members, the physical contribution Gϕ,phys
m which considers especially, but not only magnetic

ordering, the ideal configurational entropy Sϕ,cnf as estimated by the Stirling formula and the
excess Gibbs energy Gϕ,ex

m considering all other contributions.
The most important contribution to Gϕ,phys

m in Equation (1.13) considered in this work is due
to magnetic ordering. Most frequently, the Inden model [55, 56] is applied. Accordingly, the
magnetic contribution Gϕ,mag to the phase ϕ can be described by

Gϕ,mag = RT f (τ) ln(β ϕ +1) (1.14)

with the reduced temperature τ = T/T ϕ

Curie or τ = T/T ϕ

Neel, whereby T ϕ

Curie and T ϕ

Neel denote
the Curie temperature and the Neel temperature of the magnetic order/disorder transformation,
respectively, and the magnetic moment β ϕ, and [50]

f (τ) =

1− 1
A

[
79τ−1

140p + 474
497

(
1
p −1

)(
τ3

6 + τ9

135 +
τ15

600

)]
τ < 1

− 1
A

(
τ−5

10 + τ−15

315 + τ−25

1500

)
τ ≥ 1

(1.15)

with
A =

518
1125

+
11692
15975

(
1
p
−1
)
. (1.16)

The constant p depends on the crystal structure: p = 0.4 can be used for bcc materials and
p = 0.28 for materials with other crystal structures [55].

Both, the ideal configurational entropy and the excess Gibbs energy contributions will be
explained in the following by a few examples in the ternary Fe–N–C system.

The liquid phase is in a state of no long-range order. Therefore, a substitutional solution
model can be applied. The end members are then liquid Fe, liquid N and liquid C. Therefore,
the total Gibbs energy of the liquid phase can be written as

Gl
m = xl

Fe
◦Gl

Fe + xl
N
◦Gl

N + xl
C
◦Gl

C +RT (xl
Fe lnxl

Fe + xl
N lnxl

N + xl
C lnxl

C)+Gl,ex
m (1.17)

with the molar fractions of Fe, N and C in the liquid phase, xl
Fe, xl

N and xl
C, and

Gl,ex
m = xl

Fexl
NLl

Fe,N + xl
Cxl

FeL
l
C,Fe + xl

Cxl
NLl

C,N + xl
Cxl

Fexl
NLl

C,Fe,N. (1.18)

16



General introduction

The binary interaction parameters Ll
Fe,N, Ll

C,Fe and Ll
C,N can be concentration dependent, most

frequently expressed by a Redlich-Kister series [57], e.g.

Ll
Fe,N = ∑

k

kLl
Fe,N(x

l
Fe− xl

N)
k. (1.19)

where the convention is that the elements are taken in alphabetic order of their symbol. The
coefficients of this series kLl

Fe,N are called the k-th order interaction parameter. If all interaction
parameters equal zero, the model is called an ideal-solution model. With the zeroth (first)
order interaction parameter the model is called a (sub-)regular-solution model. For the ternary
interaction parameter Ll

C,Fe,N, a concentration-dependent value can be modelled by using the
relations presented in Reference 58.

For the γ phase in the Fe–N–C system, N and C are interstitially dissolved in the octahedral
sites of the fcc Fe lattice (one octahedral site per Fe atom). Therefore, in the compound energy
formalism, it can be considered as a solution phase of the compounds FeVa (with Va denoting
vacancies), FeN and FeC. Therefore, the Gibbs energy per mole formula unit can be written as

Gγ
m = yγ

Va
◦Gγ

Fe:Va + yγ

N
◦Gγ

Fe:N + yγ

C
◦Gγ

Fe:C +RT (yγ

Va lnyγ

Va + yγ

N lnyγ

N + yγ

C lnyγ

C)+Gγ,ex
m , (1.20)

with the site fractions of Va, N and C in γ, yγ

Va, yγ

N and yγ

C, taking into account that yγ

Fe = 1 in all
cases, and with e.g. a regular-solution model for the excess interactions, i.e.

Gγ,ex
m = yγ

Nyγ

Va
0Lγ

Fe:N,Va + yγ

Cyγ

Va
0Lγ

Fe:C,Va + yγ

Cyγ

N
0Lγ

Fe:C,N. (1.21)

Because the first sublattice is only occupied by Fe, only interactions on the second sublattice
are considered. Other phases in the Fe–N–C system can be modelled using similar expres-
sions for the Gibbs energy. However, for the α phase, a sublattice model with the formula
unit Fe(C,N,Va)3 and for the θ phase, a sublattice model with the formula unit Fe3(C,Va) (see
Chapter 5) is used.

The γ′ phase can be described by a sublattice model with the formula unit Fe4(C,N,Va). How-
ever, in order to transform e.g. the Wagner-Schottky-type [59] and Gorsky-Bragg-Williams-
type [60–63] models as applied for a thermodynamic description of this phase in References 20–
22, introducing disorder of N, into the compound energy formalism, more sublattices are nec-
essary: in principle, the γ′ phase is a solution of N in an fcc-type Fe lattice, in which N and
Va are ordered. Thus, a model according to the formula unit Fe4(N,Va)(N,Va)(N,Va)(N,Va), i.e.
using using five sublattices, would give a complete description of binary γ′. If only L12 ordering
is considered, three of the interstitial sublattices are equivalent and the resulting model is de-
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scribed by the formula unit Fe4(N,Va)(N,Va)3. Therefore, four different Gibbs energies of end
members are needed to describe the model: ◦Gγ′

Fe:N:Va (stoichiometric γ′-Fe4N), ◦Gγ′

Fe:Va:N (Fe4N3

with L12-ordered vacancies), ◦Gγ′

Fe:Va:Va (pure Fe in the same arrangement as in γ′, i.e. fcc Fe
with an expanded lattice) and ◦Gγ′

Fe:N:N (NaCl-type FeN). For the Gorsky-Bragg-Williams-type
model from Reference 22, also a binary interaction parameter on the third sublattice is needed.

Ordering can also be considered for ε as performed in References 64–66. In the CALPHAD-
type thermodynamic description, however, a simpler sublattice model with the formula unit
Fe2(C,N,Va) [41, 45–47] (see also Chapter 6) or Fe(C,N,Va) [39, 43] with several interaction
parameters describing the non-ideal behaviour is used.

1.3.1 Software for thermodynamic calculations

In principle, equilibrium calculations can be performed for any system by hand or by using any
software that is capable of solving non-linear systems of equations. However, several commer-
cial and non-commercial software packages are available [67–71], which are particularly suited
to deal with the special mathematical problems associated with the usually employed Gibbs-
energy functions and which can be used together with commercial thermodynamic databases
or with Gibbs-energy functions from the literature. In all cases, in the work presented in Chap-
ters 2, 3, 4, 5 and 6, the Thermo-Calc software [70] has been applied.

1.4 Ternary interstitial diffusion

The thickness of the compound layer formed upon nitriding and nitrocarburising of iron and
steels increases with the treatment time. In an ideal case, the layer growth of a compound layer
is diffusion controlled. Upon nitriding of C-containing steel or nitrocarburising of any Fe alloy,
simultaneous diffusion of N and C occurs.

In a hydrostatic state of stress, a diffusional flux of a component k jk is caused by a gradient
in its chemical potential [72, 73]

jk =−LklRT ∇µl. (1.22)

with the Onsager coefficients Lkl . Because the concentration of a component is much more
accessible by experiment than its chemical potential, more often, Fick’s first law

jk =−Dkl∇cl (1.23)

is used with the in general concentration dependent diffusivity matrix Dkl , considering the influ-
ence of the chemical potential of component k by the other components. The diffusivity matrix
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can be related to the self-diffusion coefficients of each component D∗k by the thermodynamic
factor ϑkl

Dkl = D∗k
ck

RT
∂ µk

∂cl
= D∗kϑkl, (1.24)

resulting from setting Equations (1.22) and (1.23) equal. If the self-diffusion coefficients are in-
dependent of concentration, the concentration dependence of the diffusivity can be calculated by
applying thermodynamic models for the relevant phases describing the chemical potential. Two
properties of the thermodynamic factor are worth mentioning here: (i) the diagonal components
must be positive, but the off-diagonal components can also be negative; (ii) the off-diagonal
components must have the same sign, recognising that the concentrations are always positive
and since ∂ µk/∂cl = ∂ µl/∂ck because of the symmetry of partial derivatives.

The resulting concentration profile can then be calculated by integrating Fick’s second law,
given in one spatial dimension as

∂ck

∂ t
=

∂

∂x

(
Dkl

∂cl

∂x

)
. (1.25)

1.5 Outlook of the thesis

In the recent past, the Fe–N–C system has been studied extensively [29, 74–82]. However, this
research on the Fe–N–C system also showed that the recently obtained experimental data can
only be described partly by each of the models from the literature [39,41,43,45–47]: e.g. when
comparing the most recent complete models [41, 43], it was found that one [41] is superior
describing the invariant temperatures [82], the other [43] for the phase boundaries [82] and
thermodynamics of the ε phase [81]. This recognition provided the impetus for the research in
the present work.

A study on simultaneous diffusion of N and C in the ε phase has already been performed
in Reference 81. In Chapter 2, a different set of microstructures and a different temperature
were applied in order to confirm the results from Reference 81. Because of the differently
shaped concentration-depth profiles, the evaluation method had to be modified. A completely
new approach has been used to determine the components of the diffusivity matrix. The main
conclusions support the informations presented in Reference 81: the off-diagonal components
of the diffusivity matrix have significantly positive values. This result gives important thermo-
dynamic information about the ε phase: these data are only compatible with the thermodynamic
model from Reference 43 and incompatible with the thermodynamic model from Reference 41.

Most of the nitriding and nitrocarburising experiments in the present work were terminated
by quenching the specimen in water to room temperature in order to preserve the microstructure
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present at the treatment temperature. Chapter 3 is dedicated to investigating the decomposition
microstructures forming in Fe–N–C compound layers upon slow cooling or quenching and sub-
sequent annealing at a temperature lower than the treatment temperature. Thereby, a lamellar
γ′+ε microstructure emerged due with a strict orientation relationship which has been deter-
mined and reported.

The α+ε equilibrium in the Fe–N–C system is of great importance for nitrocarburising of
iron and steels: a pure ε layer is desired in contact with the substrate, leading to improved
anti-corrosion, wear and tribological properties [1]. However, the equilibrium of α and ε was
not recognised by early studies [83, 84] of the system, in contrast to later works [29, 75, 82,
85–96]. In Reference 75 a temperature range for the temperature of the α+ε
γ′+θ invariant
reaction has been determined. In Chapter 4, systematic microstructure analyses were performed
in order to refine and complement the findings in Reference 75. It was shown that the reaction
α+ε
γ′+θ is not the only possibility of how the α+ε equilibrium appears in the Fe–N–C system
upon increasing temperature. The microstructural analysis was accompanied by thermodynamic
calculations, comparing all of the models for the Fe–N–C system from the literature [39,41,43–
47] to each other and the experimental data.

The cementite (θ) phase is treated as stoichiometric Fe3C by many works from the litera-
ture [3, 31–34, 97, 98]. However, for a long time there is strong evidence [5–15] that in equilib-
rium, the actual C content of cementite is below 25 at.%. A new study [16] provided for the first
time accurate data for the composition of cementite in equilibrium with α and γ. These data
have been used in Chapter 5 in order to develop a new thermodynamic CALPHAD-type ther-
modynamic description for the cementite phase, considering its non-stoichiometric character.

In Chapter 6, new CALPHAD-type thermodynamic descriptions for both the Fe–N and Fe–
N–C systems are presented. For the sub-system Fe–C, the description obtained in Chapter 5
was used. The model for the Fe–N system improves the agreement with experimental data,
especially for the γ′/ε equilibrium. The new description of the Fe–N–C system excellently
agrees with the recently obtained experimental data obtained in Reference 82 and in Chapter 4
for both the invariant temperatures and the phase boundaries, data that could not be reproduced
using the thermodynamic descriptions of this system from the literature. Furthermore, the sign
of the thermodynamic factors agrees with the experimentally obtained results in Reference 81
and Chapter 2.
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N and C interstitial diffusion and
thermodynamic interactions in ε-iron
carbonitride

Holger Göhring, Andreas Leineweber, Eric Jan Mittemeijer

The simultaneous diffusion of N and C over the interstitial sites of the
Fe-sublattice of ε-iron carbonitride was studied. To this end, gas nitrocar-
burising experiments of pure Fe and Fe–C alloys were performed at 853 K
(580 ◦C), leading to two different types of microstructures containing ε

(sub)layers. These microstructures were investigated by light microscopy,
electron probe micro analysis and X-ray diffraction in order to evaluate the
components of the (N and C) diffusivity matrix. The off-diagonal compo-
nents of the diffusivity matrix were shown to have significant, non-negligible
values. These results provided insight into the thermodynamics of the Fe–
N–C system.

2.1 Introduction

Nitriding and nitrocarburising are common thermo-chemical heat treatment processes used in
order to improve e.g. the corrosion, wear and fatigue resistances of iron-based alloys [25].
In view of nitriding and nitrocarburising being widely applied in industry, there is a surpris-
ing lack of knowledge regarding the constitution of the ternary system Fe–N–C, whereas such
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Table 2.1: Characteristics of the Fe–N–C phases relevant for the present work. Volume per mole Fe
was calculated from the lattice-parameter data presented in the cited literature.

phase space group composition Vm,Fe/(10−6 m3 mol−1)

α-iron, ferrite Im3̄m very low N and C contents 7.3 [99]
γ′-Fe4N Pm3̄m almost stoichiometric 8.2 [100]

ε-Fe3(N,C)1+x P6322 wide N and C ranges 8.4 [101]
θ-Fe3C, cementite Pnma stoichiometric 7.8 [102]

knowledge is a prerequisite to arrive at fundamental understanding of the effects of nitriding
and nitrocarburising of steels (normally containing carbon).

For predictions of the growth of compound layers forming upon nitriding and nitrocarburis-
ing of iron and steel it is necessary to understand the simultaneous diffusion of the interstitially
dissolved components N and C in the resulting phases. For an overview of the phases consid-
ered, see Table 2.1. In the following, these phases will be abbreviated by the small Greek letters
defined in Table 2.1.

Diffusion of N and C, separately, in Fe and the corresponding nitrides and carbides has been
studied thoroughly in the past [103–117]. However, either upon nitriding or upon nitrocarburis-
ing, as soon as the system contains C, which may already originate from the substrate (e.g.
steel) and/or from the treatment medium (in case of nitrocarburising), the role of this additional
interstitially diffusing component C, next to the interstitially diffusing component N, has to be
taken into account.

Diffusion of each of multiple components can be described by Fick’s first law,

jk =−Dkl∇cl. (2.1)

For the case of interstitial diffusion, the components of the diffusivity matrix, Dkl , read

Dkl = D∗k
ck

RT
∂ µk

∂cl
= D∗kϑkl, (2.2)

with the self diffusion coefficient D∗i , the concentrations of the diffusing components k and
l, ck and cl , the gas constant R, the temperature T , the chemical potential of component k,
µk and the so-called thermodynamic factor ϑkl , relating the intrinsic diffusion coefficients to
thermodynamics [72, 73]. The cross(off-diagonal)-terms of this diffusivity matrix express the
influence of the concentration gradient of one diffusing species on the flux of another one.
The thermodynamic factors can be calculated if a thermodynamic description is available. In
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literature, several of these (partially incompatible) descriptions for the system Fe–N–C exist [41,
43, 45, 46].

A first theoretical treatment of simultaneous diffusion of N and C in an ε/γ′ double layer sys-
tem offered an analytical solution of Fick’s second law by assuming concentration-independent
diffusion coefficients [118]. However, the occurrence of a large solubility range of both N and
C in ε-iron carbonitride, leading to large concentration variations in compound layers formed
upon nitriding or nitrocarburising of iron or steel, already indicates that the assumption of
concentration-independent diffusivities of N and C is unacceptable. By avoiding a such af-
fected, analytical solution of Fick’s second law in a later work and only using Fick’s first law,
the first experimental analysis of simultaneous interstitial diffusion of N and C in ε-iron car-
bonitride was made possible [81]: the diffusivity matrix of N and C was evaluated at 823 K
(550 ◦C) for ε/γ′ double layers growing upon nitriding and nitrocarburising of pure Fe using a
linear fit for the concentration-depth profiles of N and C.

The present work is devoted to the evaluation of the diffusivity matrix of N and C in ε-
iron carbonitride at 853 K (580 ◦C) on the basis of an approach provided in Reference 81. It
will be demonstrated that the proposed method can be applied to a variety of microstructures,
essentially different from those examined in Reference 81. Thus, the kinetics of growth of
θ/ε double layers and of pure ε layers, containing considerably less N and considerably more
C than in Reference 81, have been investigated. Further, the method has been expanded to
incorporate the curved nature of the concentration-depth profiles occurring in some of these
(sub)layers. Moreover, a graphical evaluation method is proposed for determining the values
of the components of the diffusivity matrix, giving direct information about the accuracy of
the measurements. The data obtained on the thermodynamic factors have been compared with
thermodynamic descriptions of the Fe–N–C system to obtain decisive information about the
thermodynamic interaction of N and C in the ε phase.

2.2 Evaluation method

The applied method is based on the following assumptions for interstitial diffusion in the Fe–
N–C systems at constant temperature and pressure. The only mobile species considered here
are N and C. Fe is immobile and forms a lattice with a volume that is taken to be independent of
the amount of interstitials dissolved. The interfaces between the phases formed upon diffusion
are planar. The shape of the concentration-depth profiles remains constant with increasing
treatment time, i.e. the concentration-depth profile normalized with respect to the (sub)layer
thickness is time-independent, which implies that the concentrations at the (sub)layer interfaces
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are constant over time. The surface concentration is constant as determined by the treatment
atmosphere. Local equilibrium is adopted at the solid-solid interfaces.

Fick’s first law written explicitly for two diffusing components N and C reads

jN =−DNN
dcN

dx
−DNC

dcC

dx
; jc =−DCN

dcN

dx
−DCC

dcC

dx
, (2.3)

which can also be written as

DNC =−DNN
dcN

dx
· dx

dcC
− jN ·

dx
dcC

; DCN =−DCC
dcC

dx
· dx

dcN
− jC ·

dx
dcN

. (2.4)

Hence, for known fluxes ( jN and jC) and known concentration gradients (dcN/dx and dcC/dx)
all mathematically (not necessarily physically) possible solutions of DNC (DCN) are linearly
dependent on DNN (DCC). These solutions can be represented by straight lines in a plot of
DNC versus DNN and in a plot of DCN versus DCC. The fluxes and the concentration gradients
needed for the proposed evaluation method can be determined experimentally by measuring
concentration-depth profiles in the considered (sub)layers and their corresponding thicknesses.
This is explained in Section 2.3.

It is obvious that for values of the fluxes and concentration gradients of N and C measured
at one specific set of conditions as defined by the employed gas atmosphere, treatment tem-
perature and time (and the constant, atmospheric pressure), the solution of Equation (2.4) is
not possible, but straight lines (DNC (DCN) as a function of DNN (DCC)) can be constructed in
the above-mentioned plots. At the same temperature and pressure, but for a different treatment
time and gas atmosphere, different values of the fluxes and concentration gradients of N and C
will be found. The corresponding straight lines in the above-mentioned plots intersect the first
mentioned straight lines. The intersection points define the solution of Equation (2.4) for the
four components of the diffusivity matrix. Adding the results of a third set of conditions, the
additional straight lines in both plots should ideally have the same intersection points with the
earlier two sets of straight lines. In reality this need not occur: the values of the components
of the diffusivity matrix represent effective diffusivities, i.e. a mean value of the diffusivities
over the concentration range that is covered by the concentration-depth profile in the consid-
ered (sub)layer. Since the N and C concentration-depth profiles for each set of conditions are
different, the resulting, corresponding effective diffusivities for the various sets of experimental
conditions are (somewhat) different. Furthermore, all experimentally determined values and
therefore also the parameters of the straight lines are prone to experimental errors. Hence, the
intersection points of the straight lines in each of the plots of DNC versus DNN and DCN versus
DCC for three different sets of conditions enclose a triangle. The coordinates of the geometric

24



N and C interstitial diffusion and thermodynamic interactions in ε-iron carbonitride

centres of both triangles then represent a solution of Equation (2.4) that is approximately valid
for all three cases. The area covered by the triangles indicates the ranges of possible values for
the components of the diffusivity matrix, i.e. provides corresponding error estimates.

Data obtained from experiments at (even) more sets of experimental conditions can be added.
This leads to an increase of intersection points of the straight lines in the plots of DNC versus
DNN and DCN versus DCC. These intersection points may also occur in areas that do not have
a physical meaning (i.e. correspond to negative values for DNN or DCC). Then, the area for
the possible solutions of Equation (2.4) must be limited to the physically meaningful inter-
section points. The centroid of this area then gives the (at this stage) most likely solution of
Equation (2.4). The extent of the area of physically meaningful intersection points in the plots
indicates the ranges of possible values for the components of the diffusivity matrix, i.e. pro-
vides corresponding error estimates. In a second step, this solution found for the values of
the diffusivity matrix can be refined by minimizing the differences between the experimentally
determined fluxes and those calculated from Fick’s first law.

2.3 Modelling of interstitial diffusion

Consider a double layer (cf. Figure 2.1) with an upper sublayer of phase III and a lower sublayer
of phase II growing into a substrate of phase I at the time t1 = t and at the time t2 = t + dt

between which the sublayer boundaries at the positions xIII/II
1 and xII/I

1 at the time t1 move by the
amounts vIII/IIdt and vII/Idt to the positions xIII/II

2 and xII/I
2 at the time t2. Here, vIII/II = dxIII/II/dt

and vII/I = dxII/I/dt describe the velocities of the positions of the sublayer boundaries. The flux
difference of component k at the layer boundary between the phases III and II is given by(

jIII/II
k − jII/III

k

)
(t2− t1) =

(
cIII/II

k − cII/III
k

)
(xIII/II

2 − xIII/II
1 ), (2.5)

corresponding to the shaded area labelled 1 in Figure 2.1. The flux difference of component i at
the layer boundary between the phases II and I complies with(

jII/I
k − jI/II

k

)
(t2− t1) =

(
cII/I

k − cI/II
k

)
(xII/I

2 − xII/I
1 ), (2.6)

corresponding to the shaded area labelled 3 in Figure 2.1. For the fluxes jk and the concen-
trations ck, the superscript I/II denotes a quantity in phase I at the boundary between I and II,
etc.
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Figure 2.1: Schematic concentration-depth profile of component k in a III/II double layer growing
into a substrate I at the time t1 (solid lines) with the interfaces xIII/II

1 and xII/I
1 and at the time t2 = t1+dt

(dashed lines) with the interfaces xIII/II
2 and xII/I

2 . The shaded areas labelled with 1, 2 and 3 correspond
to Equations (2.5), (2.7) and (2.6)

The flux difference between the upper and lower boundaries of layer II can be calculated by

(
jII/III
k − jII/I

k

)
(t2− t1) =

∫ xIII/II
2

xII/I
2

ck(x, t2)dx−
∫ xIII/II

1

xII/I
1

ck(x, t1)dx, (2.7)

corresponding with the shaded area labelled 2 in Figure 2.1. Note that these equations are valid
regardless of the shape of the concentration-depth profile.

In case of a linear concentration-depth profile in layer II

ck(x, t) = cII/III
k − (cII/III

k − cII/I
k )

x−SIII(t)
SII(t)

, (2.8)

with SIII and SII denoting the layer thicknesses of layers III and II, it follows from Equation (2.7)

jII/III
k − jII/I

k =
1
2
(cII/III

k − cII/I
k )(vIII/II + vII/I). (2.7a)

In case of an arbitrary error-function shaped profile in layer II

ck(x, t) = cII/III
k −

cII/III
k − cII/I

k
erfwk

erf
(

wk
x−SIII(t)

SII(t)

)
, (2.9)
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with wk as fitting parameter, it follows from Eq. (2.7)

jII/III
k − jII/I

k =

[
vIII/II +

1√
π

1− exp(−w2
k)

wk erfwk
(vII/I− vIII/II)

]
(cII/III

k − cII/I
k ). (2.7b)

By replacing III by the surface S and setting vII/S = 0 the above treatment directly provides
similar expressions for the flux difference between the upper and lower interfaces of the surface
layer.

Now, by assuming certain fluxes (of N and C) into the substrate, the above-indicated flux
difference equations for layers II and III can be used to straightforwardly calculate the flux
of each component in each phase at each layer boundary. In the present work, two different
approaches for such calculations will be used, depending on the microstructure of the substrate.
In the first case, the flux of N and C into the substrate is assumed to be zero, which holds if the
substrate is already saturated before the beginning of the experiment. In the second case, the
following numerical approximation is adopted for the flux of N into the substrate I of thickness
2L at the boundary with layer II at the time t [109, 114],

jI/II
N = DI

N
2(cI/II

N − cI,0
N )

L
·

∞

∑
n=1

exp
(
−
(2n−1)2π2DI

N · t
4L2

)
(2.10)

with cI,0
N denoting the concentration of N in the centre of the specimen. The intrinsic diffusion

coefficient DI
N of N in phase I is taken from the literature. As in the first case, the flux of C into

the substrate can be neglected.
The difference of flux equations (2.5–2.7) considered here are independent of the diffusion

mechanism (i.e. interstitial or substitutional) in the considered phases. However, the values
for the concentrations, i.e. the amount of atoms of a component considered per volume unit,
in contrast with values for the (e.g. molar) fractions, are not easily accessible by experiments.
By assuming constant volume of a substitutional solid solution, the concentration variable ck is
directly proportional to the molar fraction xk = nk/n (with the amount of atoms of component
k, nk, and the total amount of atoms n = ∑k nk). However, by similarly assuming the volume
of an interstitial solid-solution phase, as ε-iron carbonitride, to be independent of the amount
of interstitials (i.e. the (hcp) Fe sublattice without interstitially dissolved atoms has the same
volume as the fully occupied lattice), the concentration variable ck now is proportional to the
so-called u-fraction

uk =
nk

nhost
(2.11)
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with nhost denoting the amount of the atoms forming the host lattice for the interstitially dis-
solved atoms [119]. If Fe, N and C are the only components of the solid solution, the u-fraction
can be calculated from the molar fractions by

uk =
xk

1− xN− xC
. (2.12)

Then, the proportionality constant in order to obtain ck from uk is the inverse volume of one
mole Fe atoms in the corresponding crystal structure, Vm,Fe, i.e.

ck =
uk

Vm,Fe
(2.13)

Table 2.1 lists the phases considered in the present work and the corresponding volumes of
one mole Fe atoms, Vm,Fe, as calculated from the lattice-parameter data given in References 99–
102.

The velocities of the sublayer boundaries are obtained by adopting a parabolic growth law
(experimentally verified; see Section 2.5.1) for the position, x, of the sublayer boundary,

x2(t) = k · t, (2.14)

and subsequently solving for x and taking the derivative. Note that, in an ideal case of such
parabolic growth, the growth constant k contains a combination of the components of the dif-
fusivity matrix, see Reference 118. This, however, requires that the Boltzmann transforma-
tion [72, 73] is applicable which is not necessarily the case in the present work. Thus, here the
growth constant k is considered as a model parameter without that a physical interpretation is
given.

It is possible to extend the kinetic model, especially for incubation effects in the early stage
of the layer-growth process, by introducing a hypothetical initial squared layer thickness S2

0,
like in Reference 81, i.e.

x2(t) = k · t +S2
0. (2.15)

For reasons discussed in Section 2.6.1, the latter approach was avoided in the present work.

2.4 Experimental

Two different types of substrates were used, one consisting of an Fe–N alloy and one consisting
of an Fe–C alloy.
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For preparing the Fe–N specimens, a pure iron (Alfa Aesar, 99.98 wt.%) ingot of 80mm×
30mm× 10mm was cold-rolled to a thickness of about 1 mm and cut into plates with a size
of 20mm× 12mm. The plates were then ground and polished (down to 1 µm diamond sus-
pension) to a final thickness of 0.5 mm. The specimens were then recrystallized in pure H2

at 973 K (700 ◦C) for 2 h, polished again and presaturated with N over night (approx. 18 h) at
853 K (580 ◦C) in an atmosphere containing 10.6 vol.% NH3 and 89.4 vol.% H2 (corresponding
to a N activity of 69 relative to pure N2 gas, i.e. a nitriding potential rN of 3.93×10−4 Pa−1/2

(0.125 atm−1/2)). This results in pure α-iron, verified by X-ray diffraction, with a N content be-
tween 0.36 at.% and 0.38 at.%, determined gravimetrically. These N contents are very close to
the maximum solubility of N in α-iron in equilibrium with γ′-Fe4N [4,30,41]. For recrystalliza-
tion and N pre-saturation, the same furnace as for the nitrocarburising experiments described
below was used.

The Fe–C substrates were prepared by casting an Fe–C alloy with nominal composition cor-
responding to the composition in the binary system Fe–C [32], into an ingot of the same dimen-
sions as indicated above for the Fe–N specimens. The real C content of the Fe–C ingot was
determined by chemical analysis as 0.63 wt.% (2.86 at.%), smaller than the eutectoid composi-
tion of approx. 0.8 wt.%, due to loss of C during casting. Cold-rolling, cutting, grinding and
polishing was performed similar as for the preparation of the Fe–N substrates and as described
above. The substrates were then fused in quartz vials containing 2×104 Pa Ar at room tem-
perature to prevent oxidation. The specimens were treated at 1273 K (1000 ◦C) and afterwards
cooled by putting the quartz vial on a metallic surface in air at room temperature, resulting in a
very fine pearlitic microstructure.

The nitriding (upon preparing the Fe–N substrates) and nitrocarburising treatments were per-
formed in a quartz-tube furnace at atmospheric pressure. This furnace is equipped with supplies
for H2, NH3, CO, CO2, CH4 (not used in the present work), H2O and N2 (as an inert filler gas).
The partial pressures of these gases can be controlled by mass-flow controllers. By using a high
flow rate of 500 mlmin−1 (determined at room temperature) in the furnace, the equilibria in the
gas phase can be controlled. In an ideal case, equilibrium at the surface of the specimen or at
least a steady state [29, 30] leading to constant N (and C) concentration(s) in the substrate at
the surface can therefore be achieved. The equilibria are thermodynamically characterized by
the N and C activities or in technical terms the nitriding and carburising potentials which are
proportional to the activities [23, 24].

The N-saturated iron specimens were treated in a so-called uncontrolled nitrocarburising
atmosphere, i.e. a certain amount of CO gas was added to a nitriding (NH3/H2) atmosphere.
In this way the N activity is well-defined, whereas the C activity cannot be defined [74]. This
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Figure 2.2: Schematic diffusion paths for the N and C experimental series and the ε/γ′/ε layer dis-
cussed in Section 2.6.3 drawn in the phase diagram of the system Fe–N–C at 853 K (580 ◦C). Dashed
lines indicate skipping of a two-phase or three-phase field. The phase diagram was calculated using
the model described in Reference 43.

type of atmospheres is known to produce pure cementite (θ) layers on pure iron [74] and, at
the N activities also applied in the present work, θ/ε double layers on N-saturated α-iron [29].
The concentration variation in these double layers complies with the schematic diffusion path1

labelled N in Figure 2.2 (drawn in a phase diagram calculated with data from Reference 43):
starting at the surface with θ and proceeding to larger depths, i.e. skipping the ε+θ two phase
field along a tie line, progressing steeply through the ε single phase field and skipping the α+ε

two phase field along a tie line to arrive at the α substrate. The atmospheres used for these
experiments and the resulting N activities are shown in Table 2.2. The parameters for each
experiment (N1 to N4) have been gathered in Table 2.3.

The Fe–C specimens were treated in controlled nitrocarburising atmospheres in which all rel-
evant nitriding and nitrocarburising equilibria are adjusted such that the C activities pertaining
to the Boudouard reaction

2CO 
 CO2 +[C] (2.16)

1Diffusion paths indicate the change of (laterally averaged) composition and constitution in a diffusion couple
at constant temperature and pressure. Often, they are drawn by superposition on an isothermal section of the
phase diagram of the considered system [72, 120–122].
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Table 2.2: Gas atmospheres used for nitrocarburising of the Fe–N and Fe–C specimens at 853 K
(580 ◦C). All partial pressures have been expressed as a fractions of the total pressure p◦ =
101325Pa (1atm). The reference state for the activities is the corresponding element in its stable
state at the treatment temperature and at 101325 Pa (1 atm).

substrate p(NH3)
p◦

p(H2)
p◦

p(CO)
p◦

p(CO2)
p◦

p(H2O)
p◦

p(N2)
p◦ aN aC

Fe–N 0.13 0.58 0.20 – – 0.09 166 ∞

Fe–N 0.18 0.58 0.20 – – 0.04 222 ∞

Fe–C 0.15 0.45 0.34 0.05 0.02 – 277 50
Fe–C 0.15 0.45 0.36 0.03 0.01 – 277 100
Fe–C 0.15 0.34 0.42 0.07 0.02 – 415 50
Fe–C 0.20 0.34 0.38 0.06 0.02 – 554 50
Fe–C 0.20 0.34 0.41 0.03 0.01 – 554 100
Fe–C 0.51 0.49 – – – – 831 0

Table 2.3: Overview of experimental parameters of the nitrocarburising experiments at 853 K
(580 ◦C) of the N and C series. The reference state for the activities is the corresponding element in
its stable state at the treatment temperature and at 101325 Pa (1 atm). The phases resulting from this
treatment have been given in the sixth column. The u-fractions (cf. Equation (2.12)) of N and C at
the upper and lower interfaces ( j = θ for N1 to N4, j = S for C1 to C5) and the curvature parameter
wC of the C profile (if applicable) have also been indicated.

label substrate t/h aN aC phases uε/ j
N uε/α

N uε/ j
C uε/α

C wC

N1 Fe–N 4 166 ∞ θ/ε 0.183 0.171 0.065 0.044 –
N2 Fe–N 6 166 ∞ θ/ε 0.183 0.175 0.063 0.049 –
N3 Fe–N 16 166 ∞ θ/ε 0.184 0.175 0.063 0.053 –
N4 Fe–N 4 222 ∞ θ/ε 0.194 0.168 0.067 0.048 –
C1 Fe–C 4 277 50 ε 0.253 0.177 0.069 0.050 –
C2 Fe–C 4 277 100 ε 0.236 0.175 0.088 0.048 –
C3 Fe–C 4 415 50 ε 0.228 0.182 0.125 0.055 2.30
C4 Fe–C 4 554 50 ε 0.261 0.161 0.080 0.051 1.70
C5 Fe–C 4 554 100 ε 0.264 0.175 0.113 0.055 1.95
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and the heterogeneous water-gas reaction

CO+H2 
 [C]+H2O (2.17)

(with [C] denoting C dissolved into iron) are all (forced to be) equal [23, 24]. This treatment
results in thick, almost pure ε layers growing evenly into the substrate at the N and C activities
used in the present work. The schematic diffusion path (labelled C in Figure 2.2) starts in
the ε single phase field and progresses through it until reaching the corner of the α+ε+θ three
phase field. At the specific temperature concerned, 853 K (580 ◦C), only at this single point in an
isothermal section of the ternary Fe–N–C phase diagram, defining the N and C concentrations in
the ε phase, the three-phase equilibrium of the ε layer with the α+θ substrate is possible. Thus,
if ε is in equilibrium with the α+θ substrate, the diffusion path must pass through this point
(at a single depth in the specimen; the α+ε+θ equilibrium is non-variant at constant pressure
and temperature) before skipping over the three phase field to reach the α+θ two phase field at
the (original) bulk composition of the substrate. The atmospheres used for these experiments
and the corresponding N and C activities are also shown in Table 2.2. The parameters for each
experiment (labelled C1 to C5) have been gathered in Table 2.3.

Qualitative phase analysis of the specimens was performed by XRD, Bragg-Brentano θ -θ ge-
ometry, employing a Philips X’Pert MPD equipped with a Co tube and a secondary monochro-
mator, selecting the Co Kα radiation. The resulting diffractograms were analysed by Rietveld
refinement using structure models for all considered phases (see Table 2.1). This was done in
favour of using peak-position databases because of the strongly varying composition-dependent
values of the lattice parameters of the ε phase.

For light-microscopic analysis of the nitrocarburised specimens, a part cut from each speci-
men was electrolytically coated with Ni in a Watt’s bath, to produce a ductile protective layer
on top of the brittle compound layer, embedded in resin, ground and polished (final stage 1 µm
diamond suspension) and finally etched with 1 % Nital containing some HCl according to Ref-
erences 90 and 123. Some specimens were also treated with Groesbeck solution, i.e. an alkaline
KMnO4 solution which stains C-rich phases [124]. Thereby, the distinction of θ, ε and γ′ (in de-
creasing order of C content) is facilitated. From the micrographs, the positions of the (sub)layer
boundaries, corresponding to the difference of flux equations (2.5–2.7), were measured follow-
ing a procedure provided by the software Olympus Stream. This measurement process involved
manual selection of the surface and the sublayer boundaries. About 100 laterally equidistant
measurements of these boundary positions (relative to the defined surface) were made on each
micrograph. For each specimen, at least three micrographs were used in this process, resulting
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in at least 300 single measurements for the determination of each averaged sublayer-boundary
position value.

For EPMA measurements, the same cross-sectional specimens as used for the light micro-
scopic analysis were used but the etching steps were left out. The instrument used was a Cameca
SX 100 equipped with five WDS spectrometers. The three elements Fe, N and C were deter-
mined simultaneously, using pure α-Fe, a γ′-Fe4N layer and a θ-Fe3C layer as standards. In-
clusions of small, single γ′ grains in the ε (sub)layer, visible in the SEM image taken from the
cross-section prior to the EPMA measurement, were avoided during the measurement. In order
to reduce the C contamination from decomposition of organic molecules in the residual gas by
the electron beam, an oxygen jet was applied to the cross-sectional specimen surface for 40 s
before each point measurement and a cold plate was present in the specimen chamber [125].
Even with these decontamination methods the amount of C determined by EPMA is still too
high and has to be corrected. The correction factor is determined by measuring the apparent C
concentration on the C-free centre of the N-saturated α-Fe specimens and on the pure Fe stan-
dard for the Fe–C specimens. From the ratios of the intensities of the characteristic X-ray lines
of the considered elements (corrected by a background measurement) and the corresponding
intensities measured from the standards (pure Fe for Fe, γ′-Fe4N for N and θ-Fe3C for C), the
mass fractions of Fe, N and C were calculated using the Φ(ρz) approach [126]. The step size
of the scans perpendicular to the original surface of the specimen was chosen 1 µm to 2 µm,
depending on the thickness of the layers. For every specimen at least three concentration-depth
profiles for Fe, N and C, each, were measured.

2.5 Results

2.5.1 Microstructure, layer thickness and kinetics

Exemplary micrographs of cross-sections of the compound layers resulting from nitrocarburis-
ing treatments of both types of substrates are presented in Figure 2.3. For the N series the
resulting microstructure consisted of a θ/ε double layer in direct contact with the N-saturated
α-iron substrate. For the C series the resulting microstructure consisted of a pure ε layer in
contact with the pearlitic α+θ substrate; sometimes inclusions of tiny γ′ grains occurred in the
middle of the compound layer, which were neglected in the evaluation. A variation of treatment
parameters of the C series (increase of aC, decrease of aN) led to decomposition of the ε-iron
carbonitride especially in the surface-adjacent regions and a porous carbide (mainly θ) sublayer
emerged close to the surface of the specimen (cf. Reference 92). These specimens were not
included in the evaluation.
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Figure 2.3: Light-microscopical micrographs of cross-sections of compounds layers resulting from
the nitrocarburising treatments in the present work, after etching with Groesbeck’s reagent. a) N
series. The compound layer consists of a θ sublayer on top of an ε sublayer in direct contact with
the N-saturated α-iron substrate. b) C series. The compound layer solely consists of an ε layer in
contact with the fine pearlitic (α+θ) substrate. In some cases, a few tiny γ′ grains had formed in the
middle of the compound layer.

The values determined for the positions (depths) of the sublayer boundaries have been gath-
ered in Table 2.4. By solving Equation (2.14) for k and inserting the determined corresponding
values of treatment times and layer-boundary positions, the (parabolic) growth constants were
determined. This last procedure was also performed for the experiments N1 to N3 to sensitively
account for a possible change in the conditions between the experiments although a common
parabolic growth constant was found to provide an acceptable fit to the experimental data by
a straight line in Figure 2.4. Hence, the velocities of the layer boundaries, at the treatment
times of the (sub)layer-depth measurements, could then be determined by differentiating Equa-
tion (2.14). These kinetic data are also shown in Table 2.4.

2.5.2 Concentration-depth profiles in the ε (sub)layers

From the mass fractions of Fe, N and C determined by EPMA as function of depth in the ε

(sub)layer, the molar fractions were calculated by assuming that the only constituents of the
examined layer material are Fe, N and C. From these values, the C correction, typically around
1.6 at.%, was subtracted (cf. Section 2.4)2. After normalizing the values again to 100 at.%, the
u-fractions were calculated (cf. Equation (2.12)) and plotted.

The (sub)layer boundaries are represented by steps in the u-fraction-depth profiles of both
N and C. Thus, by inspection of the plots of the u-fraction-depth profiles, the positions of the
(sub)layer boundaries can be defined. Additionally, for determining the position of the surface,

2The authors are aware that a C-correction on the basis of mass fractions or X-ray counts would in principle be a
better approach. For the concentration range considered here, however, the difference is marginal.
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Figure 2.4: Plot of the squared positions of the θ/ε and ε/α interfaces (xθ/ε)2 and (xθ/ε)2, as measured
from specimens N1 to N3, versus the treatment time t. Note the different scale for (xθ/ε)2 and (xθ/ε)2.
The solid lines represent a fit of the data according to a parabolic growth law (cf. Equation (2.14));
the dashed lines describe the experimental data according to a modified parabolic growth law (cf.
Equation (2.15))

Table 2.4: Interface positions xθ/ε and xε/α as determined for the N and C series experiments,
parabolic growth constants k (assuming x2 = k · t, cf. Equation (2.14)) and boundary velocities
v = dx/dx at the time of the end of the experiments.

label xθ/ε xε/α kθ/ε kε/α vθ/ε vε/α

/µm /µm /(10−15 m2 s−1) /(10−15 m2 s−1) /(10−10 ms−1) /(10−10 ms−1)

N1 1.80 10.0 0.23 6.94 0.63 3.47
N2 2.75 10.8 0.35 5.40 0.64 2.50
N3 3.78 18.5 0.25 5.94 0.33 1.61
N4 2.37 12.1 0.39 10.17 0.82 4.20
C1 – 23.0 – 36.73 – 7.99
C2 – 21.7 – 32.70 – 7.53
C3 – 21.3 – 31.51 – 7.40
C4 – 28.2 – 55.23 – 9.79
C5 – 27.1 – 51.00 – 9.41
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the sum of the mass fractions of the determined elements Fe, N and C can be taken as an
indicator, being below 100 wt.% in the protective Ni layer.

For the (at least) three plots of the u-fraction-depth profiles of N and C, these layer-boundary
positions may differ somewhat as the layer boundaries are not truly flat (see Figure 2.3). To
handle this problem, the depth coordinate of each single u-fraction-depth profile of N and C
was normalized with respect to the local layer thickness.

Typical u-fraction-depth profiles for the N and the C series are shown in Figure 2.5. For
the N series, the u-fraction of N is almost constant over the whole layer. The u-fraction of
C decreases with increasing depth. The profiles of both elements depend linearly on depth,
allowing application of Equation (2.7a).

For the C series, the u-fraction-depth profiles of both elements show a distinct, negative depth
gradient. This is remarkable recognizing that the substrate initially is already (relatively) rich
in C. For the fit of the u-fraction-depth profile of N, in all cases a linear function could be fitted
justifiably, allowing application of Equation (2.7a). The u-fraction-depth profile of C shows a
strong curvature in some cases. Therefore, the error function with curvature parameter wC (cf.
Equation (2.9)) was fitted in these cases, allowing application of Equation (2.7b).

Values derived from the fits to the u-fraction-depth profiles of the ε (sub)layers have been
gathered in Table 2.3. For the N series, this includes the u-fractions of N and C in ε at the
θ/ε interface and at the ε/α interface; for the C series, the u-fractions of N and C in ε at the
specimen surface and at the ε/α+θ interface and, if applicable, the curvature parameter wC of
the C u-fraction-depth profile have been determined.

2.5.3 Fluxes at upper and lower boundaries of the ε (sub)layers

By using the flux-difference equations (2.5), (2.6), (2.7a) and (2.7b) given in Section 2.3 and
the measured data for the concentrations of N and C at both boundaries of the ε (sub)layer, (if
applicable) for the curvature parameter wC, and for the interface velocities, the flux differences
at and between the upper and the lower boundary of the ε (sub)layer can be calculated for each
specimen/experiment. Then, from these data, the fluxes of N and C in ε at the upper and lower
(sub)layer boundaries can be determined by departing from the flux into the substrate (see what
follows directly below) and subsequently adding up the previously calculated flux differences.

For the N series, the flux of N into the substrate is zero because the substrate was already
initially saturated with N; the flux of C into the substrate can be assumed to be zero in all cases
because of the very small C solubility in α-iron. For the N concentration in the substrate the
maximum solubility of N in the binary Fe–N system in equilibrium with γ′ as calculated with
data from Reference 41 was used (xN = 0.0036 at 853 K (580 ◦C) and 101325 Pa (1 atm), being
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Figure 2.5: Typical u-fraction-depth profiles of N and C in the ε (sub)layer calculated (cf. Equa-
tion (2.12)) from the mass-fraction-depth profiles as measured by EPMA. The full lines drawn
through the experimental data points are the plots of the (linear or error) functions which were
fitted to the experimental data. The depth coordinate was normalized with respect to the local layer
thickness. a) N series. The N and C contents depend linearly on depth. b) C series. The N profile
depends linearly on the depth; the C profile shows strong curvature. The N and C u-fraction-depth
profiles show pronouncedly negative depth gradients.
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Table 2.5: The fluxes of N and C at the top and the bottom interfaces of the ε layer ( j = θ for N1 to
N4, j = S for C1 to C5) as determined for the N and C series experiments in 10−6 molm−2 s−1 and
average molar fractions of N and C in the corresponding ε (sub)layers.

label jε/ j
N jε/α

N jε/ j
C jε/α

C xN xC

N1 7.53 7.23 2.44 1.91 0.144 0.044
N2 5.48 5.31 1.79 1.53 0.145 0.045
N3 3.52 3.41 1.18 1.06 0.145 0.047
N4 9.38 8.56 3.11 2.52 0.146 0.047
C1 21.13 17.34 2.57 1.6 0.169 0.047
C2 19.07 16.20 3.21 1.34 0.162 0.053
C3 18.65 16.54 3.53 1.96 0.160 0.056
C4 25.38 19.27 3.26 2.11 0.166 0.047
C5 25.36 20.16 4.47 2.55 0.170 0.056

closer to the gravimetrically determined N contents of the substrate than the value for the phase
boundary α/α+γ′ in Reference 30.

For the C series, the C concentration in the substrate was assumed to remain constant at the
initial value, i.e. at xC = 0.0286, implying zero flux of C into/out of the substrate. The N
flux into the substrate was calculated using Equation (2.10) adopting a value for the diffusion
coefficient of N in α-iron according to Reference 106. Hereby, the reduction of the diffusion
cross-section due to the volume fraction of θ in the substrate (approx. 10 %) was ignored and
the volume per mole Fe of the α+θ substrate (used for calculating the concentrations after
Equation 2.13) was assumed to be equal to the volume per mole Fe of pure α-iron.

The thus obtained values for the fluxes at the upper and lower layer boundaries of the ε

(sub)layers (pertaining to the finishing time of the corresponding experiment) for both the N

and C series experiments have been listed in Table 2.5.

2.5.4 Diffusivity matrix

With the calculated fluxes for each specimen at the ε (sub)layer interfaces and the correspond-
ing concentration gradients (determined by differentiation of either Equation (2.8) or Equa-
tion (2.9)), the coefficients of the straight lines as defined by Equation (2.4) can be calculated.
Then the graphical evaluation as described in Section 2.2 can be performed. Such results for
the upper interface of the ε (sub)layer, i.e. the θ/ε interface for the N series and the surface for
the C series, are presented in Figure 2.6.

Looking at the plots of DNC vs. DNN and DCN vs. DCC in Figure 2.6, containing one straight
line for each experiment of both the N and the C series, there appears no single well-defined
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Figure 2.6: Plots of DNC vs. DNN and DCN vs. DCC. The straight lines represent relationships (cf.
Equation (2.4)) as determined for all experiments of the N and C experimental series, following the
evaluation method as proposed in Section 2.2. The evaluation was performed at the upper boundary
of the ε (sub)layer, i.e. the boundary with the θ sublayer for the N series and the surface of the
specimen for the C series. The likely possible values for the components of the diffusivity matrix
pertaining to the concentration range covered by all experiments of the N and C series have been
indicated by the dashed encircling lines. In a second stage, these components were refined, starting
with values of the components given as the centroids of the encircled areas, see Section 2.5.4. The
final values for the components of the diffusivity matrix have been indicated with circles.
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solution for all four components of the diffusivity matrix owing to the strong concentration
dependence of the effective values of the components of the diffusivity matrix and also the
experimental errors accumulating over the process of the evaluation (see Section 2.2). However,
as also made clear in Section 2.2, it is possible to define a point in each plot that represents
approximate values for the corresponding components of the diffusivity matrix, valid for the
concentration range comprised by all experiments. Thus, the area of most probable possible

solutions, i.e. the area in which most of the (physically meaningful) intersection points of the
straight lines accumulate, has been indicated with dashed encircling lines in each of the two
plots in Figure 2.6. The coordinates of the centroids of these areas have been taken as the
most likely values of the components of the diffusivity matrix. Note that in Figure 2.6a, all
intersection points with a negative value of DNC have been excluded. This is due to a physical
restriction: since DCN is clearly positive (cf. Figure 2.6b), the mathematical sign of DNC must
also be positive due to the equality of mixed partial derivatives, cf. Equation (2.2). This is
discussed in detail in Section 2.6.2.

In a second step, the preliminary values of the components of the diffusivity matrix were
further refined by iteratively minimizing the difference of (i) the fluxes calculated, using Fick’s
first law, with the (to be refined) components of the diffusivity matrix and the experimentally
determined concentration-depth gradients of N and C and (ii) the fluxes calculated using the
equations given in Section 2.3 and the experimentally determined boundary concentrations,
and, if applicable, the curvature parameter of the C concentration-depth profiles and growth
constants. The thus determined final values for the diffusivity matrix, as given by

D(853K) =

(
DNN DNC

DCN DCC

)
=

(
50 4.9
4.9 5.5

)
×10−15 m2 s−1, (2.18)

have been indicated in Figure 2.6.
A similar evaluation for the lower boundary of the ε layer, i.e. the interface with the substrate

for both experimental series, did not lead to well-defined results. This is due to the very small
concentration gradient of C at the lower boundary for the profiles which were described with an
error function (cf. Equation (2.9)), leading to extremely steep slopes of the straight lines in the
plot of DNC versus DNN and extremely flat slopes of the straight lines in the plot of DCN versus
DCC.

The graphical evaluation method used in the present work is mathematically equivalent to
numerical solution of the system of linear equations defined by Equation (2.4) with DNN, DNC,
DCN and DCC as the unknown, independent variables. The advantage of the proposed graphical
evaluation is the simplicity of performing a test for the validity of the assumptions and a corre-
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sponding estimation of the error in the obtained values. This error estimation can be done in (at
least) two ways: (i) By introducing variations of the parameters in Equation (2.4), the straight
line of possible solutions for each set of conditions becomes a set of straight lines compris-
ing an area of possible solutions. (ii) Already the area of accumulation of intersection points,
as indicated in both plots in Figure 2.6, as a result of experimental over-determination (more
than two sets of experimental conditions subject to the same values of the intrinsic diffusion
coefficients), allows error estimation from the size of these accumulation areas.

Thus, following approach (ii), looking at the indicated areas in Figure 2.6, for DNN and DCC,
an error of approx. 20 % can be estimated, leading to DNN = (50± 10)× 10−15 m2 s−1 and
DCC = (5.5± 1.0)× 10−15 m2 s−1. For DCN, the error can be estimated at approx. 20 % or
less, leading to DCN = (4.9± 1.0)× 10−15 m2 s−1. Figure 2.6 indicates that DCN has the most
well-defined solution; DNC is the least well-defined component in the present evaluation (note
the scales of the coordinates of Figure 2.6).

2.6 Discussion

2.6.1 Merits and limitations of the model and the evaluation method

The concentration-depth profiles especially in the thick pure ε layers growing into the pearlitic
substrates (C series) show relatively large gradients in both the N and C content at the surface
(e.g. see Figure 2.5). The strong curvature in the C concentration-depth profiles of the C series
is a consequence of the high C content of the substrates used for the C series: This high C
content results in a small C concentration difference at the ε/α+θ interface, leading to a small C
flux difference/total flux in ε at the ε/α+θ interface. Thus, the total flux in ε at the surface of the
specimen is mainly controlled by the flux difference between the upper and lower boundary of
the ε layer. Fick’s first law relates these significantly different fluxes in ε at the surface and at the
ε/α+θ interface to significantly different depth gradients of the C concentration-depth profile in
ε at both interfaces. The thus resulting large difference of the concentration gradients in ε at the
surface and at the ε/α+θ interface implies a significant curvature of the C concentration-depth
profile. This curvature was well described in the present work by an error-function shaped
profile with only one profile-shape, fit parameter wC. On this basis the concentration-depth
profiles in case of diffusion in the ε phase of high-C, low-N contents were evaluated, whereas
until now only the ε phase of high-N content (and variable C content) could be analysed [81];
see also below.

In the present work parabolic growth with S2
0 = 0 (cf. Equations (2.14) and (2.15)) was

adopted to describe the (macroscopic) layer-growth kinetics. Then the possible occurrence
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of, e.g. an incubation time (i.e. S2
0 < 0), would be a cause of error. The conditions used

for the experiments N1 to N3, cf. Table 2.3, are identical except for the treatment time. The
squared values of the θ/ε and ε/α sublayer-boundary positions measured for these specimens (cf.
Section 2.4) are shown in Figure 2.4. The error bars shown were calculated from the standard
deviation of the single measurement points. If a parabolic growth law holds for this series N1

to N3, the experimental data can be represented by straight lines through the origin in a plot of
x2 versus t (cf. Equation (2.14)), which holds for the experiments N1 to N3 within the accuracy
of the measurements: see the solid straight lines in Figure 2.4. A modified parabolic growth
law, i.e. fitting the experimental data according to Equation (2.15), does not increase the quality
of the fit significantly: cf. the dashed and solid lines in Figure 2.4. This indicates that also for
experiment N4 with similar conditions and the same substrate as used for experiments N1 to N3

a parabolic growth law holds. Additional experiments not shown here with the same conditions
as used for the experiment C4 but for different treatment time led to a similar result, indicating
that also for the conditions of experiments C1 to C3 and C5 the description of the layer-growth
kinetics by a parabolic growth law is justified. The validity of the ideal parabolic growth has two
advantages. Firstly, it is possible to use every specimen investigated by EPMA in the evaluation
without the need to collect additional kinetic data (e.g. to determine S2

0). Secondly and more
importantly, a single experiment suffices to determine the velocities of the migrating interfaces
between sublayers and between (sub)layer and substrate, thereby avoiding the problems caused
by irreproducible surface conditions: The gas-solid equilibrium at the specimen surface (if
established at all, cf. References 25, 29 and 30) is found to be rather labile as compared to
the solid-solid equilibria established at interfaces within the solid, leading to the formation of
different phases (e.g. cementite, Hägg carbide) upon decomposition of interstitial-rich ε close
to the surface of the specimen; see also Reference 92.

Growth kinetics could also be affected by the formation of pores, nucleating at the grain
boundaries in the region of the compound layer that is close to the surface and eventually form-
ing channels through which N and C can be taken up from the gas atmosphere [92]. Figure 2.3b
indicates that such pores have formed during the nitrocarburising treatment. However, own
experiments and literature data [96] show that severe pore formation in C-rich ε is always con-
nected with formation of Fe carbides, e.g. θ or Hägg carbide. There has been no indication in
XRD for the formation of such phases. Furthermore, due to etching the porosity appears much
more pronounced than it actually is. Therefore, the effect of porosity on the nitrocarburising
kinetics can be neglected.

The interface, of the (sub)layer considered, for which the evaluation is performed, is deter-
mining for the results of the evaluation (i.e. the components of the diffusivity matrix). It has
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been made clear in Reference 114 that the diffusivities obtained from (the growth rates of) layers
with concentration depth gradients are always effective diffusivities. Performing the evaluation
at another interface (in the present work the top interface of the ε (sub)layer was chosen in a
considerate manner; cf. Section 2.5.4) implies that other effective diffusivities are determined,
i.e. the way the mean value of the diffusivities is defined changes then, cf. Equation (3b) in
Reference 114. Therefore, the values of the components of the diffusivity matrix determined at
the top interface/surface and those determined at the bottom interface are principally different.

2.6.2 N and C diffusion in the ε phase; comparison with literature data

Various temperature dependencies for the effective diffusion coefficient of N in binary ε-iron ni-
tride have been summarized in Reference 115 using data from References 105,108,112 and 113.
Using these data, it follows for the diffusion coefficient of N in pure ε-iron nitride that at 853 K
(580 ◦C) values are obtained between 21×10−15 m2 s−1 and 52×10−15 m2 s−1. The experi-
mentally determined value at 853 K (580 ◦C) equals 39.8×10−15 m2 s−1 as determined in Ref-
erence 115. The here-determined value for DNN is at the high end of this range.

Values for the diffusivities at 823 K (550 ◦C) had been presented in Reference 81:

D(823K) =

(
21.2 19.6
3.6 0.9

)
×10−15 m2 s−1. (2.19)

The values of the diagonal components of the diffusivity matrix as determined in the present
work at 853 K (580 ◦C) are larger than those at 823 K (550 ◦C) (cf. Eqs. (2.18) and (2.19)),
which is in accordance with the expected Arrhenius-type temperature dependence of diffusion
coefficients. The difference of the off-diagonal elements at 823 K (550 ◦C) and 853 K (580 ◦C),
however, cannot be understood on the basis of the temperature difference, 823 K (550 ◦C) vs.
853 K (580 ◦C); note the decrease of DNC upon going from 823 K to 853 K (550 ◦C to 580 ◦C).
This phenomenon can be understood looking at the concentration range covered by the experi-
ments in the present work and in Reference 81. The average molar fractions of N and C in each
ε (sub)layer were determined from the fit of the measured u-fraction-depth profiles, as shown in
Figure 2.5, and applying Equation (2.12) solved for xk. The results have been listed in Table 2.5
for each profile incorporated in the evaluation. The molar fraction range of N and that of C
covered by all these u-fraction-depth profiles together and the molar fractions of N and C aver-
aged over all these u-fraction-depth profiles are shown in Table 2.6. The diffusivities at 853 K
(580 ◦C) presented in Section 2.5.4 pertain to these molar fraction (range) values. The concen-
tration range covered in the experiments considered in Reference 81 extends to much larger N
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Figure 2.7: Comparison of the N and C concentration ranges for which the diffusivity matrix was
determined in the present work and in Reference 81, superimposed on the Fe–N–C phase diagrams
at 853 K (580 ◦C) and at 101325 Pa (1 atm) using the model described in Reference 41 (dotted lines)
and as calculated using the model described in Reference 43 (solid lines). Note that the data from
Reference 81 were determined at 823 K (550 ◦C). The ε+γ′, two-phase area, however, has a very
similar shape at both temperatures.

contents and to smaller C contents than as in the present work (see the data in Table 2.6): a
comparison of the concentration ranges investigated in the present work and in Reference 81 is
provided by Figure 2.7, where these concentration ranges have been superimposed on the phase
diagrams of the system Fe–N–C at 853 K (580 ◦C) calculated with data from either Reference 41
or 43.

Both, the results obtained in the present work and those obtained in Reference 81, prove that
the N (C) flux caused by the concentration-depth gradient of C (N) significantly contributes to
the total flux of N (C), indicating strong interactions of N and C in ε-iron carbonitride. Actually,

Table 2.6: Approximate concentration ranges (cf. Figure 2.7) and average concentrations corre-
sponding to the N and C series experiments performed in the present work, and those pertaining to
the experiments in Reference 81.

T/K range of xN x̄N range of xC x̄C

present work 853 0.14 . . .0.17 0.156 0.04 . . .0.06 0.049
[81] 823 0.19 . . .0.25 0.222 0.00 . . .0.06 0.026
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such interactions are already the consequence of only ideal mixing entropy of the interstitially
dissolved components, as shown in Reference 81. Thus, for interstitial diffusion of N and C in
Fe, the off-diagonal values of the diffusivity matrix cannot be neglected.

Another approach was used in Reference 127. There, the thermodynamic interactions of N
and C during interstitial diffusion in γ-Fe based alloys (expanded austenite) in technical steels
were expressed by introducing effective concentrations, i.e. the hypothetical N (C) concentra-
tion that would lead to the same chemical potential of N (C) in a solution of only N (C) in
the material as occurring in reality for the real solution of both elements in the material. This
enabled the authors of Reference 127 to apply a model [128] that describes the concentration
dependence of the diffusion coefficient of C in γ to ternary diffusion of both N and C in γ. How-
ever, this requires the assumption of a thermodynamic model for the Fe–N–C phase considered.
The main conclusion drawn in Reference 127 is compatible with that of a preceding work [81]
and the present rigorous approach: the chemical potentials of each, N and C and thus the diffu-
sivities of each interstitially dissolved component are largely influenced by the other element,
originating mainly from entropic [81] interactions. Ternary diffusion in the system Fe–N–C
cannot be described neglecting these interactions.

Values for the thermodynamic factors connecting the here-determined diffusivities to the self
diffusion coefficients of N and C in ε-iron carbonitride (cf. Equation (2.2)) can be calculated,
using e.g. Thermo-Calc [70], adopting a concentration-dependent thermodynamic description
for the ε phase in the Fe–N–C system as given in Reference 41 or 43. The values of the ther-
modynamic factors calculated using the average N and C concentrations pertaining to this study
and as listed in Table 2.6 are shown in Table 2.7. From the data obtained in the present work,
it is not possible to directly obtain experimental values of the thermodynamic factors, owing
to D∗N and D∗C being unknown. However, experimental values for the ratios of the average
thermodynamic factors can be calculated by (cf. Equation 2.2):

ϑNC

ϑNN
=

DNC

DNN

ϑCN

ϑCC
=

DCN

DCC
. (2.20)

The experimental values for these ratios have also been given in Table 2.7. Evidently, the exper-
imental results support the thermodynamic model for the ε phase as presented in Reference 43.
The description in Reference 41 leads to even negative values of the off-diagonal components
of the diffusivity matrix, which is not at all compatible with the results obtained here. This
important conclusion regarding the thermodynamics of ε-iron carbonitride is consistent with
the results presented in Reference 81. Moreover, as follows from Figure 2.7, if the Fe–N–C
phase diagram as calculated on the basis of Reference 41 is adopted, the experimentally deter-
mined concentration-depth profiles in the ε phase would overlap with the α+ε+θ three phase
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Table 2.7: Thermodynamic factors, ϑkl , and their corresponding ratios, as calculated adopting the
model description of either Reference 41 or 43 for the average concentrations ūN = 0.197 and ūC =
0.062. Values from the present work were experimentally determined from the N and C series.

source ϑNN ϑNC ϑCN ϑCC ϑNC/ϑNN ϑCN/ϑCC

[41] 3.29 -2.84 -0.89 2.84 -0.86 -0.31
[43] 3.09 1.65 0.52 1.70 0.53 0.31

present work 0.10 0.89

field, which is physically impossible. Hence, the thermodynamic description of the ε phase
according to Reference 43 is the physically more realistic one.

On the bases of Figure 2.6a, one might argue that the value of DNC could have a negative
sign. However, as briefly mentioned in Section 2.5.4, since DCN is evidently positive, the math-
ematical sign of DNC also must be positive, as follows upon inspection of Equation (2.2): Since
all other quantities (D∗k , ck) are necessarily positive, the mathematical sign of Dkl is defined by
∂ µk/∂cl . This quantity represents is a second derivative of the Gibbs energy and therefore the
equality of mixed partial derivatives holds, immediately leading to the important restriction of
equal mathematical signs for the off-diagonal components of the diffusivity matrix.

The ratio of the off-diagonal entries of the diffusivity matrix only contains the ratio of the
self diffusion coefficients of both N and C and the (known) ratio of the N and C concentrations
(as ∂ µN/∂cC = ∂ µC/∂cN; see above):

DNC

DCN
=

D∗N
D∗C

cN

cC
. (2.21)

As a first approximation, the self diffusion coefficients of N and C in ε-iron carbonitride can be
taken to be equal. Then, the ratio of the off-diagonal values of the diffusivity matrix DNC/DCN

equals the ratio of the average u-fractions (or concentrations) uN/uC ≈ 3 (cf. Table 2.6). The
experimental value for DNC/DCN is 1. However, considering the experimental error in DNC

and DCN the range of experimental values for this ratio is compatible with the above theoretical
prediction. Note that an (about) equality of the off-diagonal values of the diffusivity matrix, as
determined above, is only by chance; it does not result from physical requirements.

2.6.3 Application to other microstructures

Upon pure nitriding at conditions characterized with aN = 831, aC = 0 (cf. Table 2.2) of the
same Fe–C alloy as used for the experiments of the C series, an ε/γ′/ε triple layer was found
to grow into the α+θ substrate. In the following, the ε sublayer adjacent to the surface will be
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Figure 2.8: Light microscopical micrograph (after Groesbeck staining) of a cross-section through
the ε/γ′/ε triple layer growing into the α+θ substrate upon pure nitriding. In order to distinguish the
upper and lower ε sublayer, they have been labelled ε1 and ε2.

Table 2.8: N and C fluxes in 10−6 molm−2 s−1 in the upper (ε1) and lower (ε2) ε sublayer of the
ε/γ′/ε triple layer growing into a pearlitic Fe–C substrate upon pure nitriding. See text for fluxes
with index Fick, which were calculated from the diffusivities determined from the N and C series
experiments.

component jε1/S
fleq jε1/S

Fick jε2/γ′
fleq jε2/γ′

Fick

N 21.7 111.9 17.8 27.5
C -1.9 8.1 2.9 4.3

designated as ε1, whereas the ε sublayer adjacent to the substrate will be designated as ε2. A
micrograph of a cross-section through this layer structure is shown in Figure 2.8. The corre-
sponding N and C u-fraction-depth profiles, as measured by EPMA, are shown in Figure 2.9.
In principle, these u-fraction-depth profiles and the additionally measured distances of the layer
boundaries to the surface of the specimens can be used to calculate the fluxes of N and C at
the layer boundaries of the ε sublayers, applying the procedure described in Section 2.3. The
results are shown in Table 2.83. This specimen was not used for the evaluation of the diffusivity
matrix because of the high porosity of the ε1 layer, leading to inaccurate concentration measure-
ments by EPMA. Also, due to the formation of channels [92] due to pores that open during the
nitriding treatment, N uptake can be influenced. The layer-growth kinetics was found to be less
regular than those pertaining to the experiments of the N and C series. However, the data ob-
tained from this specimen can be used to look for consistency with the values of the diffusivity
matrix presented in Section 2.5.4, as determined from the N and C series of experiments.

3The fluxes listed in Table 2.8 were calculated with the assumption of zero flux of C from the substrate in the
direction of the surface. This is justified since both recent models for the system Fe–N–C [41, 43] predict a
higher chemical potential of C in the ε2 layer than in the α+θ substrate.
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Figure 2.9: N and C u-fraction-depth profiles as measured by EPMA on a cross-section of the ε/γ′/ε
triple layer specimen produced by pure nitriding (aN = 831; aC = 0) of pearlitic Fe–C substrates
identical to those used for the C series of experiments. As in Figure 2.8, the upper and lower ε

sublayer have been labelled ε1 and ε2. The x coordinate, i.e. the total local layer thickness, was
scaled with respect to the average total compound layer thickness as measured by light microscopy.
The vertical lines have been drawn at the average position of the corresponding interfaces between
the sublayers.
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The N and C concentration-depth profiles of the lower ε layer, labelled ε2 in Figure 2.9,
depend linearly on depth within experimental accuracy. Recognizing that the purely nitriding
atmosphere applied in this experiment has a strong decarburising character, due to its H2 content
(formation of CH4), the occurrence of a negative gradient for also the component C is surprising.
This phenomenon can be explained as a consequence of the rejection of C by the γ′ sublayer
growing on top of the ε2 sublayer as the solubility of C in γ′ is very low (max. 0.63 at.% at
853 K (580 ◦C) as calculated using the model in Reference 41; the model given in Reference 43
assumes that C cannot be dissolved in γ′). This effect is also revealed by the positive value of
the flux of C in this lower sublayer, see Table 2.8.

The fluxes (i) as calculated from the experimental data for the ε1/γ/ε2 specimen using the
flux equations from Section 2.3, and those (ii) as calculated by Fick’s first law, using the N
and C concentration-depth gradients pertaining to the ε2 sublayer and the values for the diffu-
sivity matrix as determined in the present work from experiments of the N and C series, can
be compared in Table 2.8. It follows that the both sets of flux values are comparable for the
lower, ε2 sublayer. The average N and C concentrations in this ε2 sublayer (xN = 14.4at.% and
xC = 4.7at.%) are close to the average concentrations in the ε layers of the N and C series, so
that it can be expected that the diffusivities of Equation (2.18) are good approximations for also
those of the ε2 sublayer (cf. discussion on effective diffusion coefficient in Section 2.6.2).

In the upper ε sublayer, labelled ε1 in Figure 2.9, the N content is very high and the C content
is very low (on average xN = 23.7at.% and xC = 0.3at.%). The depth gradient of the C content
is positive, i.e. the C content increases from the surface to the substrate. This corresponds with
a negative flux of C as derived from the experimental data of the ε1/γ′/ε2 specimen (see flux
data in Table 2.8). The fluxes calculated by application of Fick’s first law, using the N and C
concentration-depth gradients pertaining to the ε1 sublayer and the values for the diffusivity
matrix as determined in the present work from the experiments of the N and C series, now
largely deviate from the fluxes calculated from the experimental data for the ε1/γ′/ε2 specimen
using the flux equations from Section 2.3. This is an obvious consequence of the average
N and C concentrations in this ε1 sublayer being incompatible with the concentration ranges
pertaining to the values compatible with the diffusivity matrix (cf. Table 2.6). For such low
values of C concentration as in the ε1 sublayer, the component DCN should be close to zero (see
Equation (2.2)). Hence, the flux of C in the ε1 sublayer is predominated by the C concentration-
depth gradient and not the N concentration-depth gradient, explaining the negative sign of the
C flux.

On the other hand, in the ε1 sublayer, the flux of N as calculated using Fick’s first law is
much higher than the flux of N as calculated using the flux equations, see Table 2.8. At such
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low C concentrations the component DNC of the diffusivity matrix is expected to reach a value
so high that already the small positive gradient present in the C concentration-depth profile
significantly decreases the flux of N. This interpretation is supported by the magnitude of the
value of DNC as determined in Reference 81 (cf. Equation (2.19)) resulting from an analysis
of ε layers containing much less C than the ε layers examined in the present work: in that case
DNC was nearly as large as DNN in Reference 81.

2.7 Conclusions

1. A straightforward, graphical procedure to determine the four intrinsic diffusion coeffi-
cients governing the simultaneous diffusion of N and C in a host lattice is possible uti-
lizing experimentally determined concentration-depth profiles of N and C (e.g. measured
by EPMA) and (parabolic) layer-growth constants (e.g. determined by light microscopy).

2. The diffusivity matrix thus determined for the diffusion of N and C in ε-iron carboni-
tride, for N contents of approximately 14 . . .17at.% and C contents of 4 . . .6at.%, at
853 K (580 ◦C) and at 101325 Pa (1 atm) is given by DNN = 50×10−15 m2 s−1, DNC =

4.9×10−15 m2 s−1, DCN = 4.9×10−15 m2 s−1 and DCC = 5.5×10−15 m2 s−1.

3. The here-determined values of the off-diagonal components of the diffusivity matrix im-
ply a pronounced influence of the N (C) concentration-depth profile on the C (N) flux:
the off-diagonal values of the diffusivity matrix cannot be neglected at all for diffusional
calculations, e.g. simulations of layer-growth kinetics.

4. Analysis of (ratios of) thermodynamic factors derived from the components of the dif-
fusivity matrix indicates that the thermodynamic interaction of N and C on the same
sublattice for the Fe–N–C system is better described by the thermodynamic model of
Reference 43 than that of Reference 41.
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Microstructural development and
crystallographic properties of
decomposing Fe–N–C compound layers

Holger Göhring, Stefan Kante, Andreas Leineweber, Eric Jan Mittemeijer

The microstructural development of Fe–N–C compound layers resulting
from nitrocarburising and heat treatments applied to Fe–N and Fe–C alloys
was investigated. Slow cooling or secondary annealing, instead of quench-
ing, after the end of the nitrocarburising treatment causes decomposition of
γ-Fe[N,C] and ε-Fe3(N,C)1+x in the compound layer. The resulting decom-
position microstructures were analysed by, in particular, light microscopy
and electron backscatter diffraction, and X-ray diffraction and electron probe
micro-analysis, revealing their constitution and crystallographic properties.
The results are discussed in comparison to data obtained from undecom-
posed, i.e. quenched specimens and to data reported in the literature.

3.1 Introduction

Nitriding and nitrocarburising are thermochemical surface treatments widely applied in industry
in order to improve the mechanical, tribological and corrosion properties of iron and steel [1].
In recent years, a number of studies have been devoted to the nitrocarburising of Fe, Fe–N and
Fe–C alloys, involving subsequent quenching of the specimens to preserve the high-temperature
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microstructure [29, 75, 81, 82], see also Chapter 2. A major focus of these works was the in-
vestigation of the treatment-time dependent evolution of the carbonitride compound-layer mi-
crostructures. Layer-thickness data can in particular be used to determine the interstitial ele-
ments’ diffusivities [81], see also Chapter 2. Such diffusivities, in turn, can then be used to
simulate the layer-growth kinetics, which is of cardinal importance for optimisation of the ni-
trocarburising process.

The microstructural analyses performed in the above mentioned investigations have all been
performed on specimens subjected to (fairly) fast cooling after the nitrocarburising so that the
microstructure resulting from only the nitrocarburising treatment was quenched in. Such high
cooling rates, as applied in References 29, 75, 81 and 82 and in Chapter 2, do not occur in the
case of the nitrocarburising of technical components. This implies that microstructural devel-
opments induced by and during the cooling are highly relevant for the resulting mechanical,
tribological and anti-corrosive properties.

In the present work, nitrocarburising treatments, similar to those in References 29, 75, 81
and 82 and in Chapter 2, were conducted focussing on the effect of furnace cooling and the thus
evoked phase transformations. In particular, secondary annealing experiments were also per-
formed. The resulting microstructures are investigated using light microscopy, X-ray diffraction
and electron backscatter diffraction in order to obtain insight in their constitution and crystallo-
graphic properties. On this basis important thermodynamic knowledge on the Fe–N–C system
is acquired.

3.1.1 Phases in the Fe–N–C system

All phases considered in the Fe–N–C system and as produced by a nitrocarburising treatment
are, at normal temperature and pressure, metastable with respect to decomposition into almost
pure α-Fe (or γ-Fe[C] at elevated temperature), N2 gas and graphite. Nevertheless, different
solid Fe–N–C phases can be in metastable (local) equilibrium with each other at inter-phase
boundaries. When using the term equilibrium in the present work, it refers to such metastable
solid-state equilibria at inter-phase boundaries. Every phase in the Fe–N–C system corresponds
to a ternary extension of either a binary Fe–N or a binary Fe–C phase, i.e. there is no phase that
only exists in the ternary Fe–N–C system. Some characteristics [19, 25] of the phases relevant
for the present work have been summarised in Table 3.1. In the following, the lower-case Greek
letters defined in Table 3.1 will be used to denote the single phases.

The sequence of invariant reactions (at 1 atm) in the Fe–N–C system has been subjected to
extensive, also controversial discussion. Thus, in contrast to the binary systems, in the ternary
system, the ε phase can exist in equilibrium with the α phase at typical nitriding/nitrocarburising
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Table 3.1: Crystal structures, typical N and C content xN and xC, of phases relevant for the present
work according to References 19 and 25.

phase space group structure description xN/at.% xC/at.%

α-Fe[N,C] Im3̄m bcc Fe lattice, N and C on octahedral sites <0.4 <0.1
α′-Fe[N,C] I4/mmm bct Fe lattice, N and C ordered on octahedral

sites
<10 <8.3

α′′-Fe16N2 I4/mmm bct Fe lattice, N ordered on octahedral sites ≈ 12.5 ≈ 0
γ-Fe[N,C] Fm3̄m fcc Fe lattice, N and C on octahedral sites <10.3 <9.1
γ′-Fe4N1−z Pm3̄m fcc Fe lattice, N ordered on octahedral sites 19.4–20 <0.7

ε-Fe3(N,C)1+x P6322 hcp Fe lattice, N and C ordered on octahedral
sites

15–33 <8

P63/mmc simpler hcp cell used for EBSD analysis with
ahcp = aε/

√
3 and chcp = cε

θ-Fe3C Pnma orthorhombic, C in trigonal prisms of Fe ≈ 0 25
χ-Fe5C2 C12/c1 monoclinic, C in trigonal prisms of Fe ≈ 0 28.6

temperatures. In this case, it contains relatively large amounts of C and remarkably small
amounts of N in comparison to the typical N content of binary ε nitride at the same temper-
ature [41, 43, 46, 75]. This α+ε equilibrium was not included in early publications covering
the constitution of the system Fe–N–C [84, 129]. Moreover, we have shown [81, 82] (see also
Chapter 2) that the equations of the Gibbs energies of the relevant phases as given in Refer-
ence 43 lead to a description of the system Fe–N–C that fits considerably better with most of
the experimental data than the description given in Reference 41. Isothermal sections of the
phase diagram of the system Fe–N–C at the here-considered temperatures (and at 1 atm) have
been calculated in the present project by implementing the equations for the relevant Gibbs en-
ergies as given in Reference 43 into a database readable by the software Thermo-Calc [70] and
are shown in Figure 3.1. Note that in Figure 3.1c and d the phase boundary α+ε/ε and in Fig-
ure 3.1d the phase boundary γ/γ+ε show a strikingly small curvature. This is a feature directly
resulting from the model parameters of the Gibbs-energy functions from Reference 43.

3.1.2 Phase transformations in Fe–N–C compound layers

Nitrocarburising leads to the uptake of atomic N and C into a substrate. At a certain tempera-
ture, the equilibrium constitution is then predicted by applying the lever rule in the appropriate
isothermal section of the phase diagram at the point defined by the gross composition (see Fig-
ure 3.1) [130]. However, to reach this true (metastable) equilibrium state, very long holding
times at the desired temperature are needed in order to flatten out the concentration gradients,
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Figure 3.1: Isothermal sections of the phase diagram of the system Fe–N–C at the indicated tem-
peratures (and at 1 atm), calculated by implementing the equations for the relevant Gibbs energies
as given in Reference 43 into a database readable by the software Thermo-Calc [70]. The schematic
diffusion paths drawn in (c) (853 K) correspond with the microstructures in Figure 3.2a (green, Fe–
N substrate) and 3.2b (red, Fe–C substrate); those in (d) and the enlarged section in (e) (cf. grey
rectangle in (d)) correspond with the microstructures in Figure 3.2c (green, Fe–N substrate) and 3.2d
(red, Fe–C substrate). Hereby, dashed lines denote skipping over a two- or three-phase field. The
diffusion path of the Fe–C specimen nitrocarburised at 873 K is incompatible with the phase diagram
calculated using the data from Reference 43, since the equilibrium between γ, α and θ found at the
interface with the substrate is not possible, as indicated by the question mark in (d) and the enlarged
section in (e).
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while avoiding changes in composition due to outward diffusion of N and C due to decomposi-
tion of metastable phases.

In growing compound layers, the phase constitution as a function of depth can be predicted
using the concept of diffusion paths [72, 120–122]: the evolution of the (laterally averaged)
composition as a function of depth yields the diffusion path. If local equilibrium at each point
of the diffusion path and thus at each depth in the specimen separately, prevails, this then also
holds at the solid–solid interphase boundaries in the compound layer and at the interface with
the substrate. Then the sequence of the phases developing within the compound layer and the
diffusion path can be related with the corresponding phase diagram [72, 120, 122].

The (high-temperature) microstructure at the nitrocarburising treatment temperature is the
microstructure predicted by the diffusion path in the phase diagram at the treatment temper-
ature. Water quenching of the specimens normally suffices to preserve this high-temperature
microstructure of the specimens at the end of the nitrocarburising treatment. An exception oc-
curs if any γ-Fe[N,C] has formed: this austenite will at least partly transform to tetragonally
distorted α′ martensite, showing a characteristic lath- or plate-like microstructure in the metal-
lographic cross-sections [131–133].

Upon slow cooling with cooling rates of e.g. 2 Kmin−1 to 3 Kmin−1 as in the nitrocarburis-
ing furnace used in the present work (between the treatment temperature and approximately
673 K), there is only a marginal change in local composition since there is not enough time for
long-range diffusion and local equilibria cannot be established. Yet, at the lower temperatures
occurring during cooling, phase diagrams can still predict which phases, different from those at
the nitrocarburising temperatures, would be stable at the local composition. Thus the tendencies
and possible initiation of phase transformations on a local scale can be indicated.

The solubility of N in α in equilibrium with γ′ decreases with decreasing temperature. Fur-
thermore, at lower temperatures, the ordered phase α′′ can form. Thus, upon slow cooling or
upon secondary annealing at lower temperatures one or both phases precipitate from the, at this
temperature super-saturated, α of the substrate [4, 134].

At lower temperature, there is often a tendency of decomposition of intermediate phases.
Upon cooling, α has been found to precipitate in the γ′ sub-layer of nitrided α-Fe speci-
mens [135]. In the case of Fe–C austenite, lamellar pearlite (α+θ) forms upon slow cooling,
and in the case of Fe–N austenite, a microstructure consisting of α+γ′ is formed, usually called
braunite. Braunite can show a similar lamellar morphology to pearlite. Often, however, γ′ in
braunite shows an abnormal granular morphology which has a strong tendency for coarsen-
ing [136, 137]. Decomposition of the ε phase could be thought to lead to similar morphologies
to braunite or pearlite: thermodynamic calculations using the equations for the Gibbs energy
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of the Fe–N–C phases from Reference 43 predict a eutectoid decomposition of ε at 825 K, fol-
lowing ε 
 α+γ′+θ. One aim of the present work involves production and investigation of the
microstructures (morphology and crystallographic properties) resulting from such ε decompo-
sition.

3.2 Experimental

3.2.1 Specimen preparation

Two different substrates were used for the nitrocarburising treatments, an Fe–N alloy and an
Fe–C alloy. For the Fe–N alloy, pure Fe (Alfa Aesar, 99.98 wt.%) granulate was molten and
cast into ingots of 80mm×25mm×10mm. The ingots were cold-rolled to obtain sheets with
a thickness of approximately 1 mm, which were subsequently cut into foils with lateral dimen-
sions of 12mm× 20mm. These foils were ground and polished (final stage 1 µm diamond
suspension) to a final thickness of approximately 0.5 mm. The foils were recrystallised in H2

at 973 K for 2 h and presaturated with N in a nitriding atmosphere containing 10.6 vol.% NH3

and 89.4 vol.% H2 at 853 K overnight (16 h to 18 h), resulting in homogeneous specimens with
gravimetrically determined N contents between 0.36 at.% and 0.37 at.%, very close to the sol-
ubility limit of N in α-Fe in equilibrium with γ′-Fe4N at 853 K, ranging from 0.36 at.% to
0.42 at.% according to literature [4, 30, 41]. The recrystallisation and prenitriding treatments
were performed in the same quartz-tube furnace as described in Section 3.2.2

The Fe–C specimens were manufactured by casting an Fe–C alloy with a C content corre-
sponding to the eutectoid composition in the Fe–C system [32] with the same dimensions as
for the Fe–N alloys. The ingots used in the present work had actual C contents of 0.71 wt.%,
0.81 wt.% and 0.82 wt.% as determined by chemical analyses, close to the value of 0.77 at.%
in accordance with Reference 32. The cold-rolling, cutting, grinding and polishing steps were
the same as for the Fe–N specimens. Thereafter, the specimens were annealed in a crucible
furnace at 1273 K for 2 h. To prevent oxidation, the specimens were encapsulated into quartz
vials containing Ar at a pressure corresponding to 1×105 Pa at the above indicated annealing
temperature. The anneal was terminated by cooling the specimens in the quartz vial in air on a
metal surface. This resulted in a fine, purely pearlitic microstructure.

3.2.2 Nitrocarburising treatment

The nitrocarburising treatments were performed in a vertical quartz-tube furnace equipped with
mass-flow controllers determining the composition of the nitrocarburising atmosphere. The
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Table 3.2: Composition of gas atmospheres applied for nitrocarburising treatments. φi = pi/
◦p,

with pi as partial pressure of component i and ◦p = 101325Pa.

substrate T/K φNH3 φH2 φCO φCO2 φH2O φN2

Fe–N 853/873 0.13 0.58 0.20 — — 0.09
Fe–C 853 0.20 0.34 0.38 0.06 0.02 —

873 0.20 0.34 0.41 0.04 0.01 —

furnace was equipped with gas supplies for NH3, H2, CO, CO2, H2O, N2 and CH4 (not used in
the present work). A total flux of 500 mlmin−1 as determined at room temperature was applied
in all cases. Various different treatments were performed both at 853 K and at 873 K. By
varying the composition of the gas atmosphere the N and C uptake during the nitrocarburising
treatment could be varied. The applied gas atmospheres are listed in Table 3.2. In an ideal case,
an equilibrium or at least a stationary state is established at the gas-solid interface (see, e.g.
Chapter 1 in Reference 1), thereby controlling the resulting phase(s) and (their) composition at
the surface of the specimen.

The Fe–N specimens were treated with atmospheres known to produce θ/ε double layers [29].
The approach used involved adding a certain amount of CO gas to a mild nitriding (NH3/H2)
atmosphere (see Table 3.2), resulting in no definable C activity, but a well-defined N activity [1,
23, 24]. The Fe–C specimens were treated with atmospheres that control the most important
carburising reactions, neglecting formation of CH4 and other organic compounds. By setting the
C activity pertaining to these governing reactions equal, a unique C activity can be assigned to
the gas phase [1,23,24]. At 853 K, nitrocarburising of pearlitic specimens using the atmospheres
listed in Table 3.2 results in pure ε layers as shown in Chapter 2.

The nitrocarburising treatment was terminated by either quenching in N2-flushed water or
reducing the heating power of the furnace to zero. Preliminary experiments showed that chang-
ing the furnace atmosphere to pure N2 during slow cooling leads to severe formation of pores,
especially for the nitrocarburised Fe–C substrates. Therefore, in the experiments presented and
discussed here the atmosphere was kept constant during cooling until a temperature of 573 K
was reached. Using data from the thermocouples of the nitrocarburising furnace and assuming
that they (also) indicate the temperature of the specimen (i.e. thermal equilibrium prevails),
the temperature of 573 K was reached approximately 2.5 h after the end of the nitrocarburising
treatment. During the early phase of slow cooling (down to 673 K), a cooling rate of 2 Kmin−1

to 3 Kmin−1 occurred.
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3.2.3 Secondary annealing

Secondary annealing experiments were applied to nitrocarburised and water-quenched speci-
mens. These anneals were performed in a crucible furnace at (approximate) temperatures of
673 K and 773 K. The specimens were encapsulated into quartz tubes containing Ar at a pres-
sure of 4×104 Pa to prevent oxidation. After the secondary annealing treatments, the quartz
tubes were destroyed in water at room temperature, defining the end of the treatment.

3.2.4 Microstructure characterisation

X-ray diffraction (XRD) patterns were recorded in Bragg–Brentano θ–θ geometry from the
surface of the specimens using a Philips X’Pert MPD diffractometer equipped with a Co tube
and a monochromator in the diffracted beam selecting Co-Kα radiation. The diffraction patterns
were analysed by Rietveld refinement [138] using the software TOPAS [139] for qualitative
phase analysis of the compound layer.

Cross-sectional specimens were prepared and analysed as follows. Prior to cross-sectioning,
a piece of each specimen was electrolytically coated with Ni in order to protect the brittle
compound layer. The piece was then embedded in resin and ground and polished (final stage
1 µm diamond suspension). For light-microscopical analysis, the cross-sections were etched
for 15 s in 1 % Nital containing some HCl [90, 123]. To increase the contrast, some specimens
were treated with Groesbeck solution, staining C-rich phases (approximately 10 min at 323 K
to 333 K) [124]. The light-microscopical analyses were performed using a Zeiss Axiophot
microscope.

For electron backscatter diffraction (EBSD) analysis of the cross-sections, the etching step
was replaced by an additional oxide polishing step using Struers OPS suspension, followed
by ultrasonic cleaning in isopropyl alcohol for 15 min. Examination of the fine plate-like ε+γ′

microstructures (see Section 3.3.2) was performed on areas in which the plates are cut by the
surface of the cross-sectioned specimen in directions inclined with respect to the plate faces,
implying appearance of a coarser plate-like morphology in the cross-section than observed with
the plates oriented edge-on with respect to the cross-section. These areas were chosen in the
light microscope and marked with an indenter in the protective Ni layer prior to EBSD analysis.
EBSD analysis was performed using a LEO 438VP SEM, equipped with a W filament cathode.
The smallest possible step size of 50 nm was used. Evaluation was performed with the software
EDAX OIM Analysis 7 [140]. Analysis of the ε phase was performed on the basis of the strong
intensity bands in the Kikuchi patterns caused by the hcp Fe substructure. Thus, a simpler unit
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Figure 3.2: Micrographs of Groesbeck-stained cross-sections showing the microstructures result-
ing from nitrocarburising treatments of the indicated specimens at the indicated temperatures after
quenching in water, with schematic representation of the layer structure at the treatment tempera-
ture, recognising that γ partially transforms to α′ upon quenching. After nitrocarburising at 853 K,
on the Fe–N substrates a θ/ε double layer and on the Fe–C substrates a pure ε layer is found. At
873 K ε is separated from the substrate by a γ sublayer.

cell, referring to the hcp structure of the Fe atoms (space group P63/mmc), ignoring ordering
of interstitially dissolved N and C, was used with ahcp = aε/

√
3 and chcp = cε, see Table 3.1.

3.3 Results

3.3.1 Quenched high-temperature microstructure

Light micrographs of metallographic cross-sections of the quenched specimens (see Figure 3.2)
confirm the presence of the phases detected by XRD analysis. Upon nitrocarburising of the
Fe–N specimens at 853 K with the parameters shown in Table 3.2 a thin θ/ε double layer forms
as shown in Figure 3.2a. Under the same conditions, but at a higher temperature of 873 K a
θ/ε/γ triple layer1 forms, as shown in Figure 3.2c.

After nitrocarburising at 853 K with the parameters shown in Table 3.2 the Fe–C specimens
show a pure ε layer, sometimes containing some γ′ grains (see Figure 3.2b). At 873 K with the
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parameters shown in Table 3.2 an ε/γ double layer1 forms as shown in Figure 3.2d. On some
specimens formation of θ or χ carbides (as verified by XRD) in conjunction with pores (caused
by N2 development [141]) was observed close to the surface due to decomposition of the origi-
nal, interstitial-rich ε. During the nitrocarburising treatment, spheroidisation (coarsening) of the
θ lamellae in the substrate, as originally present in the untreated material, occurs. Therefore, it
is difficult to dissolve, upon nitrocarburising, all initially present θ into γ or ε. The remnants of
these θ grains are visible as artefacts [96] in the compound layer (see Figure 3.2d).

3.3.2 Microstructure development upon slow cooling and upon secondary
annealing

The microstructures resulting from the nitrocarburising treatments of the different substrates
and subsequent slow, furnace cooling (see Section 3.2.2) are shown in Figure 3.3 and in detail
in Figure 3.4. It was observed that, for both the Fe–N and Fe–C substrates, the columnar ε grains
formed at 853 K and 873 K exhibit upon slow cooling a plate-like subdivided inner microstruc-
ture. EBSD analysis of such transformed ε grains in the furnace-cooled specimens revealed that
the plate-like microstructure consists of parallel γ′ plates which had formed inside the original
columnar ε grains: see the EBSD phase and orientation maps in Figure 3.5. The parallel orien-
tation of the γ′ plates in each columnar originally pure ε grain suggests occurrence of a preferred
crystallographic orientation relationship of ε and γ′ (see the analysis in Section 3.3.3). Further,
the mostly planar nature of the ε/γ′ interfaces suggests that the ε/γ′ interfaces are coherent or at
least partially coherent.

The ε phase formed on Fe–N substrates almost completely transforms into this ε+γ′ mi-
crostructure (see the micrographs in Figure 3.3a and c and the EBSD maps in Figure 3.5a and
c), whereas for the Fe–C substrates only the part of the ε layer adjacent to the substrate decom-
poses (see the micrographs in Figure 3.3b and d and the EBSD maps in Figure 3.5b and d). For
the compound layers formed on the Fe–C substrates, the plate-like microstructure is penetrated
by coarse γ′ grains; see the examples indicated with arrows in Figure 3.5b and d.

The γ phase formed at 873 K in the Fe–N and Fe–C specimens (see Figure 3.2c and d) upon
cooling transforms into a three-phase microstructure consisting of α, γ′ and θ as validated by
EBSD analysis, of partly granular, partly lamellar morphology; see the enlarged section of a
micrograph in Figure 3.4, in which the prominent lamellar part has been encircled. By EBSD
analysis (see Figure 3.5b and d), a few ε grain were also found in this decomposition microstruc-
ture. Further, the decomposition of ε upon cooling of the Fe–C specimens treated at 873 K also

1Note that the γ sublayer transforms into an α′+γR (=retained austenite) two-phase microstructure upon quench-
ing.
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Figure 3.3: Micrographs of Groesbeck-stained cross-sections showing the microstructures resulting
from nitrocarburising treatments of the indicated specimens at the indicated temperature and after
subsequent slow (furnace) cooling, with schematic representation of the layer structure (dashed
lines indicating no clear (sub)layer boundary). Upon cooling, the ε phase transforms into a plate-
like microstructure that consists of ε and γ′ grains as identified by EBSD, see Figure 3.5. Larger γ′

grains are also found, across grain boundaries of the former ε sublayer. The original γ sublayer of
the specimens treated at 873 K transforms into a lamellar/granular microstructure labelled as α+γ′+θ

with large γ′ precipitates at the interface with the substrate; see Figure 3.4 for an enlarged section
revealing this morphology. The θ sublayer formed on the Fe–N specimens remains unchanged by
the slow cooling. In the substrate of the Fe–N specimens precipitates of γ′ are visible.
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α

γ′

θ

Figure 3.4: Enlarged part of a micrograph with enhanced contrast revealing the microstructure re-
sulting from eutectoid decomposition of the former γ sublayer upon slow (furnace) cooling of an
Fe–N specimen nitrocarburised at 873 K; see Figure 3.3c for an overview. A prominent area show-
ing the lamellar pearlite-like morphology has been encircled (θ appears brown because of Groesbeck
staining). Other parts of the microstructure show a more granular morphology, resembling a mor-
phology often found for braunite. At the former boundary between γ and the substrate, coarsened γ′

grains are present.

causes formation of some α precipitates at the former ε grain boundaries (see the EBSD phase
map in Figure 3.5d).

At some places the γ′ plates seem to grow out of their parent ε grains (i.e. cross a grain bound-
ary between the originally pure ε grains); see the encircled examples in the EBSD phase maps
in Figure 3.5b and d. A very prominent example is shown in the magnified part of Figure 3.5b
with the former ε/ε grain boundary marked in red.

Specimens nitrocarburised at 853 K and afterwards quenched were subjected to secondary

annealing treatments for 1 h at 673 K or 1 h at 773 K. Micrographs of the cross-sections of the
compound layers on these specimens are presented in Figure 3.6. Evidently, the microstructures
resulting from secondary annealing (see Figure 3.6) are similar to those of the slowly cooled
specimens nitrocarburised at the same temperature (see Figure 3.3a and b): the original ε sub-
layer of the θ/ε compound layers (see Figure 3.6a and b) on the Fe–N specimens had completely
decomposed into the same lamellar microstructure consisting of ε and γ′ plates as already ob-
served for the slowly cooled specimens. The plates resulting from the anneal at 673 K are finer
than those resulting from the anneal at 773 K. For the original ε layers on the Fe–C specimens
(see Figure 3.6c and d), only a part of the ε layer adjacent to the substrate had decomposed into
a plate-like ε+γ′ microstructure.

In case of the Fe–C specimens, the coarse γ′ grains appearing in the transformed zone of the
compound layer upon slow cooling (Figure 3.3b) are not visible in the similarly nitrocarburised
and subsequently quenched specimens after the secondary anneals for 1 h at 673 K or 773 K
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(a) Fe–N, 853 K

(b) Fe–C, 853 K (enlarged maps at bottom)

Figure 3.5: (continued on page 64)
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(c) Fe–N, 873 K

(d) Fe–C, 873 K

= α = γ′ = ε = θ

Figure 3.5: (continued from page 63) EBSD phase maps (left) and orientation maps (right) of Fe–C
and Fe–N specimens nitrocarburised for 4 h at the indicated temperature and after slow (furnace)
cooling; see Figure 3.3. In the orientation map, colours are mapped according to orientations in the
standard stereographic triangle as shown for each crystal structure. Both EBSD maps are overlaid
with indication of the image quality: dark shaded areas represent areas of bad quality of the recorded
Kikuchi patterns used for phase identification. Note the significantly deviating magnification for the
Fe–N specimen nitrocarburised at 853 K (very fine microstructure). The plate-like structure visible
in the light micrographs of Figure 3.3 is identified as ε+γ′. Thereby, in some γ′ grains the Kikuchi
patterns were misinterpreted by the evaluation software as belonging to the θ phase, shown in blue
on the EBSD phase maps. Some of the γ′ plates have started to grow out of their respective original
ε grain (marked with white circles in (b) and (d)). One prominent example has been enlarged in
(b) with the former ε/ε grain boundary marked in red. Examples of massive γ′ grains growing
across grain boundaries of the original ε grains have been marked with white arrows in (b) and
(d). For the Fe–C specimen nitrocarburised at 873 K shown in (d) α precipitates had formed at the
former ε grain boundaries (red colour). For both specimens nitrocarburised at 873 K ((c) and (d)),
the granular/lamellar structure below the original ε (sub)layer consists of α, γ′, ε and θ (blue in
the EBSD phase map) resulting from the eutectoid decomposition of the original γ sublayer (see
Section 3.4.2). Curved phase boundaries in (c) are probably caused by a curvature of the specimen
due to polishing.
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Figure 3.6: Micrographs of Groesbeck-stained cross-sections showing the microstructures result-
ing from nitrocarburising treatments of the indicated specimens at the 853 K, after quenching and
subsequent secondary annealing for 1 h at the indicated temperatures, with schematic representa-
tion of the layer structure (dashed lines indicating no clear (sub)layer boundary). As for the case
of slow furnace cooling (see Figure 3.3), ε decomposes into a plate-like ε+γ′ structure. The plates
formed during secondary annealing at 673 K are finer than those formed during secondary annealing
at 773 K. For the Fe–N specimens, the whole ε sublayer has transformed. The θ sublayer remains
unchanged. For the Fe–C specimens, the transformation occurs in a part of the originally pure ε layer
adjacent to the substrate. This transformation zone is larger for the specimen annealed at 773 K than
for the specimen annealed at 673 K.
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(Figure 3.6c and d). The emergence of (coarse) γ′ grains by secondary annealing depends
on the annealing time: Fe–C specimens nitrocarburised at 853 K and subsequently quenched
were annealed at 773 K for different times between 5 min and 16 h; see Figure 3.7 for light
micrographs and Figure 3.8 for EBSD phase and orientation maps of cross-sections of these
specimens. After 5 min the ε+γ′ plate-like microstructure is clearly visible. The ε→ ε+γ′ de-
composition zone propagates in the direction of the surface of the specimen with increasing
annealing time at 773 K. After 2 h, coarse γ′ grains occur in the decomposed part of the original
ε layer, which grow with increasing annealing time. After annealing for 16 h, the lower zone
of the compound layer has completely transformed into a γ′ sublayer. γ′ forming the eventually
practically closed γ′ sublayer appears in two distinctive morphologies: massive grains of γ′ with
a single orientation, and areas within an original ε grain formed by γ′ plates with varying ori-
entation; see the orientation maps in Figure 3.8 (examples of the latter morphology encircled in
white). Between the γ′ grains, θ grains form after long annealing times, as a cause of dissolved
C rejected by γ′, seen as the dark blue spots in the EBSD phase maps in Figure 3.8.

During the secondary annealing treatment in Ar pore formation occurs in the part of the ε

layer of highest supersaturation (i.e. the surface adjacent part) [141] leading to loss of nitrogen
and the emergence of θ. This process becomes visible after approximately 2 h, see Figure 3.7d.
After 16 h, the area of the compound layer adjacent to the surface thus has decomposed into
α-Fe, θ (both confirmed by EBSD) and N2 (which has left the specimen), see Figure 3.8c.

3.3.3 Orientation relationship of ε and γ′

By comparing the orientation of many γ′ plates with respect to the parent ε grain, applying the
EBSD maps taken during the microstructure investigation, it was found that the following ε

(hcp Fe sublattice)/γ′ (fcc Fe sublattice) orientation relationship holds within 1◦:

{0001}hcp ‖ {111}γ′,〈2̄110〉hcp ‖ 〈11̄0〉γ′ (3.1)

This orientation relationship of ε and γ′ was reported before in References 142–144. A relation
for the dependence of the lattice parameters of ε on the N content is given in Reference 101.
It can approximately be applied to ε in the ternary Fe–N–C system by assuming that C has the
same effect on the lattice parameters as N, i.e. using the total interstitial content to determine the
lattice parameters. According to the EPMA data shown in Chapter 2, obtained from specimens
treated at the same conditions as in the present work, close to the interface with the substrate
in both Fe–N and Fe–C specimens treated at 853 K, approx. 0.24 interstitial atoms have been
taken up per Fe atom. This interstitial content corresponds with aε ≈ 4.63Å or ahcp ≈ 2.67Å
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Figure 3.7: Micrographs of Groesbeck-stained cross-sections showing the microstructures resulting
from nitrocarburising treatments of the Fe–C specimens at 853 K, after quenching and subsequent
secondary annealing at 773 K for the indicated times, with schematic representation of the layer
structure (dashed lines indicating no clear (sub)layer boundary). The transformation of ε into a
plate-like ε+γ′ microstructure initiates at the zone adjacent to the substrate and propagates through
the ε layer in the direction of the surface. At longer annealing times, massive γ′ grains grow until a
γ′ sublayer develops. In the region adjacent to the surface decomposition of ε occurs, leading to the
formation of pores and θ. After 16 h, the outermost ε sublayer has completely decomposed into a
porous α+θ sublayer as identified by EBSD, see Figure 3.8.
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(a) 2 h (b) 4 h (c) 16 h

= α = γ′ = ε = θ

Figure 3.8: EBSD phase (top) and orientation maps of Fe–C specimens nitrocarburised for 4 h at
853 K, after quenching and subsequent secondary annealing at 773 K for the indicated times (see
Figure 3.7). In the orientation map, colours are mapped according to orientations in the standard
stereographic triangle as shown for each crystal structure. Both EBSD maps are overlaid with indi-
cation of the image quality: dark shaded areas represent areas of bad quality of the recorded Kikuchi
patterns used for phase identification. With increasing annealing time a γ′ sublayer develops close
to the substrate. Throughout the γ′ sublayer, θ precipitates form (dark, due to poor image quality,
blue spots), taking up the C rejected by γ′. Green and yellow lines connecting neighbouring ε and γ′

grains in the orientation maps indicate fulfilment of the orientation relationship after Equation (3.1)
(green: within 1◦, yellow: within a few degrees); red lines indicate clear deviation from the orien-
tation relationship. Examples of areas of γ′ plates with twin orientation with respect to each other
within a single original ε grain have been encircled. With increasing annealing time, ε decomposes
(also) close to the surface, leaving a porous α+θ sublayer after 16 h of annealing.
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(and cε ≈ 4.34Å). Hence, the misfit of the closest Fe–Fe distances in the ε (hcp Fe sublattice)
and γ′ (fcc Fe sublattice) crystal structures can be calculated as∣∣∣∣∣ahcp−aγ′/

√
2

aγ′/
√

2

∣∣∣∣∣≈ 0.5% (3.2)

using the lattice-parameter data for γ′ given in Reference 100. This low misfit value suggests
full coherency of the interfaces between ε and γ′.

Considering only Fe atoms, both ε and γ′ are close packed structures only differing by the
stacking sequence of the close packed planes parallel to {0001}ε and {111}γ′ . By trace analysis
of the straight interfaces between ε and γ′ it was found that all these interfaces are compatible
with {0001}ε (or {111}γ′) as habit plane. From a mechanistic point of view, the Fe sublattices
of the crystal structure of both the ε and γ′ can be transformed into each other by the glide of
Shockley partial dislocations [133]. This process has already been proposed by the authors of
Reference 142. For a single ε orientation, two γ′ orientations exist which comply with Equa-
tion (3.1), which can be chosen randomly during the transformation. The two variants of the
orientation relationship have indeed been observed: see the differently oriented γ′ plates in the
orientation maps in Figure 3.5. If two of those differently oriented γ′ plates impinge, e.g. by
thickening of the γ′ plates, a coherent Σ3 twin is formed with a former {0001}hcp lattice plane
as the twinning plane.

Indeed, in the areas of γ′ composed of γ′ plates with varying orientation within a former ε

grain (see the encircled areas in the EBSD orientation maps in Figure 3.8), the γ′ plates have
a twin relationship to each other. Furthermore, those γ′ plates and the grains of ε sitting above
them fulfil the orientation relationship after Equation (3.1) (see the green and yellow lines con-
necting those grains in the EBSD orientation maps in Figure 3.8), supporting the interpretation
that the areas of γ′ with varying orientation have been formed by impingement of γ′ plates
within a single former ε grain.

3.4 Discussion

3.4.1 Microstructure after quenching

The microstructures developed at 853 K (as observed after quenching) are compatible with the
phase diagram shown in Figure 3.1c, calculated as described in Section 3.1.1 EPMA measure-
ments performed for the research presented in Chapter 2 on cross-sections of similar specimens
allow sketching of the corresponding diffusion paths in Figure 3.1c. Evidently, these diffusion
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paths are compatible with the calculated phase diagram. Thus, the concentrations of N and C in
ε fall within the bottleneck-shaped area of the phase diagram. The occurrence of small γ′ grains
in the ε layer on Fe–C specimens nitrocarburised at 853 K as shown in Figure 3.2b and as also
observed in the literature [96] and in Chapter 2 is possibly due to passing of the diffusion path
through the γ′+ε two-phase field of the phase diagram.

In the above sense, the θ/ε/γ triple layer on the α substrate of the Fe–N specimens nitro-
carburised at 873 K and quenched thereafter, also complies with the calculated phase diagram
(see the sketched, green diffusion path in Figure 3.1d and the enlarged part in Figure 3.1e).
However, the ε/γ double layer growing into the α+θ substrate of the Fe–C specimens at 873 K
(as observed after quenching) is incompatible with the phase diagram as calculated using the
data from Reference 43 (see the sketched, incomplete red diffusion path in Figure 3.1d and the
enlarged part in Figure 3.1e), as this observation implies occurrence of a (local) equilibrium of
γ, α and θ at the γ/α+θ interface, which is impossible as long as the α+ε two-phase field exists.
This microstructure is only explainable if the temperature of the invariant reaction γ+θ 
 α+ε

is lower than 873 K which is compatible with the very recent experimental results presented in
Reference 82 (according to that work the temperature of the invariant reaction is between 868 K
and 873 K) and the prediction of Reference 41 (867 K). In contrast, according to the model
from Reference 43, the invariant reaction γ+θ 
 α+ε occurs at a temperature as high as 952 K.

It is noted that it has been suggested in a recent study dealing with plasma nitrocarburising of
steels that γ-Fe[N,C] would be a stable phase at a temperature as low as 843 K [145], which is in
striking conflict with recent models of the system Fe–N–C [41,43], the above mentioned recent
experimental study [82] and the results of the present work. The authors of Reference [145]
argue on the basis of Reference 146, based on Reference 147, which in turn is based on early
experimental work on the system Fe–N–C [84]. However, there has been no evidence for the
formation of γ at temperatures as low as 853 K and below both in the present work and in the
various studies on the system Fe–N–C in the recent past [29,75,81,82] (see also Chapter 2). It is
suggested here that the temperature measurement during the plasma nitrocarburising treatments
conducted in Reference 145 has been flawed.

3.4.2 Microstructure after cooling slowly

The morphology of the γ decomposition microstructure as observed in the present work for the
slowly cooled specimens nitrocarburised at 873 K (Figure 3.3c and d; similar microstructures
have been reported in References 143 and 145) can be interpreted as a combination of typ-
ical lamellar pearlite in the Fe–C system [136] and coarsened granular braunite in the Fe–N
system [137]; in particular, see the enlarged micrograph in Figure 3.4. This microstructure sug-
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gests a eutectoid decomposition of the ternary γ phase. Considering the sequence of invariant
reactions as predicted by the data from References 41 and 43, eutectoid decomposition of γ oc-
curs according to γ 
 α+γ′+ε at 859 K [41] or 857 K [43], yielding a microstructure consisting
of α, γ′ and ε, explaining the formation of some ε grains in the decomposition microstruc-
ture. Formation of θ in a morphology that usually only occurs upon eutectoid decomposition
(see Figure 3.4) could be explained by inhibition of ε formation. Theoretically, a metastable
invariant reaction according to γ→ α+γ′+θ could occur at 851 K [41] or 848 K [43].

The plate-like ε+γ′ microstructure as an ε decomposition microstructure observed in the
slowly cooled specimens (Figures 3.3 and 3.5) has already been reported by various authors
in the past as resulting from slow cooling of Fe–N–C compound layers [143, 148–151]. The
reason for the formation of the plate-like ε+γ′ microstructure is the decreasing stability of ε

with decreasing temperature: ε formed in equilibrium with α or α+θ at 853 K (Figure 3.2a
and b) or with γ at 873 K (Figure 3.2c and d) has a relatively low N content, as compared
to typical N contents of the binary ε phase, and a high C content. The concentrations of N
and C in the original pure ε (sub)layer adjacent to either the substrate or the γ sublayer lie in
the bottleneck-shaped area of the phase diagram, illustrated by the diffusion paths superim-
posed on the isothermal sections of the phase diagram in Figure 3.1c and d. Additional EPMA
measurements performed on these slowly cooled specimens showed that, as compared to the
corresponding quenched specimens, the concentration-depth profiles and thus the composition
along the diffusion path, i.e. the laterally averaged composition, had not changed significantly.
Upon decreasing temperature, the composition of the originally pure ε (sub)layer comes to lie
in a two- or three-phase field (Figure 3.1a and b versus Figure 3.1c and d), inducing decom-
position of ε: the N and C concentration ranges of ε formed on the Fe–N substrates become
located entirely in the γ′+ε two- or the α+γ′+ε or γ′+ε+θ three-phase fields, whereas the N and
C concentration ranges of ε formed on the Fe–C substrates become only partially located in
these two- or three-phase fields, leading to complete and incomplete decompositions in the first
case and the latter case, respectively (as observed; see Figure 3.3a and c versus Figure 3.3b and
d).

Formation of α was only observed in the decomposing (upon slow cooling) ε sublayer formed
by nitrocarburising of the Fe–C substrates at 873 K (see Figure 3.5d). The models of Refer-
ences 41 and 43 predict that the total interstitial content of ε can be slightly lower at 873 K
than at 853 K (see the bottleneck-shaped part of the ε single phase region in Figure 3.1c and d).
Thus, cooling after nitrocarburising at 873 K can make the ε, which developed at this tempera-
ture, more or less instantaneously prone to decomposition in ε and α even before a poly-phase
field involving the γ′ phase is entered (see Figure 3.1d, c and b, in that order).

71



Chapter 3

It is noted that a eutectoid microstructure resembling either pearlite or braunite clearly origi-
nating from decomposition of the ε phase has not been found (cf. end of Section 3.1.2). Thus,
eutectoid decomposition of ε as predicted by the model from Reference 43 is improbable.

3.4.3 Microstructure after secondary annealing

The above interpretation of the microstructure after slowly cooling is confirmed by the sec-
ondary annealing experiments: for the original ε layers on the Fe–C specimens (see Figure 3.6c
and d), also only the part of the ε layer adjacent to the substrate decomposes into a plate-like
ε+γ′ microstructure. The decomposed zone in ε is larger upon secondary annealing at 673 K
than at 773 K. Indeed, the ε+γ′ two-phase field extends to somewhat larger N contents at 673 K
than at 773 K (as seen in the phase diagrams in Figure 3.1a and b). Thus, at 673 K the part of the
originally pure ε sublayer with a composition falling in this two-phase field is larger, making a
larger fraction of the originally pure ε (sub)layer unstable.

Formation of γ′ plates requires diffusion of N and C in ε since ε contains less N than necessary
for the formation of γ′ and the solubility of C in γ′ is very low (see Table 3.1). This necessity
of diffusion explains the development of the fine morphology of the resulting microstructure:
then the diffusion lengths are short. The plates in the Fe–N and Fe–C specimens resulting
from secondary annealing at 673 K (Figure 3.6a and c) appear finer than those resulting from
secondary annealing at 773 K (Figure 3.6b and d), which then is an obvious consequence of
slower diffusion of N and C at lower temperatures.

The above discussion has been restricted to the stage of ε decomposition where all γ′ plates
are formed within a single ε grain. However, upon slow cooling and especially after long times
of secondary annealing, massive γ′ grains can also be observed that appear to extend across
grain boundaries of the originally pure ε layer (see the grains marked with an arrow in the
EBSD phase maps in Figure 3.5b and d). In contrast to the massive γ′ grains formed by growth
of γ′ plates within the originally pure ε grains as described in Section 3.3, the morphology of γ′

described here does not consist of plates. Furthermore, in this case, the orientation relationship
given by Equation (3.1) is not satisfied between neighbouring γ′ and ε grains (see the grains
connected by red lines in the EBSD orientation maps in Figure 3.8): if, upon growing out
of their parent ε grain (see the areas encircled in the EBSD phase maps in Figure 3.5b and
d and the magnified example in Figure 3.5b) the orientation relationship is obeyed with the
first ε grain, the orientation relationship is obviously not obeyed for the neighbouring ε grain
and the grown-out γ′ plate. These ε/γ′ interface will be incoherent and thus relatively mobile.
The grown-out parts of the γ′ plates can thus relatively rapidly grow out to a more equiaxial
(rounded) morphology and thus massive γ′ grains develop.
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According to the phase diagrams, it is not possible that the ε phase of compositions consid-
ered here upon cooling or secondary annealing transforms into γ′ without that a carbon-rich
phase, here θ, forms as well; see the diffusion paths in Figure 3.1. Indeed, upon prolonged
secondary annealing, θ precipitates can be observed in the developed γ′ sublayer (see the EBSD
phase maps in Figure 3.8). Also upon slow cooling, an early stage of θ formation can already
be detected, see the EBSD phase maps in Figure 3.5b and d.

Upon long secondary annealing times, eventually a closed γ′ layer is formed underneath the ε

layer and growing back into it, see the time-dependent development in Figures 3.7 and 3.8. This
is comparable to the back-growth of γ′ sublayers upon annealing of ε/γ′ double layers formed
by nitriding of pure Fe [152, 153]. Even in this very late stage of ε decomposition, the different
growth rates of γ′ grains formed by the coarsening of γ′ plates within the original ε grain and of
the massive γ′ grains can be observed (see above discussion and Figure 3.8).

3.5 Conclusions

The constitution and microstructures of the carbonitride compound layer formed upon nitrocar-
burising of Fe–N and Fe–C specimens has been investigated for the nitrocarburised condition
and for states of decomposition upon cooling and annealing at lower temperatures, in particular
with a view to existing, fragmentary knowledge on the Fe–N–C phase diagram. The following
conclusions can be drawn:

1. The diffusion paths determined on the as-quenched microstructures of the Fe–N speci-
mens nitrocarburised at 853 K and 873 K and of the Fe–C specimens nitrocarburised at
853 K are compatible with the phase diagrams calculated using either the data from Refer-
ence 41 or the data from Reference 43. The microstructure formed upon nitrocarburising
of Fe–C at 873 K is compatible with the thermodynamic description from Reference 41
and incompatible with the thermodynamic description from Reference 43.

2. Upon slow cooling or upon secondary annealing after quenching, ε decomposes into a
fine plate-like microstructure consisting of ε and γ′ with a strict orientation relationship.
Formation of γ′ plates is caused by the instability of ε at lower temperatures since its
composition then lies in the γ′+ε two-phase or in the α+γ′+ε or γ′+ε+θ three-phase fields.
Eventually, a closed γ′ layer forms underneath the ε layer, growing back in the direction
of the surface.

3. Upon slow cooling of Fe–C specimens nitrocarburised at 873 K, α forms at the former ε

grain boundaries because upon cooling the composition of ε passes through the α+ε two-
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phase field (this is unlikely to happen for Fe–N specimens and for the Fe–C specimens
nitrocarburised at lower temperature in view of the composition of the ε (sub)layer).

4. Due to slow precipitation kinetics, the thermodynamically required θ formation is only
observed after long secondary annealing times, allowing rejection of (dissolved) C by
γ′. After long annealing times, ε decomposes into a porous α+θ microstructure due to
development of N2 (and its subsequent loss to the outer atmosphere).

5. Formation of γ has only been observed upon nitrocarburising at 873 K. Upon slow cool-
ing, the γ phase undergoes eutectoid decomposition, leading to a microstructure of a mor-
phology combining features of lamellar pearlite and coarsened granular braunite.
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The α+ε two-phase equilibrium in the
Fe–N–C system – experimental
investigations and thermodynamic
calculations

Holger Göhring, Andreas Leineweber, Eric Jan Mittemeijer

The present work is dedicated to investigating the occurrence of the α+ε

equilibrium at temperatures typically applied for nitrocarburising treatments.
To this end, pearlitic Fe–C specimens were treated between 823 K (550 ◦C)
and 863 K (590 ◦C) in gaseous nitriding and gaseous nitrocarburising at-
mospheres, allowing control of the chemical potentials of N and C. Sub-
sequently, the resulting compound-layer microstructures were investigated
using light microscopy and X-ray diffraction. Thermodynamic calculations,
adopting several models for the Fe–N–C system from the literature, were
performed, showing significantly different predictions for both the sequence
of the invariant reactions and their temperatures. Comparison of the ex-
perimental data and the theoretical calculations led to the conclusion that
none of the models from the literature is able to realistically describe the ex-
perimentally observed constitution in the Fe–N–C system in the considered
temperature range. Values/value ranges for the temperatures of the invariant
reactions were obtained.
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Table 4.1: Crystal structures and (ranges of) N and C content, xN and xC, of phases relevant for the
present work according to References 19 and 25.

phase space group structure description xN/at.% xC/at.%

α-Fe[N,C] Im3̄m bcc Fe lattice, N and C on octahedral sites <0.4 <0.1
γ-Fe[N,C] Fm3̄m fcc Fe lattice, N and C on octahedral sites <10.3 <9.1
γ′-Fe4N1−z Pm3̄m fcc Fe lattice, N ordered on octahedral sites 19.4–20 <0.7

ε-Fe3(N,C)1+x P6322 hcp Fe lattice, N and C ordered on octahedral
sites

15–33 <8

θ-Fe3C Pnma orthorhombic, C in trigonal prisms of Fe ≈ 0 25

4.1 Introduction

4.1.1 Equilibrium, metastable equilibrium, local equilibrium

Phase equilibria of the Fe–N–C system have been studied extensively in the past. The first
attempt to determine an isothermal section of the phase diagram (at 723 K (450 ◦C) and at
1×105 Pa) was performed by Jack [129]. Probably the most influential study on solid-state
equilibria in this ternary system was performed by Naumann and Langenscheid [84]. They
presented isothermal sections of the Fe–N–C phase diagram at 1×105 Pa between 773 K and
973 K (500 ◦C to 700 ◦C). This work was the main reference to the later reviews in Refer-
ences 147, 154, 155.

For an overview of the relevant phases in the system Fe–N–C, indicating crystallographic and
compositional characteristics, as assembled from References 19 and 25, see Table 4.1. These
phases have in common that at 1×105 Pa they are metastable with respect to decomposition into
α-Fe or ß-Fe (with low interstitial content), graphite and nitrogen gas. They can be stabilised
at the surface of specimens by imposing specific chemical potentials of N and C at the surface
of the specimen, e.g. by gaseous nitriding/nitrocarburising. Thus, in the sequel, with the term
equilibrium, always a metastable equilibrium is meant. Note that similar remarks hold for the
established Fe–N [4] and Fe–C [3] binary phase diagrams [1, 25, 133].

As in the present work, the experimental data for the phase constitution of the Fe–N–C system
is usually obtained from gas nitrided or gas nitrocarburised specimens consisting originally of
pure Fe or of Fe–N or Fe–C alloys. During these thermochemical surface treatment processes,
and as a consequence of specific imposed chemical potentials of N and C in the gas phase,
(further) N and C can be taken up into the specimen from the gas atmosphere. At intermediate
stages, a diffusion zone, and if sufficiently high chemical potentials of N and C in the gas
atmosphere prevail, as in the present work, a compound layer on top develop [1, 25]. Thus
N and C concentration gradients occur in both the compound layer and the diffusion zone.
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The corresponding microstructures do not represent the true equilibrium state for the entire
specimen, as prescribed by its gross composition, the temperature and the pressure. However,
it can be assumed [29] that at each depth below the surface local equilibrium with respect to
the local, lateral gross composition, the temperature and the pressure is established, especially
at the interfaces between the Fe–N–C solid-solution phases, i.e. the sublayer boundaries and
the interface with the substrate. The phase constitution as a function of depth can be predicted
using the concept of diffusion paths [72, 120–122]: the evolution of the (laterally averaged)
composition as a function of depth allows to plot these composition data in a phase diagram
at the temperature (and pressure) concerned, which data together constitute the diffusion path.
If local equilibrium at each point of the diffusion path and thus at each depth in the specimen
separately, prevails, the sequence of the phases developing within the compound layer and the
diffusion path can be related with the corresponding phase diagram [72, 120, 122], e.g. see
Reference 29.

4.1.2 Constitution and invariant reactions in the Fe–N–C system

At least at typical nitriding/nitrocarburising temperatures, an α+ε equilibrium does not exist in
the binary Fe–N phase diagram. However, in the additional presence of C, α/ε phase boundaries
are often observed, indicating the presence of a local α+ε equilibrium. Considering the experi-
mental results presented in the “old” References 83 and 84, it is possible to deduce in retrospect
that ε can occur in direct contact with α. In Reference 83, a micrograph (their Figure 3) was
given, showing ε forming a network along α grain boundaries after prolonged nitrocarburising
of Fe at 843 K (570 ◦C). In Reference 84, the conclusion that an α+ε equilibrium does not occur
is based on a single specimen treated at 853 K (580 ◦C), interpreted to contain γ. All other ex-
perimental data presented in Reference 84 at temperatures of 873 K (600 ◦C) and below can be
compatible with the occurrence of an α+ε equilibrium. In both references a possible occurrence
of an α+ε equilibrium was not recognized.

In later works [29, 75, 82, 85–96] (see also Chapter 2), microstructures with α and ε in direct
contact were frequently found and recognized as such. On this basis, at present an equilibrium
of α and ε is accepted and included in all recent thermodynamic models of the Fe–N–C sys-
tem [39,41,43,45–47]. The α+ε equilibrium is of pronounced relevance for nitrocarburising of
ferritic steels: by appropriate choice of the process parameters, it is possible to obtain a single
phase ε layer in contact with the substrate, which corresponds to improved anti-corrosion, wear
and tribological properties [1].

The sequence of invariant reactions in the Fe–N–C system possibly met upon cooling at
T ≤ 1000K (727 ◦C) can be visualized in a Scheil reaction scheme [156–158] as shown in Fig-
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ure 4.1. From the binary systems, the congruent transition c (Fe–N, ε 
 γ′, 953 K (677 ◦C) [4])
as well as the well-established eutectoid reactions e1 (Fe–C, γ 
 α+θ, 1000 K (727 ◦C) [3]),
e2 (Fe–N, ε 
 γ+γ′, 923 K (650 ◦C) [4]) and e3 (Fe–N, γ 
 α+γ′, 865 K (592 ◦C) [4]) are in-
herited, giving rise to two-phase (γ′+ε) and three-phase (α+γ+θ, γ+γ′+ε, α+γ+γ′; in that order
upon decreasing temperature) fields in the ternary system. In the ternary system, at high tem-
peratures, an equilibrium between γ and θ exists, vanishing upon cooling and being replaced
by the α+ε equilibrium via the U1 invariant reaction, γ+θ 
 α+ε. Upon further cooling, the γ

phase vanishes via the ternary eutectoid reaction E1, γ 
 α+γ′+ε. Both reactions (U1 and E1)
involving the γ phase have been investigated recently in an experimental study of the Fe–N–C
system [82]1; the temperature of the invariant reaction U1, as first determined in Reference 82
to occur between 868 K and 873 K (595 ◦C to 600 ◦C) was confirmed in Chapter 3.

At even lower temperatures, the α+ε equilibrium is replaced by an equilibrium between γ′

and θ. This can occur via the invariant reaction U2. This sequence of invariant reactions is
illustrated in the Scheil reaction scheme in Figure 4.1a and in the left part of Figure 4.2. How-
ever, in principle, this is only one of only two possibilities to realize the transition from the α+ε

equilibrium at higher temperature to the γ′+θ equilibrium at lower temperature, assuming that ε

is the only phase existing in this temperature range with a considerable homogeneity range and
that γ does not participate in the considered invariant reactions. The second possibility is shown
in the Scheil reaction scheme in Figure 4.1b, which can be discussed considering the right part
of Figure 4.2. Upon cooling, the ε single-phase field is divided into two separate ε single-phase
fields at the temperature of the pseudo-binary eutectoid reaction [159] e4, ε 
 γ′+θ, giving rise
to the γ′+θ two-phase field upon continued cooling. The ε single-phase field at relatively low
interstitial content (see middle right part of Figure 4.2), with the α+ε two-phase field, vanishes
at lower temperature via the ternary eutectoid reaction E2, ε 
 α+γ′+θ. In the following, the
first series of invariant reactions is referred to as type I and the latter one as type II.

In Reference 75, pure α-Fe specimens nitrocarburised at 823 K (550 ◦C), resulting in a γ′/γ′+θ

layer on top of the substrate, were subsequently annealed at higher temperatures (in steps of
10 K), leading to a microstructure with α in direct contact with ε at 843 K (570 ◦C) and above.
Also, α-Fe specimens nitrocarburised at 853 K (580 ◦C), resulting in a γ′/ε layer on top of
the substrate, were subsequently annealed at lower temperatures (in steps of 10 K). Thereby,
the α+ε equilibrium vanished at annealing temperatures of 833 K (560 ◦C) and below. It was
concluded that the transitional reaction α+ε 
 γ′+θ occurs at a single temperature between
833 K and 843 K (560 ◦C to 570 ◦C) (reaction U2 in Figures 4.1a and 4.2).

1In Reference 82, the numbering of reactions U1 and U2 has been inverted.
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γ ⇌ α+γ′e3
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b) type II

Figure 4.1: Schematic Scheil reaction schemes showing the two possibilities for the (sequence of)
invariant reaction(s) leading from the α+ε equilibrium to the γ′+θ equilibrium upon cooling, cf.
Figure 4.2. Both Scheil reaction schemes comprise the c, e1, e2, e3, E1 and U1 invariant reactions.
The invariant reaction U2 is unique to the type I Scheil reaction scheme (a), whereas it is replaced
by the reactions e4 and E2 in the type II Scheil reaction scheme (b).
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Figure 4.2: Schematic isothermal sections of the Fe–N–C phase diagram illustrating the two possi-
bilities for the (sequence of) invariant reaction(s) in the system Fe–N–C leading to the replacement
of the α+ε equilibrium by the γ′+θ equilibrium upon cooling. At the temperatures of the invariant
reactions e4, E2 and U2, the compositions of the phases in equilibrium (e4: three phases; E2 and
U2: four phases; except the θ phase) have been indicated by solid dots. At these temperatures, two-
phase equilibria existing above and below the invariant temperature have been indicated by solid and
dashed lines, respectively. Left part: in the type I sequence of invariant reactions, the α+ε equilib-
rium is directly replaced by the γ′+θ equilibrium via the transitional reaction U2, α+ε 
 γ′+θ. Right
part: in the type II sequence of invariant reactions, upon cooling, the γ′+θ equilibrium is introduced
via the pseudo-binary eutectoid reaction e4, ε 
 γ′+θ, dividing the ε single-phase field into two
separate ε single-phase fields, see the isothermal section of the phase diagram in the middle right
part of the figure. The second ε single-phase field at low interstitial content vanishes via the ternary
eutectoid reaction E2, ε 
 α+γ′+θ.
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The present work is a follow-up and distinct extension of the work performed in Reference 75.
Deliberately, significantly different types of microstructures distinctly different from those pro-
duced in Reference 75 were generated in the current project by nitriding and nitrocarburising of
pearlitic Fe–C alloys. The experimentally obtained results were compared to predictions from
several existing thermodynamic models of the system Fe–N–C [39, 41, 43, 45–47]. Since the
present work focuses on the α+ε equilibrium, two informations are of paramount interest: (i)
at which temperature the α+ε equilibrium disappears and the γ′+θ equilibrium appears upon
cooling (reaction U2 or e4 and E2), and (ii) which sequence of invariant reactions (type I or type
II) occurs upon cooling establishing the disappearance of the α+ε equilibrium and appearance
of the γ′+θ equilibrium. The temperature at which the α+ε equilibrium disappears can be deter-
mined by choosing conditions that lead to unambiguous microstructures proving the presence of
the γ′+θ equilibrium below and the α+ε equilibrium above that temperature. To distinguish oc-
currence in reality of the sequence of invariant reactions of type I from the sequence of invariant
reactions of type II is difficult: in principle, all microstructures featuring an α+ε equilibrium are
compatible with phase diagrams corresponding to the sequence of invariant reactions of type I
above the temperature of the U2 reaction, but also with phase diagrams corresponding to the se-
quence of invariant reactions of type II above the temperature of the E2 reaction. The sequence
of invariant reactions of type II can only be proven by the presence of both the α+ε equilibrium
and the γ′+θ equilibrium at a range of temperatures, i.e. between the temperatures of the e4 and
E2 invariant reactions (see middle right part of Figure 4.2), whereas according to the sequence
of invariant reactions of type I this can only occur at one temperature (the temperature of the U2

invariant reaction). With this in mind, the experiments performed in the present work had been
designed.

4.2 Thermodynamic considerations

4.2.1 Thermodynamics of interstitial solid solutions

The thermodynamics of the system Fe–N–C can be described by modelling the temperature
and composition dependence of the Gibbs energy of each phase, e.g. using the Calphad ap-
proach [50]. In the past, this has been performed several times [39,41,43–47]. In the following,
the Gibbs-energy models employed in these works [39, 41, 43–47] are introduced.

The phases in the system Fe–N–C can be regarded as interstitial solid solutions of N and C
in an Fe lattice. Thus, the Gibbs energy of one formula unit of such a phase ϕ, Fea(C,N,Va)c,
where Va denotes a vacant site on the interstitial sublattice, and with integers a and c, the ratio of
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which is determined by the crystal structure, can be described as (Hillert-Staffansson approach,
also called compound-energy formalism [51, 52, 160])

Gϕ
m = yϕ

C
◦Gϕ

Fe:C + yϕ

N
◦Gϕ

Fe:N + yϕ

Va
◦Gϕ

Fe:Va + cRT (yϕ

C lnyϕ

C + yϕ

N lnyϕ

N + yϕ

Va lnyϕ

Va)+Gϕ,ex +Gϕ,mag

(4.1)
with yϕ

C, yϕ

N and yϕ

Va as the site fractions of C, N and Va on the interstitial sublattice, ◦Gϕ

Fe:C,
◦Gϕ

Fe:N and ◦Gϕ

Fe:Va as the standard Gibbs energy of the real or hypothetical compounds (“end
members”) FeaCc, FeaNc and FeaVac with the crystal structure of the phase ϕ and in the state
of no magnetic order (with Fe:C, Fe:N and Fe:Va denoting that the second, interstitial sublattice
is fully occupied by C, N and Va, respectively), Gϕ,ex as the excess Gibbs energy and Gϕ,mag as
the magnetic contribution.

The excess Gibbs energy can be modelled as

Gϕ,ex = yϕ

Cyϕ

NLϕ

Fe:C,N + yϕ

Cyϕ

VaL
ϕ

Fe:C,Va + yϕ

Nyϕ

VaL
ϕ

Fe:N,Va + yϕ

Cyϕ

Nyϕ

VaL
ϕ

Fe:C,N,Va (4.2)

with the binary interaction parameters Lϕ

Fe:C,N, Lϕ

Fe:C,Va and Lϕ

Fe:N,Va and the ternary interac-
tion parameter Lϕ

Fe:C,N,Va
2. Thereby, the binary interaction parameters can be expressed by a

concentration-dependent Redlich-Kister series [57], e.g. for Lϕ

Fe:C,N:

Lϕ

Fe:C,N =
n

∑
k=0

kLϕ

Fe:C,N(yC− yN)
k. (4.3)

For the ternary interaction parameter Lϕ

Fe:C,N,Va a concentration dependence can also be intro-
duced, which was, however, not applied in the cited thermodynamic models [39, 41, 43–47].

4.2.2 Comparison of thermodynamic descriptions – invariant reactions

The previous thermodynamic descriptions of the system Fe–N–C [39,41,43–47] provide values
for the parameters as defined by Equations (4.1)-(4.3) obtained by fitting the model to exper-
imental data. The differences between the various descriptions [39, 41, 43–47] boil down to
different values (including the temperature dependence) adopted for some of the model param-
eters (e.g. equating them to values for corresponding parameters for the binary systems; for
Fe–N from References 31, 37, 38, 40; for Fe–C from References 31, 32) and different numbers
of to be fitted parameters.

2In References 39 and 43, the model for the ε phase has been formulated in the compound-energy formalism.
Afterwards, the equations for the chemical potentials of Fe, N and C have been simplified. In order to correctly
re-formulate the resulting model in the compound-energy formalism as done in the current work, a ternary
interaction parameter is needed.
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The first complete thermodynamic description of the system Fe–N–C [44] has been assem-
bled from existing parameters for the binary and ternary systems from the literature [31, 161,
162] together with estimated parameters for the ternary system. This model was not intended
as a stand-alone model for the system Fe–N–C, but rather as only a building stone for a ther-
modynamic model of the quaternary Fe–Cr–N–C system. Furthermore, this study was focused
only at a single temperature of 1273 K (1000 ◦C), i.e. far out of the range of temperatures rel-
evant for nitrocarburising (say, 773 K to 923 K (500 ◦C to 650 ◦C)). It is therefore perhaps not
surprising that, adopting this model, a sequence of invariant reactions is predicted that differs
pronouncedly from (especially recent) experimental data and from predictions obtained from
more recent models [39,41,43,45–47]. Thus, this model is not further considered in the present
work.

Using values for the parameters of the Gibbs-energy equations, i.e. the Gibbs energies of
the end members and the interaction parameters as defined by Equations (4.1)-(4.3), given in
each of the References 39, 41, 43, 45–47, isothermal sections were calculated using Thermo-
Calc [70] in the present work for each model [39, 41, 43, 45–47] at different temperatures in
order to determine the sequence of invariant reactions. Subsequently, the temperatures of the
invariant reactions were calculated by setting the amounts (and not the compositions) of the
three or four phases participating in each of the invariant equilibria to a fixed value. It was found
that the models from References 41,45,46 and 473 lead to a type I series of invariant reactions,
and the models from References 39 and 43 lead to a type II series of invariant reactions (cf.
Section 4.1.2 and Figures 6.4 and 4.2). The temperatures of the invariant reactions as calculated
using the models of References 39, 41, 43, 45–47 have been summarised in Table 4.2.

4.3 Experimental

The substrates used for the investigations in the present work were manufactured by casting an
Fe–C alloy with a nominal composition corresponding to the eutectoid composition of the Fe–
C system (approximately 3.5 at.%, see Reference 32 and Chapter 5) into ingots of dimensions
80mm× 30mm× 10mm. The ingots were cold-rolled to a thickness of approximately 1 mm.
The resulting sheets were cut into rectangular specimens of lateral dimensions of 20mm×
12mm and ground and polished (final step 1 µm diamond suspension). The specimens were
encapsulated into fused silica tubes containing Ar at a pressure of 2×105 Pa in order to prevent

3Another series of invariant reactions than stated here was shown in the Scheil reaction scheme given in Ref-
erence 47, with the reactions U1 and E1 being degenerated, i.e. occurring at exactly the same temperature.
However, using the actual Gibbs-energy equations of Reference 47 leads to the type I series of invariant reac-
tions, albeit the calculated temperatures of the reactions U1 and E1 lie within 1 K.
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Table 4.2: Temperatures in K of the invariant reactions (cf. Figure 4.1) as predicted by models for
the system Fe–N–C in the literature and as experimentally determined in Reference 82 (invariant
reactions c, e2, E1 and U1), Reference 30 (invariant reaction e3) and in the present work (invariant
reaction U2 for type I model, invariant reactions e4 and E2 for type II model). Matches between the
calculated and experimentally determined data are marked with an asterisk.

Slycke Kunze 1990 Du/Hillert Du Kunze 1996 SGTE experimental
[45] [39] [46] [41] [43] [47] data

Type I II I I II I I/II

c 964 954(∗) 970 971 955(∗) 972 938–948 [82]
e1 1000 1000 1000 1000 1000 1000 –
e2 922∗ 921 923∗ 923∗ 923∗ 917 923–925 [82]
e3 865∗ 868∗ 863∗ 863∗ 867∗ 864∗ 866a [30]
e4 832 833 840–844 this work
E1 858∗ 858∗ 849 859∗ 857∗ 848 853–863 [82]
E2 825 825 840–844 this work
U1 863 954 853 867∗ 952 849 868–873 [82]
U2 824 821 783 841∗ 842±2 this work

aNo error margin given

oxidation during the subsequent heat treatment. The specimens were treated at 1273 K (1000 ◦C,
in the γ phase-field range) and cooled by putting the fused silica tube on a metallic surface at
room temperature. Thereby, a fine pearlitic microstructure with a lamella spacing < 1µm was
achieved.

The pearlitic specimens were nitrided or nitrocarburised in a fused silica tube furnace which
is equipped with mass-flow controllers for the gas supplies of NH3, H2, CO, CO2, H2O and
CH4 (the latter not used in the present work). The composition of the gas atmosphere can be
varied precisely in order to control the chemical potentials of N and C in the gas atmosphere
recognizing the simultaneous occurrence of several nitriding and carburising reactions [23–25].
By applying a high flow rate (500 mlmin−1), the composition of the gas atmosphere remains
constant. In an ideal case, thus, a local equilibrium at the surface of the specimen is achieved.
Often, however, a steady state [1, 29, 30] prevails at the surface.

The experimental conditions applied in the present work were selected in order to investigate
which solid-state equilibria are established at the treatment temperature. Temperatures between
823 K and 863 K (550 ◦C to 590 ◦C) were applied. In the most interesting temperature range
of 838 K to 848 K (565 ◦C to 575 ◦C) (see Section 4.4), a temperature increment of 1 K was
chosen and multiple experiments were performed at each temperature. The temperature was
controlled within 1 K. Two different types of atmospheres were chosen, leading to distinctly
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Table 4.3: Temperatures, treatment times, composition of gas atmospheres applied for nitrocarburis-
ing (series NC) and nitriding (series N) treatments and resulting N activity (reference state N2 gas at
1×105 Pa) and C activity (reference state graphite at 1×105 Pa) as calculated using the data from
Reference 26. φi = pi/

◦p, with pi as partial pressure of component i and ◦p = 1×105 Pa.

series T/K t/h φNH3 φH2 φCO φCO2 φH2O aN aC

NC 863 4, 16 0.20 0.34 0.40 0.05 0.01 605 50
858 4, 16 0.20 0.34 0.39 0.05 0.02 579 50
853 4, 16 0.20 0.34 0.38 0.06 0.02 554 50
848 4, 16 0.20 0.34 0.37 0.07 0.02 506 50
847 4 0.20 0.34 0.37 0.07 0.02 525 50
846 4 0.20 0.34 0.32 0.10 0.03 520 25

4 0.20 0.34 0.37 0.07 0.02 520 50
845 4 0.20 0.34 0.32 0.10 0.03 525 25

4 0.20 0.34 0.37 0.07 0.02 515 50
844 4 0.20 0.34 0.32 0.10 0.04 511 25

4 0.20 0.34 0.37 0.07 0.02 511 50
843 4 0.20 0.34 0.32 0.11 0.04 506 25

4, 6, 16 0.20 0.34 0.37 0.07 0.02 506 50
842 4 0.20 0.34 0.31 0.11 0.04 501 25

4 0.20 0.34 0.36 0.07 0.02 501 50
841 4 0.20 0.34 0.31 0.11 0.04 497 25

4 0.20 0.34 0.31 0.11 0.04 497 50
840 4 0.20 0.34 0.36 0.08 0.02 492 50
839 4 0.20 0.34 0.36 0.08 0.02 488 50
838 4, 16 0.20 0.34 0.36 0.08 0.02 483 50
833 4, 16 0.20 0.34 0.35 0.08 0.02 461 50
828 4, 16 0.20 0.34 0.34 0.09 0.03 440 50
823 4, 16 0.20 0.34 0.33 0.10 0.03 420 50

N 848–838 4 0.51 0.49 794–725

different types of compound-layer microstructures. The values of the experimental parameters
for all experiments, together with the resulting thermodynamic activities of N (reference state
N2 gas at 1×105 Pa) and C (reference state graphite at 1×105 Pa) [24, 25] as calculated using
the data for the Gibbs energies of the gaseous species given in Reference 26, have been given
in Table 4.3. Except for a few cases, a treatment time of 4 h was applied.

The first experimental series (labelled NC in Table 4.3) was performed using nitrocarburising
atmospheres at temperatures in the range 838 K to 848 K (565 ◦C to 575 ◦C) with specific activ-
ities of N (400–600) and C (25–50). At 853 K (580 ◦C) the formation of pure ε layers in contact
with the pearlitic substrate was observed (see Chapter 2), corresponding to the (schematic) dif-
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fusion path labelled NC in Figure 4.3a. Additional experiments with lower N activities in the
temperature range of 838 K to 848 K (565 ◦C to 575 ◦C) led to thin, inhomogeneous compound
layers that could not be investigated.

The second experimental series (labelled N in Table 4.3) was performed at temperatures in
the range of 838 K to 848 K (565 ◦C to 575 ◦C) using a pure nitriding atmosphere (NH3–H2

mixture), corresponding to N activities between 720 and 800. At 853 K (580 ◦C), this led to the
formation of an ε/γ′/ε triple layer on the pearlitic substrates (see Chapter 2), corresponding to
the diffusion path labelled N in Figure 4.3a.

Qualitative phase analysis of the specimens was performed by X-ray diffraction in Bragg-
Brentano θ -θ geometry, employing a Philips X’Pert MPD equipped with a Co tube and a sec-
ondary monochromator, selecting the Co Kα radiation. The resulting diffraction patterns were
analysed by Rietveld refinement using the appropriate crystal-structure models for all consid-
ered phases (see Table 4.1), applying the software TOPAS [139]. This was done in favour of
using the fixed peak-position values from databases as e.g. provided by ICDD that cannot be
applied to the ε phase which has strongly varying (composition-dependent) values of the lattice
parameters.

For light-microscopic analysis of the nitrocarburised specimens, cross-sectional samples were
prepared by cutting a part from each specimen. This sample was electrolytically coated with Ni
in a Watt’s bath, to produce a ductile protective layer on top of the brittle compound layer. This
sample was then embedded in resin, ground and polished (final stage 1 µm diamond suspension)
and finally etched with 1 % Nital containing some HCl according to Reference 90 and 123. The
specimens were treated with Groesbeck solution, i.e. an alkaline KMnO4 solution which stains
C-rich phases [124]. Thereby, the distinction of θ, ε and γ′ (in order of decreasing C content)
is facilitated. The light-microscopical analysis was performed using a ZEISS Axiophot micro-
scope. In all cases, the presence of phases as recognized in the optical micrographs was verified
by analysing the X-ray diffraction patterns.

4.4 Results of experimental investigation

4.4.1 Nitrocarburizing of Fe–C alloys

The compound layer resulting from nitrocarburising of the Fe–C alloy at T > 848K (575 ◦C)
consists of a pure ε layer growing into the α+θ substrate, corresponding to the schematic diffu-
sion path labelled NC in Figure 4.3a. Even after the treatments at 863 K (590 ◦C), no sign of γ

formation was observed. By gaseous nitrocarburising at T < 838K (565 ◦C), an ε/γ′+θ double
layer growing into the α+θ substrate is induced, corresponding to the schematic diffusion path
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Figure 4.3: Schematic diffusion paths superimposed on isothermal sections of the phase diagram
of the Fe–N–C system (cf. Figure 4.2). Hereby, dashed lines indicate skipping over a two- or
three-phase field. a) Diffusion paths corresponding with the microstructures resulting from nitro-
carburising of the Fe–C alloy above 848 K (NC) and nitriding of the Fe–C alloy above 847 K (N)
superimposed on an isothermal section of the phase diagram at a temperature above the temperature
of the U2 (type I) or e4 (type II) invariant reaction. b) Hypothetical, schematic diffusion path corre-
sponding with an ε/(γ′+θ)/ε triple layer microstructure which is only possible for a type II series of
invariant reactions between the temperatures of the e4 and the E2 invariant reactions. c) Diffusion
paths corresponding with the microstructure resulting from nitrocarburising (NC) or nitriding (N)
of the Fe–C alloy below 838 K superimposed on an isothermal section of the phase diagram at a
temperature below the temperature of the U2 (type I) or E2 (type II) invariant reactions.
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labelled NC in Figure 4.3c. At intermediate temperatures between 838 K and 848 K (565 ◦C
to 575 ◦C), transitional microstructures, i.e. in-between the two described ones, occur. Thus,
the microstructures were classified into five types on the basis of the observations made for in-
creasing nitrocarburising temperature (from 838 K to 848 K (565 ◦C to 575 ◦C)). Representative
examples of all types of microstructures are shown in Figure 4.4. Type A (Figure 4.4a) refers
to the microstructure that also occurs below 838 K (565 ◦C, see above): an ε sublayer separated
from the substrate by a γ′+θ sublayer. Type B microstructures (Figure 4.4b) show isolated lo-
cations where the γ′+θ sublayer becomes penetrated by ε grains (see e.g. the encircled area in
Figure 4.4b), which has been pronouncedly realized in type C microstructures (Figure 4.4c),
where many ε grains are in direct contact with the substrate. In the type D microstructure (Fig-
ure 4.4d) the original γ′+θ sublayer then has become a γ′+ε sublayer. Finally (see also above),
a single phase ε layer results (type E, Figure 4.4e), possibly containing some (retained) γ′ and
θ “impurities”.

In contrast to what is suggested by the above presentation of a transitional series of mi-
crostructures of the compound layer, microstructural analysis (in lateral directions) of the whole
cross section of the compound layers, obtained by nitrocarburising at temperatures from 838 K
to 848 K (565 ◦C to 575 ◦C), revealed that the microstructure of the compound layer, also over
the substrate of a single specimen, was often found to vary in lateral directions, i.e. more than
one type of microstructure then could be identified in a single compound layer4. Therefore,
for each compound layer, all detected microstructure types were recorded. The results of this
analysis have been listed in Table 4.4. Thereby, it becomes clear, despite the microstructural
variation in each compound layer, that starting from lower temperatures and going to higher
temperatures, the microstructure of the compound layer gradually changes from type A to type
E.

4.4.2 Nitriding of Fe–C alloys

In general, the microstructure of the compound layer resulting from nitriding of the Fe–C al-
loy is much more laterally uniform than that obtained upon nitrocarburising (see discussion
in Section 4.5.1). The compound-layer microstructures after nitriding at 838 K, 841 K, 844 K
and 848 K (565 ◦C, 568 ◦C, 571 ◦C and 575 ◦C) are shown in Figure 4.5. The microstructure
obtained at 838 K (565 ◦C) resembles the type A microstructure resulting from nitrocarburising
of the Fe–C alloy, see Figure 4.5a: a (in this case of pure nitriding, more porous) ε sublayer is

4A section adjacent to the edge of the specimen was ignored due to the possibility of inward diffusion of N and
C from more than one side, leading to edge effects [29]. However, the microstructural transitions present there
were compatible with those found in the investigated part of the specimen.
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Figure 4.4: Micrographs of cross-sections showing examples of the typical microstructures occur-
ring upon nitrocarburising between 838 K and 848 K. The treatment temperature of the specimens
from which the shown examples were taken has been indicated in each micrograph. All specimens
were treated for 4 h. a) ε separated from substrate by a γ′+θ sublayer. b) The γ′+θ sublayer becomes
penetrated by ε grains at some places, e.g. in the encircled area. c) γ′, ε and θ in contact with
the substrate. d) ε growing around γ′ grains, no θ present. e) ε layer, possibly containing γ′ and θ

impurities.
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Table 4.4: Microstructure types (cf. Figure 4.4 and its discussion) obtained by nitrocarburising of
Fe–C substrates at different temperatures.

T/K number of specimens A B C D E

848 3 (x)a x x
847 1 x
846 2 x x
845 1 x x
844 2 x x x
843 5 (x)b x x x
842 2 x x x
841 2 x x x
840 1 x x x
839 1 x x
838 3 x x

a1 of 3 specimens
b2 of 5 specimens

separated from the substrate by a γ′+θ sublayer, corresponding to the diffusion path labelled N
in Figure 4.3c. In contrast to the nitrocarburising experiments, only at temperatures of 840 K
(567 ◦C) and higher single ε grains penetrate the γ′+θ sublayer (Figure 4.5b). The penetration of
ε into the γ′+θ sublayer at temperatures of 840 K (567 ◦C) and higher (cf. Figure 4.5b) appears
to be the initiation of the development of a final ε/γ′/ε microstructure with a closed γ′ sublayer
at T ≥ 847K (574 ◦C, Figure 4.5d) in agreement with results obtained at 853 K (580 ◦C) in
Chapter 2, corresponding to the schematic diffusion path labelled N in Figure 4.3a. At an in-
termediate stage, an ε/(γ′+ε)/ε compound layer is found (see Figure 4.5c), comparable to the
microstructures presented in Reference 88, featuring already a closed ε sublayer in contact with
the α+θ substrate.

4.5 Discussion

4.5.1 Development of the compound-layer microstructure between 823 K
and 863 K (550 ◦C and 590 ◦C

As an ageing phenomenon, formation of pores in the oldest part of the compound layer, i.e.
in the surface adjacent region [25], occurs by decomposition of the metastable ε phase into
N2 and/or Fe carbides such as θ or monoclinic χ (Hägg carbide) [19] and/or the formation of
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Figure 4.5: Micrographs of cross-sections showing examples of the typical microstructures resulting
from nitriding of the Fe–C alloy at 838 K, 841 K, 844 K and 848 K. a) porous ε separated from the
substrate by a γ′+θ sublayer. b) The γ′+θ sublayer becomes penetrated by ε at some places, e.g. in
the encircled area. c) An ε/α+θ interface microstructure, showing establishment of α+ε equilibrium;
γ′ sublayer forming in the middle of the compound layer. d) An ε/γ′/ε triple layer microstructure.
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channels and subsequent further reactions with the nitrocarburising atmosphere [92] (see also
Chapters 2 and 3). This decomposition process needs no further discussion here.

As discussed elsewhere [25,29], whereas local solid-solid equilibria can occur at each depth,
corresponding to the local gross (laterally averaged) composition, within the compound layer,
this may not occur at the gas-solid interface, i.e. at the surface of the compound layer, where
moreover at most a stationary state may be established [1,30]. Then, recognizing that in gaseous
nitrocarburising, as compared to gaseous nitriding, distinctly more reactions participate at the
gas/solid interface [23, 24], it may be understood that the microstructures obtained upon nitrid-
ing are more uniform than those obtained upon nitrocarburising (cf. Sections 4.4.1 and 4.4.2).

Above the temperature of 848 K (575 ◦C) for the nitrocarburising experiments and 844 K
(571 ◦C) for the nitriding experiments, the compound layer contains a continuous ε layer (some-
times with small inclusions of γ′ and/or θ) in contact with the α+θ substrate over the whole spec-
imen, see Figure 4.4e, Figure 4.5d and Table 4.4. This is compatible with an α+ε+θ three-phase
equilibrium at the layer/substrate interface. Since the α+ε+θ three-phase field must be bounded
by three two-phase fields, including the α+ε two-phase field, this implies the occurrence of the
α+ε equilibrium. These microstructures correspond to the schematic diffusion paths labelled
NC (nitrocarburising) or N (nitriding) in Figure 4.3a. They are qualitatively in agreement with
the phase diagram resulting from any of the considered models [39,41,43,45–47], i.e. at a tem-
perature both (i) above the temperature of the invariant reaction U2 for type I models and above
the temperature of the invariant reaction e4 for type II models and (ii), for both types of models,
below the temperature of the invariant reaction U1. The here observed lowest values of the tem-
peratures at which pure ε layers occur on the α+θ substrate are compatible with the temperatures
of the U2 (type I) or e4 (type II) reactions of all models from the literature [39, 41, 43, 45–47]
(cf. Table 4.2).

Theoretically, it seems possible that a pure ε layer in contact with the α+θ substrate already
occurs at a temperature between the temperature of the E2 and the e4 invariant reactions of the
type II models; see the second, small triangularly shaped ε single-phase field, appearing upon
heating through the invariant reaction E2 (see right part of Figure 4.2). Then, the concentrations
of N and C in the entire ε layer must be at least within a compositional triangle connecting pure
Fe and the (hypothetical) stoichiometric compounds Fe4N and Fe3C, being the upper limits of
the homogeneity ranges of the binary γ′ and θ phase, respectively. EPMA data collected from ε

layers growing into Fe–C substrates at 853 K (580 ◦C), as presented in Chapter 2, rule out this
possibility: the measured diffusion path starts at high N and C contents and passes through the
bottle-neck shaped area of the phase diagram (see the diffusion path labelled NC in Figure 4.3a),
thereby crossing the line connecting the Fe4N and Fe3C compositions. Therefore, at least at the
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temperature of 853 K (580 ◦C), one large ε single-phase field (i.e. not two separate ones as for
a type II model between the temperatures of the e4 and E2 invariant reactions; see the middle
right part of Figure 4.2) must be present.

The microstructure of the compound layer resulting from nitrocarburising of Fe–C below
838 K (565 ◦C) and from nitriding of Fe–C at 838 K (565 ◦C) consists of an ε sublayer separated
from the α+θ substrate by a γ′+θ sublayer in contact with the α+θ substrate (see Figure 4.4a,
Figure 4.5a and Table 4.4). This is compatible with an α+γ′+θ three-phase equilibrium at the
layer/substrate interface, and, following the same considerations as above, also implies the ex-
istence of a γ′+θ two-phase field. This microstructure corresponds to the schematic diffusion
path labelled NC in Figure 4.3c and thus is qualitatively in agreement with the phase diagram
resulting from any of the investigated models for the system Fe–N–C [39, 41, 43, 45–47] at a
temperature below the temperature of the U2 invariant reaction (type I model) or the E2 reaction
(type II model), cf. Section 4.1.2 and Figures 4.1 and 4.2. However, also considering the as-
predicted values for the temperatures of these invariant reactions (see Table 4.2), the occurrence
of this microstructure at 838 K (565 ◦C) is only compatible with the model from Reference 47
with a predicted U2 invariant reaction temperature of 841 K (568 ◦C) and incompatible with
the models from References 39, 41, 43, 45, 46. Upon cooling the α+ε equilibrium (see the α+ε

two-phase field in the top part of Figure 4.2) disappears already at higher temperatures than
predicted by most of the models from the literature [39, 41, 43, 45, 46], which is in agreement
with earlier findings by our group as presented in Reference 75.

The microstructures of type B, C and D (cf. Figures 4.4b–d and Table 4.4) resulting from
nitrocarburising of the Fe–C alloy at temperatures between 838 K and 848 K (565 ◦C to 575 ◦C)
are intermediates of type A and type E microstructures. The same holds for the microstructures
obtained by nitriding of the Fe–C alloy between 840 K and 844 K (567 ◦C to 571 ◦C). Hence
in the temperature range between 840 K and 844 K (567 ◦C to 571 ◦C), at the (more or less
defined) interface between the compound layer and the substrate four phases (α, γ′, ε, θ) are
in contact with each other. However, according to Gibbs’ phase rule [133, 163], an α+γ′+ε+θ

four-phase equilibrium is only possible at a single temperature (and at constant pressure), which
here is the temperature of either the invariant reaction U2 for type I models or the invariant re-
action E2 for type II models (see Figure 4.2). It is therefore concluded that the microstructures
of types B, C and D represent non-equilibrium states. The difficulty of establishing equilib-
rium so close to the temperature of an invariant reaction is obvious: in that case, the Gibbs
energy of the four-phase microstructure differs only a little from the Gibbs energy of the gen-
uine two-phase or three-phase equilibrium states, and thus, the driving force and consequently
the transformation rates are vanishingly small. By performing additional experiments in this
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project, where the specimens were treated over night, no equilibrium microstructure was es-
tablished (i.e. microstructures of the types B, C, D occurred with four phases in contact at the
compound-layer/substrate interface).

4.5.2 The α+ε two-phase field – nature of the invariant reactions and their
temperatures

Grains of γ′ in contact with θ occur at or below a temperature of 846 K (573 ◦C) in the nitrocar-
burised specimens (microstructure type D, for an example see Figure 4.4d, cf. Table 4.4) and
at or below a temperature of 844 K (571 ◦C, see Figure 4.5c) in the nitrided specimens. Assum-
ing local equilibrium at the compound-layer/substrate interface this then is the highest possible
value of the temperature of either the invariant reaction U2 (type I models) of the invariant
reaction e4 (type II models).

Grains of ε in contact with the α+θ substrate appear at or above 838 K (565 ◦C) according
to the results from the nitrocarburising experiments (microstructure type B, for an example see
Figure 4.4b, cf. Table 4.4), and at or above 840 K (567 ◦C) according to the results from the
nitrided specimens. On the basis of a similar reasoning as above, this then is the lowest possible
value for the temperature of either the U2 invariant reaction (type I model) or the E2 invariant
reaction (type II model).

The results from the nitriding experiments imply that the invariant reaction(s), U2 (type I
models) or e4 and E2 (type II models), leading upon decreasing temperature to the disappear-
ance of the α+ε equilibrium and the occurrence of the γ′+θ equilibrium, occur within the range
of 840 K to 844 K (567 ◦C to 571 ◦C). The equivalent temperature range resulting from the ni-
trocarburising experiments is larger (838 K to 846 K (565 ◦C to 573 ◦C)). However, in principle,
the only few places where ε is in contact with the substrate for the non-equilibrium microstruc-
tures of type B (see Figure 4.4b) and the only few places in which γ′ is in contact with the
substrate for the non-equilibrium microstructures of type D (see Figure 4.4d) can be considered
as kinetic artefacts (see discussion in Section 4.5.1). This leaves the temperatures at which type
C microstructures occur as the temperature range in which the invariant reactions U2 (type I
models) or e4 and E2 (type II models) occur (840 K to 844 K (567 ◦C to 571 ◦C)), see Table 4.4,
confirming the results from the nitriding experiments.

A conclusive proof of a type II series of invariant reactions would be the occurrence of two
separate γ′+ε+θ three-phase equilibria, which is only compatible with the phase diagram for a
type II model between the temperatures of the invariant reactions E2 and e4. This could, under
the assumption of local equilibrium, be indicated by e.g. the occurrence of the an ε/(γ′+θ)/ε
triple-layer microstructure as illustrated by the diffusion path in Figure 4.3b: starting in and
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passing through (full line) the ε single-phase field at high interstitial content, it skips over the
first γ′+ε+θ three-phase field (dashed line), reaching the γ′+θ two-phase field. After passing
through the narrow γ′+θ two-phase field (full line), it skips over the second γ′+ε+θ three-phase
field (dashed line), passes through the second ε single-phase field (full line) and finally ends
by skipping over the α+ε+θ three-phase field (dashed line) to the α+θ two-phase field (close
to the abscissa in Figure 4.3b). Such a microstructure could not be obtained experimentally, as
any other conceivable microstructure pointing to exclusively a sequence of invariant reactions
of the type II model. Moreover, and as mentioned in Section 4.5.1, under the assumption
of local equilibrium, the available EPMA data from specimens treated at 853 K (580 ◦C) are
incompatible with the presence of an isolated second ε single-phase field in the phase diagram at
least at that temperature, as would be possible between the temperature of the E2 and e4 invariant
reactions according to the type II models. On the other hand, the actual concentration values
close to the compound-layer/substrate interface, as determined in Chapter 2, lie clearly within
the already mentioned compositional triangle Fe–Fe4N–Fe3C. This could then be explained
with a phase diagram of a type II model only a few K above the temperature of the e4 invariant
reaction.

If local equilibrium prevails, the transitional microstructure obtained upon nitriding of the Fe–
C alloy at 844 K (571 ◦C, see Figure 4.5c) also indicates that at this temperature, two isolated
ε single-phase fields cannot exist: under local equilibrium conditions, the sublayer morphology
ε/(γ′+ε)/ε is only possible if the γ′+θ two-phase field in the Fe–N–C phase diagram has already
vanished at this lower temperature.

All results in the present work show that it is difficult to reach equilibrium under the applied
conditions, especially in the temperature range of 838 K to 848 K (565 ◦C to 575 ◦C) in which
transitional microstructures occurred, clearly deviating from equilibrium. In general, also if
a microstructure complies with Gibbs’ phase rule, an equilibrium state is thereby not proven.
Thus, the above observations pointing towards either a type I or type II series of invariant
reactions could also be explained by kinetic effects.

Thermodynamics can predict a sharp transition between microstructures in which α is in
contact with ε at higher temperature to microstructures in which γ′ is in contact with θ at lower
temperature (in this work at the compound-layer/substrate interface). This means a transition
at a single temperature via the U2 invariant reaction (type I model) or via invariant reactions
at two temperatures, i.e. the e4 and E2 (type II model) invariant reactions. In reality, due to
kinetic limitations (see above), this transition occurs gradually over a narrow range of temper-
atures: approaching an invariant temperature, the driving force for the transition is very small,
becoming nil at the invariant temperature.
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In view of the results obtained in this work and the above discussion, it is not possible to draw
unambiguously a final conclusion which of both types of models better describes the physical
reality. In case of a type I model as predicted by References 41,45,46 and 47, the temperature of
the invariant reaction U2, α+ε 
 γ′+θ, can be given as 842±2K (569±2◦C); in case of a type
II model as predicted by References 39, 43, the reactions e4 and E2 must occur subsequently
within the temperature range from 840 K to 844 K (567 ◦C to 571 ◦C).

All microstructures that emerged as a result of the nitriding and nitrocarburising treatments
performed in the present work are compatible with the observations of Reference 75. However,
in the present work, the α+ε equilibrium was not clearly established at 843 K (570 ◦C) as in
Reference 75, but at a slightly higher temperature: the temperature of the U2 invariant reaction
as determined in the present work (if a type I model is assumed), and as due to smaller steps in
temperature in the performed series of experiments, is close to the higher end of the temperature
range of 833 K to 843 K (560 ◦C to 570 ◦C) as proposed for the U2 reaction in Reference 75.

4.5.3 Compatibility of experimental data with the models from the
literature

The temperatures of the invariant reactions as calculated in the present work by application of
the models for the Fe–N–C system given in the literature [39,41,43,45–47] have been gathered
in Table 4.2. Experimentally determined data from recent works [30,82] and the temperature of
the invariant reaction U2 (if a type I model is assumed) or the temperature range for the invariant
reactions E2 and e4 (if a type II model is assumed) as determined in the present work have also
been given in Table 4.2. Matches of the experimental and calculated data have been marked
with an asterisk.

Considering the temperatures of the invariant reactions in the binary Fe–N system (c, e2 and
e3), all models except the model of Reference 47 give an acceptable but varying degree of
agreement with the experimentally determined data.

The temperature of the ternary invariant reaction E1 (cf. Figure 6.4) is also reproduced ac-
curately by most [39, 41, 43, 45] models. For the invariant reaction U1, only the model of
Reference 41 gives a value which is close to the experimentally determined range [82]. Strik-
ingly, the values predicted by the models of Reference 39 and 43 are almost 100 K higher than
the experimental value provided by Reference 82. The other models [45–47] give a too low
value, disagreeing with both the results from the present work and from Reference 82.

The temperature of the invariant reaction U2 that was determined experimentally in the
present work is only reproduced well by the model of Reference 47. For all other invariant
temperatures in the ternary system, however, this model [47] gives inaccurate values. The
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values for the temperature of the invariant reaction U2 as calculated using the models of Ref-
erences 45 and 46 are about 20 K too low. The model from Reference 41 gives a value which
is much too low in view of the here determined experimental result. Also note that the type II
models [39, 43] give a slightly too low temperature range for the transition between the γ′+θ

and the α+ε equilibria (reactions e4 and E2).
Considering all invariant reactions in the system Fe–N–C, the model from Reference 41

agrees best with the experimental data, but note the huge discrepancy with the experimental
value for the invariant reaction U2 (see above). The model from Reference 43 also gives an
overall fair agreement with the experimental data for the invariant temperatures if a type II
model is assumed. Moreover, it has already been shown by our group that the model from
Reference 43 agrees better with the experimental data for phase boundaries [29, 82] and the
thermodynamics of the ε phase [81] (see also Chapter 2).

The above evaluation suggests that development of a new model for the system Fe–N–C is
timely. Such a model must yield good agreement with the experimental data pertaining to the
invariant temperatures and the phase boundaries and the thermodynamics of especially the ε

phase.

4.6 Conclusions

• Inspection of all models for the Fe–N–C system available in the literature indicates two
different possibilities for the (series of) invariant reaction(s) leading to the transition from
the α+ε two-phase field in the Fe–N–C system at higher temperatures to the γ′+θ two-
phase field at lower temperatures. Models of type I realize this transition via the invariant
reaction α+ε 
 γ′+θ (U2). Models of type II realize this transition via the invariant
reactions ε 
 γ′+θ (e4) and ε 
 α+γ′+θ (E2).

• Microstructural analyses of the compound layer developing on Fe–C substrates upon ni-
triding and nitrocarburising for a series of temperatures showed that both types of models
are qualitatively compatible with the experimental results. A sharp transition from the
α+ε to the γ′+θ equilibrium upon cooling is not found due to kinetic reasons.

• The minimum temperature at which the α+ε equilibrium of the Fe–N–C system is estab-
lished has been determined at 844 K (571 ◦C). The maximum temperature at which the
γ′+θ equilibrium is established has been determined at 840 K (567 ◦C). This corresponds
to a temperature of the invariant reaction U2 of 842± 2K (569± 2◦C) if a type I model
is assumed and a temperature range of 844 K to 840 K (567 ◦C to 571 ◦C) in which upon
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cooling the e4 and E2 invariant reactions must occur subsequently according to a type II
model.

• Comparison of the available experimental data of temperatures of the invariant reactions
and the phase boundaries with the predictions calculated by applying models presented in
the literature shows that none of the published models provides a satisfactory description
of the experimental data. A remodelling of the Fe–N–C system is required.
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A thermodynamic model for
non-stoichiometric cementite;
the Fe–C phase diagram

Holger Göhring, Andreas Leineweber, Eric Jan Mittemeijer

On the basis of recently published experimental data a new thermody-
namic model for the cementite phase was developed, accounting for its non-
stoichiometry in equilibrium with α, γ and liquid solution phases. The pre-
dictions from the model were discussed in the context of experimental and
ab-initio data from the literature. Further, the model was compared to ex-
isting models for stoichiometric and non-stoichiometric cementite. It was
shown that the resulting description is consistent with thermodynamic de-
scriptions of the Fe–C system, excluding the non-stoichiometry of cemen-
tite, from the literature. Thus, the new model is suitable as a basis for multi-
component systems correctly predicting the constitution of technically ap-
plied alloys.

5.1 Introduction

The system Fe–C has been studied extensively in the past. A review of experimental data is
given in Reference 3. Thermodynamic modelling has been performed in References 31–34, 97
and 98. The solid Fe–C equilibrium phases at 1 atm pressure are α-Fe[C] (ferrite) with bcc
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Table 5.1: Phases considered in the present work, their crystal structure and designations.

phase space group formula unit Fea(C,Va)c

ferrite, α Im3̄m Fe(C,Va)3
austenite, γ Fm3̄m Fe(C,Va)
cementite, θ Pnma Fe3(C,Va)
graphite P63/mmc C
diamond Fd3̄m C
liquid phase – (Fe,C)

Fe lattice structure, γ-Fe[C] (austenite) with fcc Fe lattice structure and graphite (hexagonal
crystal structure), with [C] denoting C dissolved in Fe, cf. Table 5.1. In the following, small
Greek letters will be used to denote the solid-solution phases. Since graphite only forms slowly
upon solidification of Fe–C melt and even slower in the solid state (e.g. from metastable iron
carbides upon annealing at elevated temperatures), the metastable cementite phase, θ-Fe3C1−z,
is relevant for most technically used Fe–C alloys. An exception is the case of grey cast iron
where the decomposition of θ is promoted in particular by presence of Si [164]. The metastable
Fe–C system, i.e. neglecting graphite formation, is considered in the following.

All the cited studies [3, 31–34, 97, 98] treat cementite as a stoichiometric compound Fe3C.
However, there is strong evidence [5–16] that cementite has a solubility range that extends to C
contents smaller than the stoichiometric composition, i.e. < 25at.%, i.e with positive z in the
formula Fe3C1−z, due to introduction of vacancies on the C sublattice1. Thus, cementite should
rather be treated as an interstitial solid solution of C in Fe with a very specific Fe sublattice
structure.

Lattice-parameter variations of cementite which has been equilibrated with α or at different
temperatures have been ascribed to a variation of the cementite’s composition due to C vacancy
formation as early as 1944 [5]. The same trend has been observed in a later work but on the
basis of rather inaccurate chemical analyses [6]. Still later works from the same group present
phase diagrams of the Fe–C system exhibiting rough estimates for the homogeneity range for
cementite [7–10].

Upon decreasing temperature, α-Fe has been found to precipitate from cementite [11], indi-
cating that the C content of cementite in metastable equilibrium with α-Fe[C] increases with
decreasing temperature2. The equilibrium composition of cementite at room temperature has

1A similar case pertains to γ′ iron nitride, γ′-Fe4N1−x, where N contents smaller than the stoichiometric compo-
sition are possible, i.e. < 20at.%, i.e. with positive x in the formula γ′-Fe4N1−x [22].

2Again note the similarity with γ′-Fe4N1−x: α-Fe (needles) precipitate in γ′-Fe4N1−x upon decreasing tempera-
ture [135].
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been quantified in Reference 12. Also in non-equilibrium solid Fe–C specimens as obtained
upon fast quenching of Fe–C melts, non-stoichiometric cementite has been found [13]. The
temperature-dependent composition of cementite stabilised by Mn has been studied by neutron
diffraction in Reference 14. However, the C vacancy fractions determined in that study (up to
z ≈ 0.6) seem unrealistically high. The homogeneity range of cementite at elevated pressures
(> 1GPa) and temperatures around 1400 K was obtained from EPMA data presented in Refer-
ence 15. All these studies [5–15] have in common that the data cannot be applied for developing
a thermodynamic model of cementite predicting the equilibrium vacancy content of cementite
in equilibrium with α or γ as function of temperature at ambient pressure, because of either in-
compatible/inadequate experimental conditions or low data quality due to impurities, inaccurate
measurements or an only estimative character of the study concerned. A big problem thus is
that, although the occurrence of a homogeneity range of cementite is generally acknowledged,
reliable estimates for the C contents of non-stoichiometric cementite as function of temperature
at 1 atm cannot be given on the basis of the data in References 5–15.

Recently, the vacancy content of pure Fe–C cementite in equilibrium with α or in equi-
librium with γ was quantitatively determined at temperatures between 823 K and 1323 K and
at ambient pressure utilising high-temperature equilibrated and subsequently quenched Fe–C
specimens [16]. To this end, after extraction of the cementite, X-ray diffraction analysis on
the resulting cementite powder was applied, leading to values of the equilibrium C contents of
cementite with a much higher accuracy than in past works [5–15].

The aim of the present work is to extend the thermodynamic model for the system Fe–C given
in Reference 32, until now only incorporating a stoichiometric cementite phase, by allowing for
non-stoichiometry of cementite and including the new data presented in Reference 16.

5.2 Thermodynamic models for Fe–C solution phases

The solid solution phases in the system Fe–C can be described as interstitial solid solutions
of C, on a partially occupied (by C) interstitial sublattice, in a sublattice completely occupied
by Fe, with a formula unit given by Fea(C,Va)c with a and c being small integers the ratio of
which is determined by the crystal structure. The Gibbs energy of one formula unit of this phase
ϕ = α,γ,θ can be described as [50–52]

Gϕ
m = yC

◦Gϕ,non-mag
Fe:C + yVa

◦Gϕ,non-mag
Fe:Va + cRT (yC lnyC + yVa lnyVa)+Gϕ,ex +Gϕ,mag (5.1)

with the site fractions of C and vacancies (Va) yC and yVa, the standard Gibbs energies of the
hypothetical compounds FeaCc and FeaVac in the structure of the phase ϕ and in the state of
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no magnetic order (so-called end-members), ◦Gϕ,non-mag
Fe:C and ◦Gϕ,non-mag

Fe:Va (with Fe:C and Fe:Va
denoting that the second sublattice is fully occupied by C and Va, respectively), the excess
Gibbs energy

Gϕ,ex = yCyVa

n

∑
k=0

kLϕ

Fe:C,Va(yC− yVa)
k (5.2)

with the k-th order interaction parameter kLϕ

Fe:C,Va, and the magnetic contribution Gϕ,mag. With-
out the excess term, the model is called the ideal interstitial solution model. A model with n = 0
(n = 1) is referred to as a (sub-)regular interstitial solution model [54, 165].

The Gibbs energies of the end members, ◦Gϕ,non-mag
Fe:C and ◦Gϕ,non-mag

Fe:Va , are usually expressed
as a power series relative to the so-called stable element reference (SER) state as defined in
Reference 49, i.e. relative to the enthalpy of the elements in their stable state at 298 K, de-
noted as HSER. If no information about the shape of the temperature dependence of the Gibbs
energy at 1 atm pressure is available (e.g. heat-capacity data), one typically models the Gibbs
energy of formation of the end members relative to the Gibbs energy of the elements, using a
constant enthalpy of formation and a constant entropy of formation. Then, the heat capacity of
the non-magnetic end member (compound) is an atomic fraction weighted average of the heat
capacities of the corresponding non-magnetic elements, which is nothing else than adoption of
the Neumann-Kopp rule [53, 54].

The magnetic contribution can be described according to the Inden model [55, 56] as

Gϕ,mag = RT f (τ) ln(β ϕ +1) (5.3)

with the reduced temperature τ = T/T ϕ

Curie or τ = T/T ϕ

Neel, whereby T ϕ

Curie and T ϕ

Neel denote
the Curie temperature and the Neel temperature of the magnetic order/disorder transformation,
respectively, and the magnetic moment β ϕ, and [50]

f (τ) =

1− 1
A

[
79τ−1

140p + 474
497

(
1
p −1

)(
τ3

6 + τ9

135 +
τ15

600

)]
τ < 1

− 1
A

(
τ−5

10 + τ−15

315 + τ−25

1500

)
τ ≥ 1

(5.4)

with
A =

518
1125

+
11692
15975

(
1
p
−1
)
. (5.5)

The constant p depends on the crystal structure: p = 0.4 can be used for bcc materials and
p = 0.28 for materials with other crystal structures [55].
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Since the magnetic moment β ϕ pertains to one formula unit of phase ϕ [166], it can be related
to the magnetic moment per Fe atom β ϕ,∗ (ignoring the contributions by C atoms) according to

β
ϕ = (β ϕ,∗+1)a−1 (5.6a)

or, if β ϕ is known, β ϕ,∗ can be calculated as

β
ϕ,∗ = (β ϕ +1)1/a−1. (5.6b)

In summary, the magnetic contribution can be modelled using only two parameters, namely
the magnetic moment β ϕ and the Curie or Neel temperature T ϕ

C/N. These parameters can be
concentration dependent. The parameters for a certain composition (yϕ

C, yϕ

Va) are determined
by linear interpolation (or a similar series as in Equation (5.2)). Similar to the standard Gibbs
energies of the non-magnetic end members, the parameters of the magnetic model for each end
member are indicated by an index, Fe:Va or Fe:C.

5.3 The employed experimental data set

After choosing a suitable thermodynamic model for each phase, the set of model parameters
yielding the best description for the experimental data is determined. These model parameters
are e.g. the coefficients of the power series describing the T -dependence of the Gibbs energy
of the end members of each phase (cf. Section 5.2). In the present work, the optimisation,
i.e. finding out the appropriate set of model parameters in the above sense, has been performed
using the PARROT module of the Thermo-Calc software [70]. During the optimisation process,
it is necessary to modify the weights assigned to the experimental data. Moreover, it might be
necessary to modify the model for a phase itself if it proves to be unsuitable to describe the
experimental data of the system.

The evaluation shows that the existing description [32, 49] of the system Fe–C appears sat-
isfactory regarding the α, γ, liquid, graphite and diamond phases. In the present work it was
necessary to develop a new model for the cementite solid solution phase, which, moreover, in-
corporates its ferromagnetic character at low temperatures. Thus, only data considering pure
cementite in equilibrium (at each T and at a pressure of 1 atm) or equilibria of other phases with
cementite are considered.
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5.3.1 Gibbs energy of cementite

Essentially two sources of thermodynamic data for cementite in the relevant temperature range
of T > 298K exist. One early experimental work [167] has been thoroughly reviewed and
analysed in Reference 168 and later in Reference 169. The data published in Reference 167
have been obtained from calorimetric measurements on dual-phase Fe–C alloys with varying
gross composition. Thus, depending on the temperature, both the phase fractions and the com-
positions of α or γ and cementite vary. Unfortunately, the evaluations of these data in Refer-
ences 168, 169 have been performed under the assumption that cementite is stoichiometric; the
thus resulting heat-capacity data are consequently error affected.

For the present work, the data from Reference 170 are more suitable: pure extracted cemen-
tite was employed in Reference 170 instead of dual phase alloys with temperature-dependent
phase fractions as in the works referred to above. The cementite investigated in Reference 170
was extracted from a dual-phase Fe–C alloy equilibrated at 973 K. According to the experimen-
tal data in Reference 16, this temperature corresponds to a vacancy content on the C, interstitial
sublattice of only approximately 1% and thus a C content of 24.8at.%, which is close to sto-
ichiometry. The cp data from Reference 170 have been used in the current optimisation to
determine both the coefficients for the isobaric molar heat capacity cp of stoichiometric cemen-
tite and the magnetic moment used in the magnetic model (cf. Equation (5.3)). Relatively recent
data for the cp of cementite have been presented in Reference 171. However, as compared to
the other sources [167–170], the data from Reference 171 seem too large.

The enthalpy of formation of cementite at room temperature has been determined in Ref-
erence 172. This value has been included in the evaluation with a low weight because of its
relatively large uncertainty. For the entropy of cementite at room temperature, the value from
Reference 169 was used, which is identical to the value from Reference 97.

For the Curie temperature of cementite, several values have been reported in the literature,
e.g. 480 K [169], 483 K [171] or 485 K [33,34]. It may be suggested that the Curie temperature
of cementite decreases slightly with decreasing C content [13, 173]. As the magnetic contribu-
tion to the Gibbs energy of cementite has an only very small influence on the thermodynamics
of the Fe–C system, especially as compared to the magnetic contribution to the Gibbs energy of
α, for simplicity, the constant value of the Curie temperature given in References 33 and 34 has
been adopted in the present work.
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5.3.2 Mono-variant (at 1 atm) equilibria

The solubility of C in α-Fe in equilibrium with cementite has been experimentally determined
in References 174–183 and modelled in References 97,98 and 184. These data are not included
in the present optimisation in view of their pronounced scatter. This scatter is partially due
to an apparent considerable dependence of the C solubility in α-Fe on the microstructure [3,
185]. Another work [186] is devoted to the determination of the C solubility in ferritic steels
containing elements other than Fe and C as well and therefore, these data cannot be used in the
present investigation of the binary Fe–C system.

The solubility of C in γ-Fe in equilibrium with cementite has been determined in Refer-
ences 168 and 187–190, additionally to early works from before 1940 cited in these references.
The measurement method applied in Reference 188 allows direct determination of the C content
of γ-Fe and is thus independent of the assumption of a stoichiometric composition of cementite.
Therefore, these data have been included in the present optimisation process.

The vacancy content of cementite in equilibrium with α-Fe or with γ-Fe has been recently
determined by application of XRD by using a relationship between the vacancy content and the
unit cell volume resulting from DFT-based first-principles calculations [16]. These data were
directly used in the present optimisation process.

The equilibrium of cementite and the liquid phase is not accessible by experiment due to the
instability of cementite at elevated temperature and 1 atm [3]. The only available data are results
from thermodynamic calculation. Thus, they are not included in the present optimisation.

5.3.3 Invariant (at 1 atm) equilibria

For the metastable eutectoid (γ 
 α+θ) and metastable eutectic (L 
 α+θ) reactions, the well-
established values of the invariant temperatures and the compositions of all phases other than

cementite have been adopted from Reference 97.
In the present evaluation, values for the metastable melting point of cementite and the invari-

ant temperature of the cementite-diamond peritectic reaction as given in Reference 169 have
been included with a low weight due to the only estimative character of these values.

5.4 Optimisation of the thermodynamic model

The thermodynamic parameters used for the pure elements are taken from Reference 49. For
the solution phases α, γ and the liquid phase, the models and the corresponding parameters from
previous evaluations have been gathered in Table 5.2.
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Table 5.2: Thermodynamic model parameters for solution phases, taken from cited literature and
for the non-stoichiometric model for the cementite solid solution as determined in the present work.
T in K, values of Gibbs energy in Jmol−1.

liquid phase, model (Fe,C) [32]
0LL

C,Fe =−124320+28.5T
1LL

C,Fe = 19300
2LL

C,Fe = 49260−19T

α/δ, model Fe(C,Va)3 [32]

◦Gα/δ,non-mag
Fe:Va = ◦Gα/δ,non-mag

Fe
◦Gα/δ,non-mag

Fe:C − ◦Gα/δ,non-mag
Fe −3◦Ggra

C = 322050+75.667T
0Lα/δ

Fe:C,Va =−190T
β α/δ

Fe:Va = β α/δ
Fe:C = β α/δ

Fe = 2.22
T α/δ

Curie,Fe:Va = T α/δ
Curie,Fe:C = T α/δ

Curie,Fe = 1043

γ, model Fe(C,Va) [32], adding magnetic model [49]
◦Gγ,non-mag

Fe:Va = ◦Gγ,non-mag
Fe

◦Gγ,non-mag
Fe:C − ◦Gγ,non-mag

Fe − ◦Ggra
C = 77207−15.877T

0Lγ

Fe:C,Va =−34671
β

γ

Fe:Va = β
γ

Fe:C = β
γ

Fe = 0.7
T γ

Néel,Fe:Va = T γ

Néel,Fe:C = T γ

Néel,Fe = 67

θ-Fe3C1−z, model Fe3(C,Va), present work

◦Gθ,non-mag
Fe:C −3HSER

Fe −HSER
C =

−8983+658.38T −113.578T lnT −3.059×10−3T 2 +6.105×105T−1

◦Gθ,non-mag
Fe:Va −3◦Gα,non-mag

Fe = 44782−11.59T
β θ

Fe:C = β θ
Fe:Va = 1.51

T θ
Curie,Fe:C = T θ

Curie,Fe:Va = 485 [33]
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For cementite, an ideal interstitial solution model (cf. Equation (5.1) and text below) has been
adopted, using two sublattices and the formula unit Fe3(C,Va). It was not attempted to model
the composition-dependence of the magnetic properties of cementite [13, 173]. The magnetic
contribution has been assumed to be independent of composition, with T θ

Curie,Fe:C = T θ
Curie,Fe:Va =

485K as taken from Reference 33 and with β θ
Fe:C = β θ

Fe:Va as a fitting parameter.
For the optimisation process, the experimental data gathered in Section 5.3 were implemented

in a format readable by the PARROT module of the Thermo-Calc software [70]. During the
optimisation process, the weights assigned to different experimental data (sets) were varied.
Frequently, the model was checked for deviations of the instantaneous model prediction with
the experimental data and for thermodynamic reasonableness.

During the optimisation process it was found that the expression

◦Gθ,non-mag
Fe:C −3HSER

Fe −HSER
C = a1 +b1T + c1T lnT +d1T 2 + e1T−1 (5.7)

suffices to describe the Gibbs energy of non-magnetic stoichiometric cementite. This is the
same type of power series as used in Reference 33.

It is not the intention of the present work to present a correct description of highly hypo-
thetical Fe in cementite configuration, but rather to find a simple but complete model correctly
describing the thermodynamics of cementite with a low fraction of C vacancies by applying an
ideal interstitial solution model. Thus, the Gibbs energy of Fe in cementite configuration has
been modelled relative to pure α-Fe according to

◦Gθ,non-mag
Fe:Va −3Gα,non-mag

Fe = a2 +b2T. (5.8)

Doing so, pure Fe of the crystal structure as its arrangement in cementite incorporates the heat
capacity of non-magnetic α-Fe.

The optimisation of the parameters for the thermodynamic model of cementite was performed
using the PARROT module of the Thermo-Calc software [70]. As start values for the parameters
of the power series for the Gibbs energy of stoichiometric cementite (Equation (5.7)), the values
for the highest temperature interval from Reference 33 have been used. The final results of the
model fitting, the values of the model parameters, have been listed in Table 5.2.
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5.5 Discussion

5.5.1 Thermodynamics of cementite

The enthalpy of formation of one mole stoichiometric cementite (Fe3C) at 298 K as calculated
using the new model, 26.3 kJmol−1, is as close to the value determined calorimetrically in
Reference 172 of 18.8± 4.4kJmol−1 as the values of 25.2 kJmol−1 [32], 26.9 kJmol−1 [33]
and 26.3 kJmol−1 [34] as calculated from the models in the literature. The entropy of one
mole cementite at 298.15 K is 104.6 Jmol−1 K−1 as calculated with the current model. This
accurately reproduces the also calculated values for the entropy of cementite at 298.15 K as
given in References 33, 34, 97 and 169, and in particular agrees well with the experimental
value of 106.9 Jmol−1 K−1 determined in Reference 191.

cp of stoichiometric cementite as calculated using the Gibbs-energy function determined in
the present work can be compared in Figure 5.1 with corresponding experimental data from
Reference 170 and the calculated results from References 33, 34, 169 and Reference 192 (first-
principles calculation). The model developed in the present work agrees well with the experi-
mental data for cp [170] and also with the data from the assessment from Reference 169. The
descriptions of the experimental cp data by the Calphad-type models from References 33, 34
and the ab-initio data [192] are also reasonable, with varying degrees of fit.

In view of the above indicated good agreement of the Gibbs energy of formation at 298 K
of stoichiometric cementite and of its heat capacity with experimental and calculated literature
data [32–34, 97, 169, 170, 172, 192], it is not surprising that the temperature dependence of the
Gibbs energy of formation of stoichiometric cementite agrees well with the available calculated
literature data [32–34, 97].

However, when comparing the temperature-dependent values of the Gibbs energy of forma-
tion of stoichiometric cementite, a systematic positive deviation between the model from the
present work and the models from the literature [32–34, 97] is noticed (see at the composition
of Fe3C in Figure 5.2). This is a consequence of accounting for the non-stoichiometry of ce-
mentite in the present model: when performing the double tangent construction [54] for the
α+θ or γ+θ equilibrium (at e.g. 1400 K, see Figure 5.2) using the model from the present work,
the Gibbs energy of θ in the equilibrium composition is different from the Gibbs energy of
stoichiometric cementite due to the configurational entropy introduced by the C-vacancy con-
tent of cementite. However, the intersection of the equilibrium tangent and the vertical line
at the composition Fe3C agrees very well with the single data points for the Gibbs energy of
formation calculated using the models from the literature [33,34] (the point for the model from
Reference 32 coincides with the point for the model from Reference 33) in Figure 5.2, i.e. the
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Figure 5.1: Comparison of the heat capacity cp of stoichiometric cementite as calculated using
the Gibbs-energy function as determined in the present work with the data from References 169
and 170, data obtained from first-principles calculations [192] and cp as calculated using models
from the literature [33, 34].

same equilibrium composition of γ and therefore the same chemical potentials of Fe and C result
when using the models from the literature [32–34] treating cementite as a stoichiometric phase.
This is not surprising since in the past models [32–34], the available thermodynamic data per-
taining to non-stoichiometric cementite has been attributed to stoichiometric cementite due to
the lack of reliable equilibrium vacancy content data. Therefore, taking an existing description
of the Gibbs energy of (stoichiometric) cementite [32–34] and only optimise the coefficients of
◦Gθ

Fe:Va, instead of completely remodelling the cementite phase, would have been insufficient to
correctly describe the two-phase equilibria in the Fe–C system.

It is important to note that the magnetic model leads to an unrealistically small magnetic
moment of Fe: applying Equation (5.6b) and the data for β θ in Table 5.2 yields β

θ,∗
Fe = 0.36.

Typical experimental values for the average magnetic moment per Fe atom in cementite are
1.7–1.8 [193, 194]; ab-initio calculations yield values for the average magnetic moment per Fe
atom between 1.8 and 2.0 [192, 195, 196]. The values for the magnetic moment of cementite
from both recent, previous models [33, 34], both using the Inden model [55, 56] for the mag-
netic contribution to the Gibbs energy of cementite (cf. Equation (5.3)), are similarly small.
This may suggest that in the case of cementite the Inden model [55, 56] can only be used for
phenomenological, mathematical description of cp, as in this work.
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Figure 5.2: Common tangent construction [54] performed for the γ+θ equilibrium at 1400 K using
the model from the present work. The Gibbs energies are given relative to γ-Fe and graphite. The
compositions of the phases γ and θ at equilibrium have been indicated on the abscissa. For compari-
son, the Gibbs energy of stoichiometric cementite according to the model from the present work and
the models from References 33 and 34 are given.

The melting point of metastable cementite is not accessible by experiments: at the relevant
C contents, cementite decomposes upon heating; upon cooling of the melt, graphite precipi-
tates. However, the melting point of cementite as predicted by the thermodynamic model can
be compared to other similar predictions. The melting point of cementite as calculated with
the thermodynamic model from the present work is 1484 K (pertaining to congruent melting at
a non-stoichiometric C content of 24.6 at%). This is lower than the value predicted by Refer-
ences 98 and 197 (1525 K) and as accepted in Reference 3, the value calculated with the model
in Reference 32 (1498 K) and the value estimated in Reference 169 (approximately 1520 K); in
all cases only stoichiometric cementite was considered. By molecular dynamics simulations,
the melting point of stoichiometric cementite has been predicted to be 1425 K [198], which
is very close to the eutectic temperature of the Fe–C system, and therefore that value appears
unrealistically low.
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5.5.2 The Fe–C phase diagram

The metastable Fe–C phase diagram as calculated using the thermodynamic descriptions of
α, γ and the liquid from Reference 32 as well as the new model for cementite is presented
in Figure 5.3a. Thereby, both graphite, diamond and higher carbides (Fe5C2, Fe7C3) have
been excluded from the calculation. The distinct homogeneity range of cementite (θ) is clearly
visible. Note that the second θ+L two-phase field (high C contents) and thus also the right
phase-boundary limiting the homogeneity range of cementite are an artefact from excluding
phases dissolving higher amounts of C and have no physical meaning. Similar phase diagrams
with a certain homogeneity range of cementite have already been published in References 7–
10 and 199. There, the problem addressed above has been solved by either including in the
calculation the diamond phase or other Fe carbides with a higher C content than cementite. A
similar, here calculated phase diagram, including diamond but excluding graphite, is shown in
Figure 5.3b.

A comparison of a section of the calculated phase diagram with the experimental equilibrium
data used in the optimisation process is provided by Figure 5.4a for the data from Reference 16
and in Figure 5.4b for the data from Reference 188 (with the mass fraction as a concentration
variable), both showing the excellent agreement of the new model with these data.

In the present work, the description of the α phase was taken from Reference 32. Since the
description of the θ phase was changed, the equilibrium between both phases could be affected.
In Figure 5.5, the phase boundary α/α+θ as calculated using the model from the present work is
shown in comparison with experimental data from References 174–183. As mentioned in Sec-
tion 5.3.2, the experimental data show a pronounced scatter. The phase boundary as calculated
using the model from the present work lies within the area determined by the scattered exper-
imental data points. In Figure 5.5, the phase boundary α/α+θ as calculated using the model
from either Reference 32 or 34 is not shown since they are almost indistinguishable from the
phase boundary as calculated using the model from the present work.

The new model has been developed with the constraint of preserving the relevant equilibria as
predicted by the model from Reference 32. The temperatures and compositions of each phase at
the experimentally accessible metastable eutectic and eutectoid equilibria, as calculated using
both the model from the present work and the models from References 32 and 34 are shown in
Table 5.3; the values that have been accepted in the elaborate review in Reference 3 have also
been included in Table 5.3. Both, the values calculated with the model from the present work
and with the model from Reference 32 are in very good agreement with each other and in good
agreement with the values from References 3 and 34.
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Figure 5.3: The metastable Fe–C phase diagram as calculated using the new model for cementite,
showing a pronounced homogeneity range of the cementite (θ) phase. a) Calculated excluding
both graphite and diamond. Note that the right (high-C) boundary of the θ single phase field is
an unrealistic boundary with a θ+L two-phase field (denoted by brackets) which is a consequence
of the exclusion of graphite, diamond and other carbides from the calculation and has no physical
meaning. b) Calculated excluding only graphite. The diamond phase is abbreviated as dia in the
figure annotations. As compared to the phase diagram in a), the cementite congruent melting point is
replaced by a peritectic reaction with diamond and an additional eutectoid reaction θ 
 α+diamond
occurs.
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Figure 5.4: Parts of the metastable Fe–C diagram as calculated using the new model excluding both
graphite and diamond (cf. Figure 5.3a) with experimental data from the literature superimposed.
a) Detail showing the homogeneity range of cementite (the α+θ/θ and γ+θ/θ phase boundaries) in
comparison to the data from Reference 16. Note that the right (high-C) boundary of the θ single
phase field is an unrealistic boundary to a θ+L two-phase field (denoted by brackets) which is a
consequence of the exclusion of graphite, diamond and other carbides from the calculation and has
no physical meaning. b) Detail showing the γ/γ+θ phase boundary in comparison to experimental
data from Reference 188.
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Table 5.3: Comparison of some metastable invariant equilibria of the Fe–C system which include the
cementite phase, as calculated with the model of the present work and as stated in or as calculated
using data from the cited literature. The calculated values of the temperatures have been given
with a number of digits incompatible with possible experimental accuracy, in order to illustrate the
marginal disagreement of such results.

reaction reference T/K xα
C/at.% xγ

C/at.% xL
C/at.% xθ

C/at.%

γ 
 α+θ

[3] 1000 0.104 3.46 25a

[32] 999.78 0.085 3.44 25a

[34] 1001.34 0.091 3.39 25a

present work 999.50 0.086 3.45 24.7

L 
 γ+θ

[3] 1420 9.23 17.3 25a

[32] 1421.51 8.81 17.6 25a

[34] 1421.15 8.98 17.5 25a

present work 1421.17 8.89 17.6 23.9

L + diamond 
 θ

[169] 1500
[32] 1484.09 21.9 25a

[34] 1492.17 21.6 25a

present work 1473.84 21.7 24.3

L 
 α+θ

[197] 1375 2.3 15.5 25a

[32] 1369.72 1.6 15.3 25a

[34] 1364.05 1.5 15.4 25a

[13] 1375b 1.6 — 24.6
present work 1372.90 1.6 15.3 23.6

aCementite assumed as stoichiometric Fe3C.
bModel parameters only determined at 1375 K.
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Figure 5.5: The α/α+θ phase boundary as calculated using the model from the present work in
comparison to experimental data from References 174–183 up to the eutectoid temperature.

When excluding graphite, but including diamond, cf. the phase diagram in Figure 5.3b, the
latter phase becomes stable at room temperature and ambient pressure. At elevated temper-
atures, however, cementite is formed from diamond and α in a eutectoid reaction, occurring
at 860 K as calculated using the model from the present work (as compared to 861 K as cal-
culated using the model from Reference 32). The metastable melting point of cementite (cf.
Figure 5.3a) is replaced by a peritectic reaction with diamond (cf. Figure 5.3b). Evidently, the
Fe–C system as described here is not accessible by experiments. It can be studied on the basis of
thermodynamic calculations only [8–10, 199]. Such estimated values for the peritectic reaction
of cementite with diamond are given in Table 5.3 (as given in Reference 169 and as calculated
using the model from Reference 32).

A thermodynamic treatment of the metastable Fe–C system excluding the γ phase has been
performed in Reference 197, including the eutectic reaction L 
 α+θ. This equilibrium has
been helpful for understanding non-equilibrium or metastable microstructures occurring upon
rapid solidification of molten Fe–C alloys [13]. The temperature and composition of the phases
at the invariant L 
 α+θ equilibrium as stated in Reference 197 and as calculated with the
model of the present work and the models of References 32 and 34 have been given in Table 5.3.
Both the compositions of the single phases and the temperature of the invariant reaction as
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calculated using the model of the present work and the model of Reference 32 and the values
stated in Reference 197 are in reasonable agreement with each other.

The model from Reference 32 was chosen as a basis in favour of the model from Refer-
ence 34. The model from Reference 34 especially improves the description of the Fe–C system
in the low temperature range and describes certain phase transformations occurring during tem-
pering of martensite. It does not improve the description of the phase equilibria in the tempera-
ture range where the non-stoichiometry of cementite is significant.

However, according to the model for the Fe–C sytem from Reference 32, the α phase re-
appears above approx. 4000 K and C contents of 30 at.% to 40 at.%, in equilibrium with the
liquid phase. In Reference 34, this artefact does not occur due to a modification of the descrip-
tion of the α phase. However, in this temperature range, the appearance of a gaseous phase
is expected which is not considered in any of the thermodynamic models of the Fe–C sys-
tem [32–34]. The artefact has not been resolved in the present work. Nevertheless, it is possible
to use the model for the α phase from Reference 34, i.e. the Gibbs-energy function for ◦Gα

Fe:C

and 0Lα
Fe:C,Va, instead of the model from Reference 32 in order to avoid the artefact, leading to

only insignificantly deviating results in the temperature range investigated in this paper.

5.5.3 Comparison to other models for non-stoichiometric cementite

Thermodynamic treatments of non-stoichiometric cementite have been presented before in Ref-
erences 13 and 16. In Reference 13, the model parameters for the adopted regular interstitial
solution model with the sublattice model indicated by the formula unit FeVa1/3 have been de-
termined at a single temperature (1375 K, the invariant metastable L 
 α+θ equilibrium [197])
using DSC data. Thereby, ◦Gθ

Fe:Va was fixed at the Gibbs energy of hexagonal Fe [49] and for
◦Gθ

Fe:C the Gibbs energy of stoichiometric cementite from Reference 32 was taken, while no
magnetic contribution was modelled separately.

A thermodynamic treatment of the α+θ equilibrium has also been performed in Reference 16,
using an ideal interstitial solution model for both phases with the same sublattice models for α

and cementite as applied in the present work. In Reference 16, for both phases, the magnetism
was not modelled separately. It was shown [16] that for the C vacancy fraction of cementite (z
in Fe3C1−z) in equilibrium with α, and recognising the very low C contents in the α phase, the
following expression would hold:

z = exp

(
−
◦Gθ

Fe3Va−3 ◦Gα
FeVa3

RT

)
= exp

(
◦Sθ

Fe3Va−3 ◦Sα
FeVa3

R

)
exp

(
−
◦Hθ

Fe3Va−3 ◦Hα
FeVa3

RT

)
(5.9)
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Thereby, ◦Gθ
Fe3Va, ◦Sθ

Fe3Va, ◦Hθ
Fe3Va, and ◦Gα

FeVa3
, ◦Sα

FeVa3
and ◦Hα

FeVa3
stand for the Gibbs energy,

entropy and enthalpy of the hypothetical magnetic Fe in cementite configuration, θ-Fe3Va, and
of magnetic α-Fe (FeVa3), respectively. Thus, in view of the applied ideal solution model,
the quantity ◦Gθ

Fe3Va− 3 ◦Gα
FeVa3

= ∆vac
f Gθ can be regarded as the Gibbs energy of C vacancy

formation in cementite according to (1− z) Fe3C + 3z α-Fe 
 Fe3C1−z [16]. Note that, us-
ing the symbols of the present work, the quantities of equation (5.9) can be calculated as e.g.
◦Gθ

Fe3Va =
◦Gθ,non-mag

Fe:Va +Gθ,mag.
The Arrhenius-like behaviour (cf. Equation (5.9)) was observed indeed for the experimental

data in Reference 16. Thus, the Gibbs energy of formation of vacancies in cementite was
determined as

∆
vac
f Gθ = ◦Gθ

Fe3Va−3 ◦Gα
FeVa3

= (69000−34T/K)Jmol−1. (5.10)

For the regular interstitial solution model applied for cementite in Reference 13, Equa-
tion (5.9) has to be modified to

z = exp

(
−

3 ◦Gθ
FeVa1/3

+3 0Lθ
Fe:C,Va−3 ◦Gα

FeVa3

RT

)
. (5.11)

with ◦Gθ
FeVa1/3

standing for the Gibbs energy of one mole iron in cementite configuration of the
formula unit FeVa1/3 as applied in Reference 13. In this case, the expression

∆
vac
f Gθ = 3 ◦Gθ

FeVa1/3
+3 0Lθ

Fe:C,Va−3 ◦Gα
FeVa3

(5.12)

represents the Gibbs energy of C vacancy formation in cementite.
If, as in the present work, a regular interstitial solution model is applied only for α-Fe-[C],

Equation (5.9) is also valid for low C contents of α. For the model from the present work, the
Gibbs energy of C vacancy formation can then be determined as

∆
vac
f Gθ = ◦Gθ

Fe3Va−3 ◦Gα
FeVa3

= ◦Gθ,non-mag
Fe:Va +Gθ,mag−3 ◦Gα,non-mag

Fe:Va −3 Gα,mag. (5.13)

with the values for the corresponding model parameters as provided by Table 5.2, giving a
physical interpretation of Equation (5.8) together with the magnetic model.

The T -dependences for the Gibbs energy of formation of C vacancies according to Equa-
tions (5.10) and (5.13) agree very well in the temperature range in which the α+θ equilibrium
prevails (up to 1000 K), see Figure 5.6. The deviations occurring for higher and (much less
pronounced) for lower temperatures are due to the ferromagnetic-paramagnetic transitions oc-
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Figure 5.6: The Gibbs energy of vacancy formation in cementite in equilibrium with α, ∆vac
f Gθ, as

given by Equations (5.10), (5.12) or (5.13), as determined in the present work and as taken from
Reference 16. The additional single data point is from Reference 13.

curring at 1043 K for α and at 485 K for cementite. The magnetic transition of α is not visible
in the actual experimental data from Reference 16 (cf. Figure 5.4a) because of the occurrence
of γ above 1000 K.

The value of the Gibbs energy of C vacancy formation in cementite from Reference 13 at
1375 K (also shown in Figure 5.6) is in strong disagreement with both the result of the present
work (Equation (5.13)) and that of Reference 16 (Equation (5.10)). This is mainly due to the
high temperature of 1375 K for which the model of Reference 13 was determined. At this high
temperature, metastable α dissolves significant amounts of C in equilibrium with cementite ac-
cording to both the model of the present work and the model of Reference 32. Thus, the assump-
tions that led to Equation (5.11) for the model of Reference 13 are not valid. Strictly speaking,
Equations (5.9) (Reference [16] and present work) and (5.11) (Reference 13) only describe
the equilibrium of non-stoichiometric cementite and pure α-Fe without C. Using e.g. Thermo-
Calc [70], the equilibrium data at the temperature of the L 
 α+θ invariant reaction as predicted
by the model of the present work and by the model of Reference 13 can be compared. The data
calculated using both models are shown in Table 5.3. The molar fractions of C in cementite cor-
respond to a C vacancy fraction of 1.85% [13] and 7.16% (present work). The lower C content
in cementite at the metastable eutectic as predicted by the present model (23.6 at.%) is in very
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good agreement with the actual C content of cementite from the quenched melt (23.5 at.%) as
estimated from experimental data (XRD and metallography) in Reference 13, as opposed to the
prediction resulting from the model of Reference 13 (24.6 at.%).

5.6 Conclusions

1. Recently published data quantifying the vacancy content of θ-Fe3C1−z [16] has been suc-
cessfully described by a new thermodynamic model for the cementite phase, considering
cementite as an ideal interstitial solution of C in Fe.

2. The model predicts significant C-vacancy contents in cementite in equilibrium with α or
γ over a distinct temperature range.

3. Incorporation of the non-stoichiometric model for cementite into existing models of multi-
component systems of which the Fe–C system is a sub-system is possible with only mi-
nor modifications, as demonstrated here adopting the successful description of the system
Fe–C from the literature [32], while preserving all relevant equilibria. With the help of
such multi-component models, it will be possible to arrive at significantly more correct
predictions of the constitution of technical Fe–C-based alloys.
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Chapter 6

Thermodynamics of the Fe–N and Fe–N–C
systems; the Fe–N and Fe–N–C phase
diagrams revisited

Holger Göhring, Olga Fabrichnaya, Andreas Leineweber, Eric Jan Mittemeijer

Several thermodynamic descriptions of the Fe–N and Fe–N–C systems were
proposed until now. The results of these descriptions significantly deviate
from more recently obtained experimental data. The present work provides
a revised thermodynamic description of these systems. The new descrip-
tion for the Fe–N system agrees distinctly better with the experimental data
especially for the equilibrium of γ′-Fe4N1−x and ε-Fe3N1+z. The new ther-
modynamic description for the Fe–N–C system considering the Fe-rich part
of the system with less than 33 at.% N and less than 25 at.% C excellently
agrees with the new experimental data for both the temperatures of the in-
variant reactions and the phase boundaries. This in particular concerns the
temperature range of typical technical nitriding and nitrocarburising treat-
ments (723 K–923 K, 450 ◦C–650 ◦C), within which three invariant reactions
occur in the ternary system.

6.1 Introduction

The Fe–C, Fe–N and Fe–N–C systems are highly relevant for Fe-based components, in partic-
ular if these are subjected to technically applied nitriding and nitrocarburising treatments [1].
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Table 6.1: Phases considered in the present work, their crystal structure and formula units of their
sublattice models.

phase space group structure formula unit

ferrite, α-Fe[N,C] Im3̄m bcc Fe lattice with N and C on oc-
tahedral sites (3 per Fe atom)

Fe(C,N,Va)3

austenite, γ-Fe[N,C] Fm3̄m fcc Fe with N and C on octahedral
sites

Fe(C,N,Va)

γ′-Fe4N1−z Pm3̄m fcc-type Fe lattice, N and C ordered
on one octahedral site per unit cell

Fe4(C,N,Va)

ε-Fe3(N,C)1+x P6322, P312 hcp-type Fe lattice, N and C on ev-
ery second octahedral site with dif-
ferent types of ordera

Fe(C,N,Va)1/2

θ-Fe3C1−δ Pnma distorted hcp-type Fe lattice, C in
trigonal prisms

Fe3(C,Va)

aThe chosen formula unit of the sublattice model does not assume a specific state of order. Is is, however, noted
that octahedral sites adjacent in the c direction cannot be occupied simultaneously [64, 65].

The Fe–N–C equilibrium phases considered in the present work have been listed in Table 6.1,
as assembled from References 19 and 25.

The binary Fe–C system is the basis of all technically applied steels [133]. The stable phases
in the binary Fe–C system [3] are the terminal interstitial solid solution phases α (ferrite) and
γ (austenite), the liquid solution phase and graphite. However, due to kinetically obstructed
precipitation of graphite, at carbon contents of up to 25 at.%, the iron carbide cementite, θ-
Fe3C1−δ , occurs in metastable equilibria. Recently, the non-stoichiometry of θ in equilibrium
with α and γ with positive values of δ , has been quantified [16]. On this basis, a new thermody-
namic description for the cementite phase has been presented in Chapter 5, which, in contrast
to the previous descriptions [31–34], recognizes and well describes its non-stoichiometric char-
acter.

The constitution of compound layers developing upon nitriding of Fe can be predicted by the
Fe–N phase diagram [4], assuming local equilibrium in the solid state, featuring the interstitial
solid solution phases α (ferrite) and γ (austenite) and the iron nitride phases γ′-Fe4N1−x and
ε-Fe3N1+z. In order to identify such local equilibria, the Fe–N system to be considered, as
discussed above for the Fe–C system, represents metastable equilibrium states, corresponding
to suppression of the formation of N2 gas. In genuine equilibria, iron-nitride phases as γ′ and
ε do not occur. Metastable equilibria in the Fe–N system can be investigated by gas-nitriding
experiments using NH3/H2 atmospheres, defining a chemical potential of N in the gas phase [1].
For data obtained from such gas-nitrided specimens furthermore the establishment of a steady
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state instead of a local equilibrium at the surface of the specimens, i.e. equality of the rate
of N dissolution and recombination instead of equality of the chemical potential of N in the
gas phase and in the solid, has to be considered: the N concentration will then be lower than
that corresponding to local metastable equilibrium with the gas atmosphere [1, 30]. The effect
becomes significant above approximately 853 K (580 ◦C) for nitrided ferrite (α) [30] and is more
pronounced for increasing nitrogen content in the solid matrix and thus becomes significant at
the surface of ε-iron nitride (containing > 30at.% N) already at 723 K (450 ◦C) [65].

Until today, the experimental data set for the Fe–N system as compiled in Reference 4 is
the most complete experimental description of the system and largely provides the basis for
the optimisation of thermodynamic parameters in the present work. Recently, some additional
data on the constitution of the system have been published [30, 82] that are also considered
in the present work. CALPHAD-type thermodynamic descriptions for the Fe–N system have
been published in References 31 and 35–43. In general, for the intermediate phases γ′ and
ε, these descriptions only consider random mixing of nitrogen on an interstitial sublattice and
thus excess Gibbs energy parameters have to be introduced to describe the deviation of the real
system from such ideal behaviour. Theoretical approaches to describe the thermodynamics of
nitrogen ordering and disordering have been presented for γ′ [20, 22, 200–202] and ε [64–66,
200, 203, 204].

Upon nitrocarburising of Fe, a simultaneous uptake of N and C into the substrate occurs [1].
Upon only nitriding of technical steels interactions of N and C already have to be considered as
well, due to (initial) C present in the substrate. A first systematic study of the ternary Fe–N–C
system has been provided in Reference 129. Subsequent work has been presented in Refer-
ences 83 and 84. All these early works have in common that they do not include the possibility
of an α+ε equilibrium. Furthermore, the appearance of γ is concluded to occur at a temperature
as low as 838 K (565 ◦C) in Reference 84, in flagrant contrast with later experimental data [82].

In contrast to these early experimental works [83,84,129], the observation of microstructures
forming upon nitriding of Fe–C alloys and C-containing steels and upon nitrocarburising of
pure Fe, Fe–C alloys and C-containing steels which do contain interfaces between α and ε [85–
92, 94, 96, 205] makes it very likely that equilibrium between α and ε does occur, albeit in a
narrow temperature range. Later works [29, 75, 79, 82] (see also Chapters 2–4) confirmed the
occurrence of such microstructures. Except for an early work [44], the α+ε equilibrium is taken
into account in all thermodynamic descriptions of the Fe–N–C system in the literature [39,
41, 43, 45–47]. However, systematic experimental work to investigate the occurrence of the
α+ε equilibrium in Reference 75 and Chapter 4 showed that the experimentally determined
temperatures of the invariant reactions leading to the appearance of this equilibrium deviate
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from the temperatures as predicted using each of the thermodynamic descriptions from the
literature [39, 41, 43, 45–47]. Additionally, a recent experimental study of the constitution in
the system Fe–N–C for the temperature range above 853 K (580 ◦C) [82], investigating both
the phase boundaries and the temperatures of the invariant reactions involving γ, showed bad
agreement with again each of the thermodynamic descriptions from the literature [39, 41, 43,
45–47]. Finally, analysis of the thermodynamic factors derived from N and C diffusivities in
ternary ε at 823 K (550 ◦C) in Reference 81 and 853 K (580 ◦C) in Chapter 2 showed agreement
with the thermodynamic descriptions of ε given in References 39 and 43 and disagreement with
the one from Reference 41.

In the present work, new thermodynamic assessments of the Fe–N and Fe–N–C systems are
presented, using the newly obtained data in the optimization process in order to eliminate the
discrepancies associated with the previous thermodynamic descriptions. As a result, for the first
time a description of the Fe–N–C system was obtained that is compatible with all experimental
data and thus is suitable for nitriding and nitrocarburising applications. Furthermore, significant
improvements in the description of the binary Fe–N system were achieved: (i) a simpler model
for the γ′ phase, accounting for its homogeneity range but using fewer parameters than the
thermodynamic description from Reference 41 and (ii) an improved description of the γ′+ε

equilibrium at high N contents.

6.2 Thermodynamic model of the Fe–N and Fe–N–C solid
solution phases

The Fe–N and Fe–N–C solid solution phases can be described by the compound-energy formal-
ism [50, 51], also called Hillert-Staffansson approach [52]. In the following, only an Fe–N–C
solid solution phase is considered; a similar treatment is used for an Fe–N (and an Fe–C) solid
solution phase.

The interstitial solution of N and C in a phase ϕ is considered as a mixture of the hypothetical
compounds FeaCc, FeaNc and FeaVac (with Va standing for vacancies) with a and c being
stoichiometric indices determined by the crystal structure of the phase ϕ. The total Gibbs energy
of the phase ϕ with the formula Fea(C,N,Va)c per formula unit reads

Gϕ
m = yϕ

C
◦Gϕ

Fe:C+yϕ

N
◦Gϕ

Fe:N+yϕ

Va
◦Gϕ

Fe:Va+cRT (yϕ

C lnyϕ

C+yϕ

N lnyϕ

N+yϕ

Va lnyϕ

Va)+Gϕ,ex+Gϕ,mag,

(6.1)
with yϕ

C, yϕ

N and yϕ

Va representing the fractions of sublattice occupancies of C, N and Va, respec-
tively, recognizing that the first sublattice is always completely occupied by Fe, i.e. yϕ

Fe = 1,
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the Gibbs energies ◦Gϕ

Fe:C, ◦Gϕ

Fe:N and ϕ◦Gϕ

Fe:Va of the hypothetical non-magnetic compounds
FeaCc, FeaNc and FeaVac, the so-called end-members, with Fe:C, Fe:N and Fe:Va denoting that
the second sublattice is fully occupied by C, N and Va, respectively, the excess Gibbs energy
Gϕ,ex and the magnetic contribution Gϕ,mag.

The Gibbs energy of the end members is usually described as a temperature series according
to e.g. for FeaNc:

◦Gϕ

Fe:N−a◦Gref
Fe − c◦Gref

N = a+bT + cT lnT +d1T 2 +d2T−1 +d3T 3 . . . (6.2)

with the reference Gibbs energies for Fe and N, ◦Gref
Fe and ◦Gref

N and the model parameters a, b,
c, di. The reference state is usually the SER state, i.e. the enthalpy of the elements in their most
stable state at 298 K (25 ◦C) and 1×105 Pa.

The excess Gibbs energy is described as

Gϕ,ex = yϕ

Cyϕ

NLϕ

Fe:C,N + yϕ

Cyϕ

VaL
ϕ

Fe:C,Va + yϕ

Nyϕ

VaL
ϕ

Fe:N,Va, (6.3)

only considering binary interaction parameters Lϕ

Fe:C,N, Lϕ

Fe:C,Va and Lϕ

Fe:N,Va, with their compo-
sition dependence described by a Redlich-Kister series [57]:

Lϕ

Fe:C,N = ∑
k

kLϕ

Fe:C,N(y
ϕ

C− yϕ

N)
k, (6.4)

and analogously for Lϕ

Fe:C,Va and Lϕ

Fe:N,Va. In the present work, interaction parameters of zeroth
and first order are used (i.e. k = 0,1). These treatments correspond to a regular and a sub-regular
solution model, respectively, whereas Gϕ,ex = 0 corresponds to an ideal solution model [54].
For the magnetic contribution Gϕ,mag of the α, γ and θ phases, the Inden model [55,56] is used,
taking the magnetic moment β ϕ and the Curie (for α and θ) or Néel (for γ) temperature T ϕ

Curie,

or T ϕ

Néel, as (potentially concentration-dependent) model parameters, as described in detail in
Reference [50]. For γ′ and ε no separate magnetic contribution is modelled (see Section 6.4).

6.3 Employed data for the thermodynamic parameter
optimization

6.3.1 Binary Fe–N data

For the binary system Fe–N, the data as assembled in Reference 4 ( [20,21,28,83,84,174,206–
222]) was chosen according to the recommendations given there. The binary thermodynamic
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descriptions of the α and γ phase were taken from Reference 41; for the choice of parameters to
be optimized, see Section 6.4. Thus, only equilibrium data including the phases γ′ or ε have been
used, in particular the data for the α+γ′, γ+γ′, γ+ε and γ′+ε two-phase equilibria. The available
data are compositions and activities at the phase boundaries. If instead of activities the nitriding
potential, a (technical) process parameter [1], was given, the activities were calculated using
the Gibbs-energy equations for various gas species given in Reference 26. Newer data for the
γ�α+γ′ invariant equilibrium and the α+γ′ two-phase equilibrium [30, 223, 224] and the γ+γ′

and γ+ε equilibria [82,223] were also included. As an additional information, the activity curves
for γ′ from References 20 and 21 and for ε in References 36 and 225 were used. However, these
so-called absorption isotherms obtained from gaseous nitriding of Fe specimens are affected by
the establishment of steady states instead of true metastable equilibrium at the surface of the
specimen at higher temperatures and N contents [1,30,65], making it impossible to use all data
above 823 K (550 ◦C). Already at lower temperatures, but high N contents (> 30at.%), a steady
state instead of an equilibrium prevails at the surface. Therefore, such affected data have not
been used during the optimization. Furthermore, during the optimization process, agreement
of the model with the activity data has been considered less important than agreement with the
information on solid-solid equilibria.

Based on this experimental information, the parameters ◦Gγ′

Fe:N and ◦Gγ′

Fe:Va of γ′ and the pa-
rameters 0Lε

Fe:N,Va and 1Lε
Fe:N,Va of ε were optimized.

6.3.2 Ternary Fe–N–C data

For the optimization process of the model parameters for the ternary Fe–N–C system, almost
only recently published data was used. During the optimization, care was taken that the resulting
invariant temperatures comply with the ranges as determined experimentally in Reference 82
and Chapter 4. The second source of data was the location of the phase boundaries at 853 K
(580 ◦C) and at 893 K (620 ◦C) as determined experimentally in Reference 82. The experimental
information that in the considered C and N content ranges the off-diagonal components of
the thermodynamic factor of ε are positive (see Reference 81 and Chapter 2) was used as a
constraint for the model of the ε phase. Additionally, the N-solubility data in C-containing γ

from Reference 226 was used.
For the C content of γ′, no reliable equilibrium data is available. EPMA investigations on

specimens produced for the investigations in Chapters 2–4 and Reference 81 showed C contents
in γ′ which were always below 1 at.%. Therefore, during the optimization care was taken that
this level of C content was not exceeded considerably. In θ only trace amounts of N have
been found at temperatures ≤ 1073K (800 ◦C) [17]. At lower temperatures, θ layers can be
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produced on Fe substrates by heat treatment in an atmosphere containing CO, NH3 and H2 [74].
During the treatment, the substrate is gradually saturated with N that has diffused through θ [78],
eventually leading to formation of an ε layer underneath the θ layer [29]. θ produced under
these conditions has been investigated by atom probe tomography [18], revealing, nevertheless,
a maximum total impurity content of only 0.01 at.%, also including N. This supports the above
experimental results of Reference 17 and is in contrast with the prediction of N contents of
> 1at.% resulting from the thermodynamic description of Reference 41.

On the basis of these ternary experimental data, the binary parameters ◦Gγ′

Fe:C of γ′ and
0Lε

Fe:C,Va and 1Lε
Fe:C,Va of ε, which are only relevant for the ternary system, and the ternary

parameters 0Lγ

Fe:C,N of γ and 0Lε
Fe:C,N and 1Lε

Fe:C,N of ε were optimized.

6.4 Applied models; optimization process

The descriptions for the Gibbs energy of the pure elements were taken from Reference 49. The
formula units of the sublattice models applied in the present work for each phase have been
listed in Table 4.1. The values for the parameters of the thermodynamic description for the α

phase were taken from Reference 41. For the γ phase, only the parameter 0Lγ

Fe:C,N was included
in the optimization (see end of Section 6.3.2). The values of the binary parameters of γ were
taken from References 32 and 41.

The thermodynamic parameters of γ′ were completely reassessed (see end of Sections 6.3.1
and 6.3.2). In the model for γ′ from Reference 41, ◦Gγ′

Fe:Va had been set equal to 4◦Gγ

Fe:Va. In
order to correctly model the thermodynamics of γ′, then the interaction parameters 0Lγ′

Fe:N,Va and
1Lγ′

Fe:N,Va (both T -dependent) had to be introduced in Reference 41. In the present work, ◦Gγ′

Fe:Va

was used as an optimization variable, eliminating the need for any interaction parameters for γ′

and thus reducing the number of parameters as compared to the model of Reference 41. Due
to lack of accurate data for the C solubility in γ′, the parameter ◦Gγ′

Fe:C was fixed to a value
giving a reasonable homogeneity range of γ′ in the ternary Fe–N–C system. The γ′ phase shows
ferromagnetic ordering with a somewhat concentration-dependent Curie temperature around
763 K (490 ◦C) [4]. As there is no heat-capacity data available, which would allow to introduce
the magnetic moment as a fitting parameter, no magnetic model is used1.

The thermodynamic description for the θ phase was taken directly from Chapter 5. No N
solubility had to be modelled as explained in Section 6.3.2.

1It was shown in Chapter 5, providing a new thermodynamic description for θ, that the magnetic moments
obtained from fitting, specifically of cp curves, are far from experimentally obtained values. Therefore it was
avoided to use such values for the thermodynamic descriptions of γ′ and ε in the present work.
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For the ε phase, the sublattice model of Fe(C,N,Va)1/2 as used in References 41 and 45–47
was also applied in the present work. The ε phase shows magnetic ordering with a Curie tem-
perature strongly varying with, at least, the N content between 10 K and 550 K (−260 ◦C–
280 ◦C) [4]. As for the γ′ phase, the lack of heat-capacity data prevents fitting for the magnetic
moment, so no magnetic contribution was modelled1. The value of the parameter ◦Gε

Fe:N was
taken from Reference 41 as during re-optimization attempts on the basis of the available equi-
librium data, the ε phase became unreasonably stable at high temperature. It was also attempted
to include the parameter ◦Gε

Fe:C in the optimization. This led to the unreasonable appearance of
the ε phase in the binary Fe–C system instead of θ for a large temperature range. Thus it was
decided to keep the value from Reference 227 as also used in Reference 41. The optimization
process revealed that several binary interaction parameters of zeroth and first order (sub-regular
solution model) were necessary in order to obtain an acceptable description of the ε phase (see
also the discussion in Sections 6.1 and especially 6.5.4). The introduction of ternary interaction
parameters was not necessary.

The resulting model parameters as determined in this work and as taken from the literature
are presented in Table 6.2. If desired, the model for the Fe–N–C liquid phase from Reference 46
can be included.

6.5 Discussion

6.5.1 The binary Fe–N phase diagram

The temperatures and the compositions of the phases at the invariant equilibria in the Fe–N
system, as predicted by the thermodynamic description resulting from the present work, can be
compared with the experimental data from References 4,30 and 82 and the previous predictions
from References 41 and 43 in Table 6.3. The agreement of these features of the Fe–N phase
diagram with the experimental data is comparably good for the new and old [41,43] thermody-
namic descriptions.

The Fe–N phase diagram as calculated using the model parameters from the present work is
shown in Figure 6.1. Various enlarged sections of the phase diagram are shown in Figure 6.2 to
allow a more detailed comparison with both the experimental data [20, 21, 30, 82–84, 174, 206,
207,209–214,216–219,221,223,224] and the previous predictions from References 41 and 43.

The homogeneity range of α agrees well with the experimental data and with the homo-
geneity range resulting from the thermodynamic description of Reference 41 (see Figure 6.2a).
The newer experimental data from Reference 30 are better described by the thermodynamic
description from Reference 43. This description, however, shows an α+ε equilibrium below
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Table 6.2: Thermodynamic model parameters for the solid solution phases as determined in the
present work and as taken from the cited literature to be used with the unary Gibbs-energy functions
from Reference 49. T in K, values of Gibbs energy and interaction parameters in Jmol−1.

α, model Fe(C,N,Va)3

◦Gα,non-mag
Fe:Va = ◦Gα,non-mag

Fe
◦Gα,non-mag

Fe:C − ◦Gα,non-mag
Fe −3◦Ggra

C = 322050+75.667T [32]
◦Gα,non-mag

Fe:N − ◦Gα,non-mag
Fe − 3

2
◦Ggas

N2
= 93562+165.07T [40]

0Lα/δ
Fe:C,Va =−190T [32]

β α
Fe:Va = β α

Fe:C = β α
Fe:N = β α

Fe = 2.22 [32, 40]
T α

Curie,Fe:Va = T α
Curie,Fe:C = T α

Curie,Fe:N = T α
Curie,Fe = 1043 [32, 40]

γ, model Fe(C,N,Va)
◦Gγ,non-mag

Fe:Va = ◦Gγ,non-mag
Fe

◦Gγ,non-mag
Fe:C − ◦Gγ,non-mag

Fe − ◦Ggra
C = 77207−15.877T [32]

◦Gγ,non-mag
Fe:N − ◦Gα,non-mag

Fe − 1
2
◦Ggas

N2
=−20277+245.3931T −21.2984T lnT [41]

0Lγ

Fe:C,Va =−34671 [32]
0Lγ

Fe:N,Va =−26150 [35]
0Lγ

Fe:C,N = 8218
β

γ

Fe:Va = β
γ

Fe:C = β
γ

Fe = 0.7 [32]
T γ

Néel,Fe:Va = T γ

Néel,Fe:C = T γ

Néel,Fe = 67 [32]

γ′, model Fe4(C,N,Va)

◦Gγ ′

Fe:C−4◦Gα,non-mag
Fe − ◦Ggra

C = 20000
◦Gγ ′

Fe:N−4◦Gα,non-mag
Fe − 1

2
◦Ggas

N2
=−37744+72.786T

◦Gγ ′

Fe:Va−4◦Gα,non-mag
Fe = 12066+3.691T

ε, model Fe(C,N,Va)1/2

◦Gε
Fe:Va =

◦Gε
Fe

◦Gε

Fe:C− ◦Gε
Fe−

1
2
◦Ggra

C = 52905−11.9075T [227]
◦Gε

Fe:N− ◦Gε
Fe−

1
4
◦Ggas

N2
=−13863+40.2123T [41]

0Lε

Fe:C,Va =−53059
1Lε

Fe:C,Va =−38756
0Lε

Fe:N,Va = 8186−18.127T
1Lε

Fe:N,Va =−24378+24.959T
0Lε

Fe:C,N =−20772−32.504T
1Lε

Fe:C,N =−28839

θ, model Fe3(C,Va)

◦Gθ,non-mag
Fe:C −3HSER

Fe −HSER
C =

−8983+658.38T −113.578T lnT −3.059×10−3T 2 +6.105×105T−1 (see Chapter 5)
◦Gθ,non-mag

Fe:Va −3◦Gα,non-mag
Fe = 44782−11.59T (see Chapter 5)

β θ
Fe:C = β θ

Fe:Va = 1.51 (see Chapter 5)
T θ

Curie,Fe:C = T θ
Curie,Fe:Va = 485 [33]

129



Chapter 6

Table 6.3: Comparison of temperatures and compositions of phases participating in the invariant
reactions. “exp” = experimentally determined; “pred” = predicted by a thermodynamic description.

reaction reference T/K xα
N/at.% xγ

N/at.% xγ′

N/at.% xε
N/at.%

ε
γ′

present work (pred) 964 19.6 19.6
[4] (exp) 953 19.5 19.5

[82] (exp) 938–948 N/A N/A
[41] (pred) 971 19.4 19.4
[43] (pred) 955 19.6 19.6

ε
γ+γ′

present work (pred) 923 9.7 19.1 16.3
[4] (exp) 923 10.3 19.3 15.9

[82] (exp) 923–925 N/A N/A N/A
[41] (pred) 923 9.7 19.1 16.1
[43] (pred) 923 10.3 19.6 15.9

γ
α+γ′

present work (pred) 865 (592) 0.39 9.0 19.2
[4] (exp) 865 0.40 8.8 19.3

[30] (exp) 866 0.44 N/A N/A
[41] (pred) 863 0.39 9.0 19.3
[43] (pred) 867 0.40 8.9 19.6
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Figure 6.1: The Fe–N phase diagram as calculated using the thermodynamic description from the
present work, suppressing formation of the N2 gas phase. At a temperature below 443 K (170 ◦C),
an α+ε equilibrium is predicted, see the dotted lines (see discussion in Section 6.5.2)
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Figure 6.2: Magnified sections of the Fe–N phase diagram as calculated using the thermodynamic
description from the present work (solid lines) in comparison to (i) the phase diagrams as calcu-
lated using the descriptions from Reference 41 (dashed lines) and 43 (dotted lines) and (ii) var-
ious experimental data. An α+ε equilibrium is predicted using the description of Reference 43
in the shown temperature range. a) Low N-content range with experimental data from Refer-
ences 30, 83, 174, 207, 212–214, 216, 218, 219 and 221. b) Equilibria involving the γ phase com-
pared with experimental data from References 30,82,83,207,209,212 and 220. c) The homogeneity
range of γ′ compared with experimental data from References 20, 21, 211, 223 and 224. Note that
the thermodynamic description of Reference 43 describes γ′ as a stoichiometric compound with
the formula Fe4.1N. d) The γ′+ε/ε phase boundary compared with experimental data from Refer-
ences 84, 206, 207, 209, 210, 212, 217 and 223. Also, the phase boundary redrawn from Figure 4 in
Reference 228 (variant for low N content) is shown..
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approximately 580 K (310 ◦C), a temperature at which the α+γ′ equilibrium is observed exper-
imentally (see also below) and therefore disagrees with the experimental phase-boundary data
at low temperatures (cf. Figure 6.2a).

The calculated phase boundaries of the γ single-phase field agree well with the few available
experimental data, see Figure 6.2b. Experimental data on the phase boundaries γ/γ+γ′ and γ/γ+ε

is somewhat contradictory: recent investigations obtained by EPMA measurements on nitrided
specimens [82] showed N contents of up to 1 at.% less than given in older works [207, 209,
212, 220]. For the phase boundary γ/γ+γ′, the predictions by the thermodynamic description
from the present work lie between these values. For the phase boundary γ/γ+ε, the data from
Reference 82 is described better than the data from References 207, 209, 212 and 220. Overall,
a good representation of all data employed in the optimisation is given, also accounting for
the error margins of the usually applied EPMA method to determine these phase-boundary
compositions.

The γ′/γ′+ε phase boundary agrees well with the experimental data from Reference 223,
whereas the N content at the phase boundary α+γ′/γ′ is lower than indicated by most of the ex-
perimental data and by the phase boundary as calculated using the thermodynamic description
from Reference 41, but still agrees within less than 0.1 at.% (see Figure 6.2c). Better agree-
ment could be achieved by introducing a more advanced model considering N disorder, see
Section 6.5.3.

The thermodynamic description from the present work reproduces the phase boundary γ′+ε/ε
significantly better than the previous descriptions [41,43] (see Figure 6.2d). The data point from
Reference 206 and semi-quantitative investigations in Reference 134 suggest that the phase
boundary γ′+ε/ε might extend to lower N contents in the low-T range. In this low-T range,
the agreement of the experimental data with the phase boundary from Reference 228, based
on a thermodynamic description considering ordering of N on its sublattice, is better, which is
also shown in Figure 6.2d. The thermodynamic description of Reference 228, however, gives
multiple expressions for the phase boundary in order to cover the whole temperature range (see
the overlap of the two curves in Figure 6.2d). Moreover, in the high-T range, the agreement with
the experimental data is poor and there is a maximum in the proposed phase boundary. This is
thermodynamically only possible if the congruent transition ε
γ′ occurs at N contents as high
as 21.2 at.%, which is impossible according to the model from the present work (maximum N
content of γ′ is 20 at.%) and also incompatible with the prediction according to the model for γ′

from Reference 228.
A “potential phase diagram” using the activity of N (reference state N2 gas at 1×105 Pa and

at the considered temperature) as a variable is shown in Figure 6.3a, allowing comparison of the
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phase boundaries as calculated using the thermodynamic description from the present work with
the respective phase boundaries as calculated using the datasets from References 41 and 43, the
phase boundary γ′/ε as calculated using the expressions given in Reference 228, and the phase
boundaries as indicated by the experimental data [20, 21, 28, 30, 208, 210, 214, 215, 217, 222].
The same diagram using as a variable the often applied nitriding potential

rN =
pNH3

p3/2
H2

, (6.5)

a (technical process) parameter used for gaseous nitriding, which is a measure for the activity
of N, but multiplied with ◦p1/2 (where ◦p = 1×105 Pa is the pressure of the reference state,
to obtain a dimensionless variable [1]), is given in Figure 6.3b. For the phase boundary α/γ′,
the thermodynamic dataset of the present work describes the experimental data equally well
as the dataset published in Reference 41. For the γ range, the thermodynamic descriptions
from the present work and from References 41 and 43 reproduce the experimental data well.
However, the phase boundary γ′/ε as calculated using the thermodynamic dataset of the present
work agrees significantly better with the experimental data than the phase boundaries resulting
from the previous descriptions of References 41 and 43. The phase boundary γ′/ε is even better
described with the expressions given in Reference 228. However, in that work direct least-
squares fitting of the phase boundary was performed, yielding several expressions for different
temperature ranges. The thermodynamics of both the binary and ternary γ′ and ε phases are
discussed in a comparative manner in Sections 6.5.3 and 6.5.4, respectively.

Including the thermodynamic description of the liquid Fe–N phase from Reference 40 peri-
tectic melting of ε is predicted in the binary Fe–N system at 1654 K (1381 ◦C). A similar pre-
diction is obtained from the thermodynamic descriptions of the Fe–N system of References 40
and 41. The thermodynamic descriptions from References 39 and 43, however, predict a con-
gruent transition γ
ε. Since there is no corresponding experimental data available, no con-
clusion can be drawn which variant is correct. Nevertheless, the shape of the γ phase field as
predicted by References 39 and 43 seems unrealistic. Thus, the thermodynamic description in-
volving peritectic melting is the preferred one, at least until more experimental data is available.

At low temperatures, an α+ε equilibrium is predicted by the presently obtained thermody-
namic description, which disappears upon heating at 443 K (170 ◦C, see the dotted lines in Fig-
ure 6.1). The same feature at low temperature is predicted using the thermodynamic descriptions
from References 39,41 and 43. The appearance of an α+ε equilibrium at low temperatures is not
necessarily a modelling artefact: experimental investigations [229–231] suggested that ε was in
equilibrium with α at low temperatures (approximately ≤ 550K, 280 ◦C). Another work [134]
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Figure 6.3: Potential phase diagrams as calculated using the thermodynamic description from the
present work (solid lines), and as calculated using the descriptions from References 41 (dashed lines)
and 43 (dotted lines). For comparison, the phase boundary γ′/ε as given by Equations [14b/c] in
Reference 228 (dash-dot lines) and experimental data for the phase boundaries from References 20,
21, 28, 30, 208, 210, 214, 215, 217 and 222 are also shown. a) Using the activity of N as a variable
(reference state N2 gas at 1×105 Pa and the respective temperature). b) Using the nitriding potential
rN = pNH3/p3/2

H2
(multiplied with ◦p1/2 to obtain a dimensionless quantity) as a variable, which is a

measure for the activity of N [1].
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excluded the possibility of the α+ε equilibrium in the binary Fe–N system at low temperatures
and discussed the possible formation of the cubic α′′-Fe16N2 nitride as an equilibrium phase,
which was not included in the present assessment. At least at 623 K (350 ◦C) (and at higher
temperatures), precipitation of γ′ from ε was still observed [232]. However, due to the very
slow kinetics at those low temperatures it is difficult to reach a genuine equilibrium state and
this prohibits to draw a final conclusion. Finally, as a fine point, recent ab-initio calculations
pertaining to 0 K (−273 ◦C) [233, 234] indicate that a mechanical mixture of pure α-Fe and
ε-Fe3N with a gross N content of 20 at.% has a lower enthalpy than pure γ′-Fe4N, supporting
the occurrence of an α+ε equilibrium at low temperature. It is noted that this point was not
addressed specifically in these works [233, 234].

6.5.2 The ternary Fe–N–C system

A Scheil reaction scheme [156–158] illustrating the sequence of invariant reactions as resulting
from the present thermodynamic description of the Fe–N–C system is shown in Figure 6.4. The
temperatures of the invariant reactions in the Fe–N–C system as calculated using the thermo-
dynamic description of the present work can be compared in Table 6.4 with the corresponding
experimental data and the predictions as obtained using the thermodynamic descriptions from
References 41 and 43, which are the two thermodynamic descriptions giving the best agree-
ment with experimentally determined invariant temperatures (see Reference 82 and Chapter 4)
according to the detailed discussion in Chapter 4. Both Figure 6.4 and Table 6.4 use the des-
ignations for the invariant reactions introduced in Chapter 4. The possibilities for the sequence
of invariant reactions in the system Fe–N–C below 853 K (580 ◦C) have been discussed in de-
tail in Chapter 4, offering two possibilities realized by the previous various thermodynamic
descriptions for the Fe–N–C system [39, 41, 43, 45–47]. In the first case, upon cooling, the α+ε

equilibrium is replaced by the γ′+θ equilibrium via a single transition reaction U2, α+ε
γ′+θ.
In the second case, upon cooling, the γ′+θ equilibrium first appears via the pseudo-binary eu-
tectoid reaction e4, ε
γ′+θ, dividing the ε single phase field into two separate ε single phase
fields. Subsequently, the second ε single phase field vanishes via the ternary eutectoid reac-
tion E2, ε
α+γ′+θ. The thermodynamic description of the present work reproduces the first

sequence of invariant reactions (see Figure 6.4).
The temperature of the transitional reaction U2 as calculated using the dataset from the

present work (839 K, 566 ◦C) is only slightly below the value of the temperature for this re-
action as determined experimentally in Chapter 4 (842± 2K, 569± 2◦C). The here predicted
temperatures of the U1 and E1 invariant reactions are within the boundaries determined exper-
imentally for these reactions in Reference 82. The previous thermodynamic descriptions for
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Table 6.4: Comparison of the temperatures of the invariant reactions in the ternary Fe–N–C system,
using the designations for the invariant reactions introduced in Chapter 4. All values in K; as pre-
dicted by the present thermodynamic description and the descriptions from References 41 and 43
and as experimentally determined in the cited literature.

reaction experiment this work Reference 41 Reference 43

U1, γ+θ
α+ε 868–873 [82] 873 867 952
E1, γ
α+γ′+ε 853–863 [82] 857 859 857
U2 α+ε
γ′+θ 842±2 (see Chapter 4) 839 783 –
E2, ε
γ′+θ 840–844 (see Chapter 4) – – 833
e4, ε
α+γ′+θ 840–844 (see Chapter 4) – – 825

ε ⇌ γ′
c

ε ⇌ γ+γ′
e2

γ ⇌ α+γ′

e3

γ ⇌ α+γ′+εE1

α+ε ⇌ γ′+θU2

γ+θ ⇌ α+εU1

γ′+ε+θ

α+ε+θ

γ+ε+θ

α+γ′+θ

α+γ+ε

γ+γ′+ε

α+γ+γ′

α+γ+θ

T

binary Fe–N binary Fe–Cternary Fe–N–C

α+γ′+ε

839 K

857 K

873 K

964 K

923 K

865 K

γ ⇌ α+θ
e1 1000 K

Figure 6.4: Scheil reaction scheme representing the sequence of invariant reactions predicted by the
thermodynamic description from the present work, using the designations for the invariant reactions
introduced in Chapter 4.
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the system Fe–N–C [39, 41, 43–47] only describe a part of the invariant temperatures correctly
and give significantly deviating values for other ones (see the discussion in Chapter 4 and the
examples in Table 6.4). In contrast, the new thermodynamic description predicts correctly the
values of all invariant temperatures, as recently determined experimentally.

Isothermal sections of the Fe–N–C phase diagram as calculated using the thermodynamic
dataset derived in the present work at the (technologically relevant) temperatures of 853 K and
893 K (580 ◦C and 620 ◦C) are shown in Figure 6.5 together with the phase boundaries as pro-
posed in Reference 82 on the basis of EPMA investigations on nitrocarburising Fe specimens.
These experimental data have been used in the optimization process. It was not possible to
obtain an even better fit of the phase boundaries without allowing the formation of a large mis-
cibility gap in the ε phase. The agreement with the phase boundaries from Reference 82 at 853 K
(580 ◦C) is significantly better than as obtained by the predictions from References 41 and 45
and comparable to the phase boundaries resulting from the prediction from Reference 43 as
follows from Figure 8d in Reference 82. At the same temperature, according to the descriptions
from References 46 and 47, the α+ε equilibrium is non-existent or just disappearing. Therefore,
the phase boundaries resulting from these descriptions cannot be compared to experimental data
or to the phase boundaries resulting from the description from the present work. Further exper-
imental data points have been given in Figure 6.5a: (i) the single data point from Reference 88
for the phase boundary α+ε/ε shows higher N and lower C contents than predicted here; (ii) the
data points for the same phase boundary from Reference 94 (for 120 min and 240 min), however,
agree well with the calculations from the present work; (iii) recent experimental data measured
at 853 K (580 ◦C) for either the α+ε/ε or the α+ε+θ/ε equilibrium as presented in Chapter 2 also
agree well with the predictions from the present work.

At 893 K (620 ◦C), the agreement with the experimental data is also good, especially for the
γ single phase field, with the deviations between the data from Reference 82 and the calculated
phase boundaries being close to the accuracy of EPMA. There is a clear deviation at 893 K
(620 ◦C) for the phase boundary γ′+ε/ε. However, the phase boundary given there is an esti-
mation which is compatible with EPMA data presented in the same work but not based on a
thermodynamic model. In principle, the phase boundary as predicted by the thermodynamic de-
scription from the present work is compatible with the EPMA data from Reference 82, see their
Figure 8b. Thermodynamic calculations at the same temperature using the description from
Reference 41 showed significantly higher N contents an lower C contents in ε for the equilibria
with γ and especially θ than determined in Reference 82 and predicted by the thermodynamic
description from the present work.
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Table 6.5: The solubility of N in C-containing γ in equilibrium with N2 gas at 1×105 Pa as ex-
perimentally determined in Reference 226 and as predicted by the model from the present work.
Compositions expressed in mass fractions wN and wC.

T/K (T/◦C) wC/wt.%a wN ·102/wt.% (exp, [226]) wN ·102/wt.% (calc, this work)

1323 (1050) 0.57 2.28 2.04
1373 (1100) 0.44 2.25 2.03

0.75 2.12 1.82
1423 (1150) 0.43 2.18 1.95

0.50 2.18 1.90
0.76 2.00 1.75
0.76 1.94 1.75

1473 (1200) 0.46 2.08 1.86
0.50 2.07 1.84
0.78 1.88 1.68

aTheoretically, for the experiments considered in Reference 226, the activity of C is zero at the surface of the
specimen. However, as there is no decarburizing medium in the gas phase, C remains in the substrate.

Both, at 853 K (580 ◦C) and at 893 K (620 ◦C), the phase boundaries of the γ′ phase show
excellent agreement with those shown in Reference 82. The ternary γ′ single phase field given
there is, however, not based on quantitative experimental data, but has only estimative character.
The γ′ single phase field resulting from the model from the present work agrees well with the
EPMA data mentioned in Section 6.3.2.

The priority in the present work was to obtain a reasonable representation of the phase bound-
aries of γ at 893 K (620 ◦C) and to correctly describe the invariant temperatures. On this basis,
the parameter 0Lγ

Fe:C,N was optimized. In order to obtain a better description of γ in the range
of higher temperatures, a temperature dependence of 0Lγ

Fe:C,N could be introduced as soon as
more experimental data is available. Even though systematically too low, the here determined
prediction for the N solubility in carbon containing γ is already good, see the comparison of
experimental data [226] and the values predicted by the thermodynamic description from the
present work in Table 6.5.

6.5.3 The appropriateness of a model for the γ′ phase

In the present work, a different approach for modelling the thermodynamics of γ′ than in Ref-
erence 41 has been used. Instead of setting ◦Gγ′

Fe:Va equal to the Gibbs energy of γ-Fe and in-
troducing interaction parameters, ◦Gγ′

Fe:Va has been used as a model parameter. Its value should,
therefore, not be interpreted as the Gibbs energy of a hypothetical compound. The physical
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Figure 6.5: Isothermal sections of the Fe–N–C phase diagram calculated using the thermodynamic
description from the present work (solid lines) compared with phase boundaries proposed in Ref-
erence 82 (dashed lines). a) At 853 K (580 ◦C), also including separate data from References 88
and 94 and from Chapter 2. b) At 893 K (620 ◦C).
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meaning of the value of ◦Gγ′

Fe:Va− 4◦Gα
Fe can be understood as the Gibbs energy of N-vacancy

formation according to the formal reaction (1− x) Fe4N + 4x α-Fe 
 Fe4N1−x, as similarly
described in References 16 and Chapter 5. As mentioned in Section 6.4, the parameter ◦Gγ′

Fe:C

was adjusted in a way that the solubility of C in γ′ agrees well with the experimental equilib-
rium values. Therefore, a physical interpretation is even more difficult. Ab-initio calculations
performed in Reference 235 indicated a positive enthalpy of formation of γ′-Fe4C as it is the
case in the present work.

Experimentally obtained data for the relationship of the activity of N and the N content of
γ′ [20], for the binary Fe–N system, were discussed in detail in Reference 22. In that work mod-
elling was performed using three different approaches and the results were compared with the
thermodynamic description from Reference 41. The “Langmuir-type approach” in Reference 22
is identical to the model applied in the present work. The other two models (“Wagner-Schottky
(WS) approach” and “Gorsky-Bragg-Williams (GBW) approach”) allow for (dis)order of N.
In Figure 1 in Reference 22, a function characterizing the deviation of the thermodynamic data
from the expected values according to a Langmuir-type model (yielding a constant value for this
function), is plotted showing the good fit of the WS and GBW models to the experimental data
from Reference 20. Thus, it was concluded [22] that a model allowing for disorder is needed
in order to give a meaningful description of the thermodynamics of the γ′ phase, with the “WS
approach” and the “GBW approach” giving equally meaningful descriptions.

Using the expressions for the Gibbs energy of γ′ in Reference 236 it can be shown that also
the WS and GBW models, allowing for disorder of N, can be expressed in the compound en-
ergy formalism [51] using a sublattice model indicated by the formula unit Fe4(N,Va)(N,Va)3,
i.e., as compared to the sublattice model applied in the present work with the formula unit
Fe4(N,Va), with a second interstitial sublattice, and ideal (WS) or regular (GBW) interactions.
Following the conclusion from Reference 22, it was then tried to use a model equivalent to
the “WS approach” from Reference 22 in the binary Fe–N system. The optimization of the
model parameters, however, gave unreasonable results with e.g. γ′ replacing the γ phase or no
disorder in γ′ at all. This is caused by a lack of any direct experimental data quantifying disor-
der in γ′. Other approaches to the thermodynamics of the γ′ phase adopt the cluster variation
method [200–202,237], but the experimental data do not allow to prefer one or the other model:

If realistic errors for the N-content determination in Reference 20 are assumed (approxi-
mately 5%), the resulting deviations from the experimental results of the model used in the
present work can be ascribed to this experimental uncertainty. Therefore, and also because
the solubility of C in γ′ is considered, it was decided to adopt the two-sublattice model in the
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Figure 6.6: Comparison of the predicted relationship of N activity and N content for binary γ′ (solid
lines) and the experimental data from References 20 and 21

present work, giving a reasonable agreement of the predicted activity curves and the data from
References 20 and 21 (see Figure 6.6).

6.5.4 The thermodynamics of the ε phase

The values of the Gibbs energy of the end-members of ε, ◦Gε
Fe:C and ◦Gε

Fe:N have been taken from
previous descriptions [41,227]. The enthalpies of formation following from these Gibbs-energy
functions are compatible with recent ab-initio data from Reference 238, predicting negative
values close to the one following from the applied Gibbs-energy function for various ordering
states of nitrides with the formula Fe2N. The values for the corresponding carbides with the
formula Fe2C from Reference 238 are positive as it is the case for the Gibbs-energy function
applied in the present work, whereas they are considerably smaller.

The relationship of the activity of N and the N content in ε for the binary Fe–N system
as obtained from the present thermodynamic description is shown in Figure 6.7. The predic-
tion agrees well with the (rather inaccurate) experimental data (errors in the range of 5 at.% to
10 at.%) from Reference 225, as follows from Figure 6.7. Considering the more accurate data
from Reference 36, shown in Figure 6.7 as well, good agreement occurs in the region of low
N content and low N activity; at higher N activities lower N contents are predicted than exper-
imentally observed. It was not possible to reproduce these data better without losing the good
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and 225.

agreement with the two- and three-phase equilibrium data in which ε participates. In the present
work, the thermodynamics of the ε phase have been described focusing on correct description
of the available solid-solid equilibrium data. The description of the activity of N in ε on the
basis of the gas-solid equilibrium data from References 36 and 225 could be better described
by using models more explicitly considering the state of order in ε than that in the present case.

Several approaches have been presented in the literature to describe the thermodynamic be-
haviour of ε in the range of high N content, i.e. close to the maximum N content of xN = 1/3.
Descriptions on the basis of a long-range order, GBW model of ε have been presented in Ref-
erences 64, 65 and 66, similar to the approach mentioned above for γ′ [22], and descriptions
on the basis of the cluster variation method have been presented in References 200 and 203.
Finally, ordering in ε and also the equilibrium with orthorhombic ζ-Fe2N (not considered in the
present work), which can formally be described as ordered ε, have been investigated recently
by first-principles calculations [204]. Recognizing the large homogeneity ranges of N and C in
ε and the necessary extension of the binary model into the ternary Fe–N–C system, it is reason-
able to apply a sub-regular solution model for ε indicated by the formula unit Fe(C,N,Va)1/2,
and therefore handle all non-ideal (e.g. ordering) effects by introducing interaction parameters
instead of applying a physically more meaningful, but disproportionally complex long-range
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order model. This approach has been adopted in the present work, thereby enabling successful
description of the equilibria in both the binary Fe–N system and especially the ternary Fe–N–C
system.

In the present work, the function for ◦Gε
Fe:N has been taken from Reference 41. Comparison of

the Gibbs energy of ε-Fe2N as predicted by this function and by the thermodynamic description
for ε from Reference 43, i.e. setting yε

N = 1/2 for the 1:1 model applied there, shows that the
corresponding Gibbs-energy values are virtually identical over a large temperature range.

The relationships of the N and C activities and the N and C contents of ε at 843 K (570 ◦C)
have been plotted in Figure 6.8 together with the experimental data from Reference 95. The
agreement is very good for N. Compared to the experimental data, the predicted C contents
are too low for high N activities; for low N activities, the predicted values are closer to the
experimentally determined ones. Similar experimental investigations have been performed in
Reference 239, but are not included here recognizing the application of technical steels, i.e. a
high impurity content, for the specimens used in Reference 239.

A general trend visible in Figure 6.8 is the obvious mutual influence of N and C: an increase
in the C activity leads to a decrease of the N content and vice versa. This can be discussed as
follows:
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Simultaneous interstitial diffusion of N and C in ε is governed by the thermodynamic factor

ϑi j =
yi

RT
∂ µi

∂y j
(6.6)

with the chemical potential of component i (=N,C), µi, being the proportional constant between
the intrinsic diffusion coefficients and the corresponding self-diffusion coefficients [72,81] (see
also Chapter 2. It has been found that at both 823 K and 853 K (550 ◦C and 580 ◦C) the off-
diagonal components of ϑi j are positive (see Reference 81 and Chapter 2). This information
has been used as a constraint during the optimization: the thermodynamic description from the
present work results in positive values of the off-diagonal components of the thermodynamic
factor over a large composition range of ε. Only at low N and C contents, not covered by
the experimentally observable homogeneity ranges of ε, negative values of those off-diagonal
components of ϑi j occur.

The present thermodynamic description predicts that a small miscibility gap occurs in ε below
approximately 855 K (582 ◦C) close to the line connecting Fe2N and Fe2C. No experimental
data exist to (in)validate this result.

6.6 Conclusions

1. New thermodynamic descriptions for the Fe–N system and the Fe–N–C system have been
developed by focusing on the equilibria involving the γ′ and ε phases.

2. A simple ideal-solution model for the γ′ phase has been used to successfully describe
its homogeneity range; the past models either use considerably more model parameters
to yield a similar description of the experimental data or unrealistically model γ′ as a
stoichiometric phase.

3. In the binary Fe–N system, the new thermodynamic description reproduces the experi-
mental data better than previously published thermodynamic descriptions, especially the
γ′+ε equilibrium. The agreement with the experimental data for both the N content of ε

and the activity of N at the phase boundary γ′/ε has been improved significantly.

4. The thermodynamic descriptions available in literature cannot reproduce recently ob-
tained experimental data. Therefore, a thermodynamic description of the ternary Fe–N–C
system correctly describing especially the recently experimentally observed temperatures
of the invariant reactions has been developed. The new thermodynamic description for
the ternary Fe–N–C system also well reproduces the recently obtained experimental phase
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boundaries in the system as well as the (positive) off-diagonal components of the thermo-
dynamic factor (pertaining to diffusion in ε; as determined from experiments).
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Summary

The systems Fe–N, Fe–C and Fe–N–C are highly relevant for technically applied nitriding and
nitrocarburising of iron and steels [1, 2]. On the basis of recent studies [16, 29, 74–82], those
systems were further investigated in the present work. Therefore, nitriding and nitrocarburising
experiments were performed, using pure Fe, Fe–N and Fe–C alloys as substrates. Experimental
studies have been performed and presented in Chapters 2, 3 and 4. On the basis of these ex-
periments and data from the literature, new thermodynamic descriptions have been obtained in
Chapters 5 (Fe–C) and 6 (Fe–N and Fe–N–C).

7.1 Experimental

7.1.1 Specimen preparation

In total, three different alloys have been used that were prepared in a similar way. For the pure
Fe specimens and the Fe–N specimens, pure Fe (Alfa Aesar, 99.98 wt.%) was cast into ingots
of the dimensions 80mm×30mm×10mm. For the Fe–C specimens, Fe and C were cast into
an ingot of the same dimensions with a nominal composition corresponding to the eutectoid
composition in the Fe–C phase diagram [3]. The ingots were cold-rolled to a thickness of about
1 mm and cut into rectangular specimens of 20mm×12mm. The specimens were ground and
polished to a final thickness of 0.5 mm to 1.0 mm, depending on the designated use.

The pure Fe and Fe–N specimens were recrystallised. The Fe–N specimens were treated at
853 K over night in an atmosphere containing 10.6 vol.% NH3 and 89.4 vol.% H2, resulting in
pure α-Fe[N] with a N content of 0.36 at.% to 0.38 at.%. The Fe–C specimens were encap-
sulated in fused silica tubes containing Ar and treated in a crucible furnace at approximately
1273 K (γ range) for 1 h and cooled on a metallic surface. This heat treatment resulted in a fine
pearlitic microstructure.
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Before the nitriding or nitrocarburising treatments, the specimens were polished again with
1 µm diamond suspension.

7.1.2 Nitriding and nitrocarburising treatments, secondary annealing

Nitriding and nitrocarburising treatments were performed in a fused silica tube furnace at tem-
peratures of 823 K to 873 K (controlled within ±1K), with treatment times of 1 h to 16 h. The
furnace is equipped with gas supplies for NH3, H2, CO, CO2, CH4 (not used in this work), H2O
and N2. Therefore, defined activities of N and C can be controlled, which, in an ideal case,
also define the resulting phase and composition at the surface of the specimen [1, 23, 24]. The
treatment is terminated by quenching the specimen in water, lifting it into the cold zone of the
furnace or setting the heating power to zero, resulting in different cooling rates.

Secondary annealing of some of the nitrided or nitrocarburised and encapsulated specimens
was performed at 673 K to 773 K for 5 min to 16 h.

7.1.3 Specimen characterisation

For qualitative phase analysis, all specimens were investigated by XRD in a Philips X’Pert
MPD diffractometer using Co-Kα radiation. Cross-sections were manufactured by embedding
a piece of each specimen in resin and grinding and polishing. For light-microscopical analysis,
the specimens were etched in 1 % Nital containing some HCl [90, 123]. Some specimens were
further stained using Groesbeck solution [124]. Correspondingly resulting micrographs were
used for layer-thickness measurements using the software Olympus Stream. EPMA analysis
was performed on a Cameca SX 100 using the un-etched, polished cross-section, quantifying
Fe, N and C. For EBSD analysis, an additional oxide polishing step using Struers OPS was
applied. EBSD analysis was performed on a LEO 438VP SEM. The resulting EBSD maps
were evaluated using the software EDAX OIM Analysis 7 [140].

7.2 Results and discussion

7.2.1 N and C interstitial diffusion and thermodynamic interactions in
ε-iron carbonitride

In a recent study, simultaneous diffusion of N and C in ε/γ′ double layers at 823 K was in-
vestigated [81]. In Chapter 2, diffusion of N and C in pure ε layers and θ/ε double layers at
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853 K was investigated, expanding the basic method of Reference 81 to distinctly different mi-
crostructures. By the combination of light-microscopical analysis of layer-growth kinetics and
concentration-depth profiles obtained by EPMA, the full diffusivity matrix in ε in the consid-
ered N and C concentration range was determined. Other than in Reference 81, the resulting
concentration-depth profiles had a strong curvature, preventing the use of a linear function for
fitting. Instead, an error function with a phenomenological parameter was used.

A new graphical evaluation method did not only yield values for the components of the dif-
fusivity matrix, but also provided direct information about their errors and, thereby, the quality
of the obtained data. The diffusivity matrix has been determined as

D(853K) =

(
DNN DNC

DCN DCC

)
=

(
50 4.9
4.9 5.5

)
×10−15 m2 s−1. (7.1)

The values are consistent with both binary [105, 108, 112, 113, 115] and ternary [81] diffusion
data from the literature.

From the ratios of the components of the diffusivity matrix, ratios of the thermodynamic
factors, a purely thermodynamic quantity can be obtained. In agreement with the data from
Reference 81, those ratios were shown to be positive, which cannot be reproduced using the
thermodynamic description of the ε phase from Reference 41, but agrees with the thermody-
namic description from Reference 43. The positive values of the off-diagonal components of
the diffusivity matrix imply a strong influence of the N (C) concentration-depth profile on the
C (N) flux.

Further investigations showed that, in principle, the values of the diffusivity matrix as deter-
mined in Chapter 2 can also be applied to other microstructures, e.g. ε/γ′/ε triple layer resulting
from nitriding of Fe–C alloys.

7.2.2 Microstructural development and crystallographic properties of
decomposing Fe–N–C compound layers

In the last years, several studies on Fe–N–C compound layers have been performed, see Refer-
ences 29, 75, 81 and 82 and Chapter 2. Thereby, the specimens were always quenched in order
to terminate the nitriding/nitrocarburising treatment. In the case of technical nitriding and ni-
trocarburising, these fast cooling rates cannot be achieved. Therefore, the development of θ/ε
and ε layers forming at 853 K and θ/ε/γ and ε/γ layers forming at 873 K upon slow cooling has
been investigated in Chapter 3.
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The γ phase formed only at the higher treatment temperature of 873 K. It was found to decom-
pose into a α+γ′+θ microstructure resembling a combination of typical lamellar pearlite [136]
and coarsened granular braunite [137], which could in principle occur via a metastable eutectoid
reaction according to γ
α+γ′+θ.

Upon slow cooling, ε decomposed into a plate-like microstructure. EBSD investigations
revealed that the plates consist of γ′ and ε with an orientation relationship according to

{0001}hcp ‖ {111}γ′,〈2̄110〉hcp ‖ 〈11̄0〉γ′, (7.2)

which has already been found between γ′ and ε in the literature [142–144] Furthermore, some
coarse γ′ grains were found occurring in the former ε (sub)layer.

In order to investigate the decomposition of ε in detail and simulate the slow cooling pro-
cess in a more controlled manner, secondary annealing experiments at 673 K and 773 K were
performed on quenched specimens. Thereby, the plate-like structure was observed even at very
short annealing times. This instability of ε can be explained by thermodynamics: the ε single-
phase field extends to rather small N and C contents at higher temperatures. Upon slow cooling
or annealing, the composition of ε thus formed close to the substrate lies in a two or three
phase field. At longer annealing times, coarse γ′ were observed, eventually forming a closed γ′

sublayer growing back in the direction of the surface of the specimen.

7.2.3 The α+ε two-phase equilibrium in the Fe–N–C system –
experimental investigations and thermodynamic calculations

In contrast to early experimental works [83,84,129], the occurrence of an equilibrium of α and
ε in a narrow temperature range is recognised in all recent thermodynamic descriptions of the
system [39,41,43,45–47]. However, these thermodynamic descriptions predict (i) two different
sequences of invariant reactions leading from the γ′+θ equilibrium to the α+ε equilibrium upon
increasing temperature and (ii) distinctly different temperatures of those reactions.

In a former work, the range in which those reactions occur could already been narrowed down
to 833 K to 843 K [75]. In Chapter 4, the α+ε equilibrium was studied again in detail. Ther-
modynamic calculations using the thermodynamic descriptions from the literature revealed that
two different variants for the (sequence of) invariant temperatures leading from the α+ε equi-
librium at higher temperatures to the γ′+θ equilibrium at lower temperatures are realised: type I
represents the transition via the single invariant reaction α+ε
γ′+θ, while type II involves the
ternary eutectoid reaction ε
α+γ′+θ followed by the pseudo-binary eutectoid reaction ε�γ′+θ.
Experimental investigations were designed in particular to determine both the temperature(s)
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and the type of the (sequence of) invariant reactions. Therefore, experiments at small temper-
ature steps between 823 K and 863 K were performed. Due to the difficult establishment of
equilibrium close to the invariant temperature, it was impossible to obtain microstructures di-
rectly proofing the occurrence of one of the both types of (sequence of) invariant reactions. The
temperature range in which these reactions occur, however, could be narrowed down to 840 K
to 844 K.

7.2.4 A thermodynamic model for non-stoichiometric cementite; the Fe–C
phase diagram

Indications for a non-stoichiometry of cementite have been found frequently in the past [5–15].
However, the data were either not accurate enough or the experimental conditions did not allow
establishment of equilibrium, preventing the inclusion of a homogeneity range of cementite in
former thermodynamic models of the Fe–C system [31–34].

Recently, the C-vacancy content of cementite in equilibrium with α or γ has been quantified in
a large temperature range [16]. Therefore, it was possible to apply these data in order to obtain
a new thermodynamic description of the cementite phase in Chapter 5, correctly describing
its homogeneity range in equilibrium with those phases. The new thermodynamic description
preserves the well-established invariant equilibria in the Fe–C system and was shown to be
compatible with various literature data.

7.2.5 Thermodynamics of the Fe–N and Fe–N–C systems; the Fe–N and
Fe–N–C phase diagrams revisited

Various thermodynamic descriptions of the Fe–N [31, 35–43] and Fe–N–C [39, 41, 43–47]
systems exist in the literature. Experimental investigations from the last years, see Refer-
ences 29, 75, 79 and 82 and Chapters 2–4, however, show disagreement of the ternary descrip-
tions from the past. Also for the Fe–N system, new data is available [30, 82].

Therefore, new thermodynamic descriptions of both the Fe–N system and the Fe–N–C sys-
tem have been provided in Chapter 6. As thermodynamic description of the Fe–C subsystem,
the model obtained in Chapter 5 was used. Compared to the thermodynamic descriptions from
the past, the new thermodynamic description of the Fe–N system improves especially the agree-
ment for the γ′/ε equilibrium. Using the newly obtained data on the invariant temperatures in the
Fe–N–C system from Reference 82 and Chapter 4 and the phase boundaries determined exper-
imentally in Reference 82 as a basis, the optimisation of the thermodynamic description of the
ternary Fe–N–C system has been performed. The new thermodynamic description described
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both the older literature data and the recently obtained experimental information correctly. Fur-
thermore, the correct sign of the off-diagonal components of the thermodynamic factors as
determined experimentally in Reference 81 and Chapter 2 is reproduced.
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Kapitel 8

Zusammenfassung

Die Systeme Fe–N, Fe–C und Fe–N–C sind sehr bedeutsam für das technisch angewandte Ni-
trieren und Nitrocarburieren von Eisen und Stählen [1,2]. Auf Basis von Studien aus den letzten
Jahren [16, 29, 74–82] wurden diese Systeme in der vorliegenden Arbeit weiter untersucht. Da-
zu wurden Nitrier- und Nitrocarburierexperimente an reinem Fe, Fe–N- und Fe–C-Legierungen
durchgeführt. Die experimentellen Studien sind in den Kapiteln 2, 3 und 4 dargestellt. Die auf
Basis dieser Experimente und zusätzlicher Literaturdaten erlangten neuen thermodynamischen
Beschreibungen dieser Systeme sind in den Kapiteln 5 (Fe–C) und 6 (Fe–N und Fe–N–C) dar-
gestellt.

8.1 Experimentalteil

8.1.1 Probenherstellung

Für die Untersuchungen in der vorliegenden Arbeit wurden drei unterschiedliche Legierun-
gen verwendet, die auf ähnliche Weise hergestellt wurden. Für die Reineisenproben und die
Proben aus der Fe–N-Legierung wurde reines Eisen (Alfa Aesar, 99.98 wt.%) in prismatische
Barren abgegossen (80mm×30mm×10mm). Für die Proben aus der Fe–C-Legierung wurde
Fe und C mit einer Soll-Zusammensetzung, die der eutektoiden Zusammensetzung im Fe–C-
Phasendiagramm entspricht [3], in Barren der gleichen Dimensionen abgegossen. Durch Kalt-
walzen wurden Bleche mit einer Dicke von etwa 1 mm hergestellt und aus diesen rechteckige
Proben (20mm× 12mm) herausgetrennt. Die Proben wurden je nach Verwendungszweck auf
eine Dicke von 0.5 mm bis 1 mm geschliffen und anschließend poliert.

Die Reineisenproben und Fe–N-Proben wurden rekristallisiert. Die Fe–N-Proben wurden in
einer Atmosphäre, die aus 10.6 vol.% NH3 und 89.4 vol.% H2 zusammengesetzt war, bei 853 K
über Nacht nitriert. Dabei wurde reines α-Fe[N] mit einem N-Gehalt von 0.36 at.% bis 0.38 at.%
erhalten. Die Fe–C-Proben wurden unter Ar-Atmosphäre in Quarzglas eingeschmolzen und für
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1 h bei etwa 1273 K in einem Tiegelofen austenitisiert. Anschließend wurden sie bei Raumtem-
peratur auf einer metallischen Oberfläche abgekühlt, wodurch ein feines perlitisches Gefüge
erhalten wurde.

Vor den Nitrier- und Nitrocarburierbehandlungen wurden die Proben erneut mit Diamantsus-
pension (1 µm Körnung) poliert.

8.1.2 Nitrier- und Nitrocarburierbehandlungen, Auslagerungsversuche

Die Nitrier- und Nitrocarburierversuche wurden in einem Quarzglas-Röhrenofen bei Tempe-
raturen von 823 K bis 873 K (auf 1 K genau geregelt) mit Behandlungszeiten von 1 h bis 16 h
durchgeführt. Der verwendete Ofen kann Atmosphären mit definierter Zusammensetzung aus
NH3, H2, CO, CO2, CH4 (in dieser Arbeit nicht verwendet), H2O und N2 bereitstellen, um die
Aktivitäten von N und C in der Gasphase zu steuern. Im Idealfall stellt sich dabei ein Gleichge-
wicht an der Oberfläche der Probe ein, das bestimmt, welche Phase mit welcher Zusammenset-
zung an der Oberfläche der Probe auftritt [1, 23, 24]. Der Versuch kann durch Abschrecken in
Wasser, Heben der Probe in die kalte Zone des Ofens oder Reduktion der Heizleistung auf null
beendet werden. Dabei werden verschiedene Abkühlraten erreicht.

Auslagerungsversuche wurden mit nitrierten oder nitrocarburierten Proben, die in Quarzglas
eingeschmolzen wurden, bei Temperaturen von 673 K bis 773 K und Behandlungszeiten zwi-
schen 5 min und 16 h durchgeführt.

8.1.3 Untersuchungsmethoden

Alle Proben wurden einer qualitativen Phasenanalyse durch Röntgenbeugung unterzogen, bei
der ein Philips X’Pert MPD-Diffraktometer mit Co-Kα-Strahlung verwendet wurde. Querschlif-
fe der Proben wurden hergestellt, indem ein Stück der Probe in Kunststoff eingebettet wurde
und anschließend geschliffen und poliert wurde. Für lichtmikroskopische Untersuchungen wur-
den die Proben mit 1 % Nital, das etwas HCl enthält, geätzt [90, 123]. Manche proben wurden
außerdem mit Groesbeck-Lösung behandelt [124]. Die entstehenden Bilder wurden für Schicht-
dickenmessungen mit der Software Olympus Stream verwendet. Für die Mikrosondenmessun-
gen an ungeätzten, polierten Querschliffen wurde eine Cameca SX 100 Mikrosonde verwendet,
um gleichzeitig den Gehalt an Fe, N und C zu bestimmen. Für die EBSD-Messungen wur-
den die Proben zusätzlich mit Struers OPS oxidpoliert. Die Messungen wurden an einem LEO
438VP-Rasterelektronenmikroskop durchgeführt. Die entstehenden Daten wurden mit der Soft-
ware EDAX OIM Analysis 7 ausgewertet [140].
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8.2 Ergebnisse und Diskussion

8.2.1 Interstitielle Diffusion von N und C und thermodynamische
Wechselwirkungen in ε-Eisencarbonitrid

Eine Arbeit aus den letzten Jahren beschäftigte sich mit der gleichzeitigen Diffusion von N
und C in ε/γ′-Doppelschichten bei 823 K [81]. Daraufhin wurde in Kapitel 2 die Diffusion
von N und C in reinen ε-Schichten und θ/ε-Doppelschichten bei 853 K untersucht und da-
bei das grundlegende Verfahren aus der vorherigen Arbeit [81] auf grundlegend andere Mi-
krostrukturen erweitert. Durch die Verbindung von lichtmikroskopischen Untersuchungen der
Schichtwachstumskinetik und mit der Mikrosonde gemessenen Konzentrations-Tiefen-Profilen
konnten alle Komponenten der Diffusionskoeffizientenmatrix in ε im betrachteten Zusammen-
setzungsbereich bestimmt werden. Im Gegensatz zu früheren Untersuchungen [81] wurde eine
starke Krümmung der Konzentrations-Tiefen-Profile beobachtet, was die Annäherung als linea-
re Funktion verhinderte. Stattdessen wurde eine Fehlerfunktion mit einem phänomenologischen
Parameter verwendet.

Eine neuartige graphische Auswertungsmethode lieferte nicht nur die Werte der einzelnen
Komponenten der Diffusionskoeffizientenmatrix, sondern auch Informationen über die jewei-
ligen Fehlergrenzen der Komponenten und damit die Qualität der erhaltenen Daten. Die be-
stimmte Diffusionskoeffizientenmatrix lautet

D(853K) =

(
DNN DNC

DCN DCC

)
=

(
50 4.9
4.9 5.5

)
×10−15 m2 s−1. (8.1)

Die Werte der Komponenten lassen sich mit Literaturwerten für binäre [105,108,112,113,115]
und ternäre [81] Diffusion in Einklang bringen.

Aus den Verhältnissen der Komponenten der Diffusionskoeffizientenmatrix lassen sich die
Verhältnisse der thermodynamischen Faktoren, einer rein thermodynamischen Größe bestim-
men. Die bestimmten Verhältnisse sind wie in einer früheren Arbeit [81] positiv. Dieses Verhal-
ten lässt sich nur mit der thermodynamischen Beschreibung der ε-Phase von Kunze [43], nicht
aber mit derjenigen von Du [41] erklären. Die positiven Werte der Kreuz-Komponenten der Dif-
fusionskoeffizientenmatrix deuten auf einen großen Einfluss des Konzentrations-Tiefen-Profils
von N (C) auf den Diffusionsfluss von C (N) hin.

Weitergehende Untersuchungen zeigten, dass sich die Werte der Diffusionskoeffizientenma-
trix im Prinzip auch auf andere Mikrostrukturen anwenden lassen, z.B. ε/γ′/ε-Dreifachschichten,
die beim Nitrieren von Fe–C-Legierungen auftreten.
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8.2.2 Entwicklung der Mikrostruktur und kristallographische
Eigenschaften von sich zersetzenden Fe–N–C-Verbindungsschichten

In den letzten Jahren wurden viele Untersuchungen an Fe–N–C-Verbindungsschichten durch-
geführt [29, 75, 81, 82], siehe auch Kapitel 2. Dabei wurden die Proben abgeschreckt, um die
Nitrier-/Nitrocarburierbehandlungen zu beenden. Beim technischen Nitrieren und Nitrocarbu-
rieren können so hohe Kühlraten nicht erreicht werden. Daher wurde in Kapitel 3 die Entwick-
lung von θ/ε- und ε-Schichten, die sich bei 853 K bilden, und θ/ε/γ- und ε/γ-Schichten, die sich
bei 893 K bilden, beim langsamen Abkühlen untersucht.

Die γ-Phase wurde nur bei der höheren Behandlungstemperatur von 873 K gebildet. Sie zer-
setzt sich beim Abkühlen in eine Mikrostruktur, die wie eine Kombination von lamellarem Per-
lit [136] und vergröbertem körnigem Braunit [137] wirkt. Diese Zersetzung lässt sich formal
durch eine metastabile eutektoide Reaktion γ
α+γ′+θ erklären.

Beim langsamen Abkühlen zersetzt sich ε in eine plättchenenartige Mikrostruktur. EBSD-
Untersuchungen zeigten, dass diese Platten aus γ′ und ε bestehen, die zueinander in einer Ori-
entierungsbeziehung nach

{0001}hcp ‖ {111}γ′,〈2̄110〉hcp ‖ 〈11̄0〉γ′ (8.2)

stehen, die bereits in der Literatur nachgewiesen wurde [142–144]. Außerdem bildeten sich
gröbere γ′-Körner in der ehemaligen ε-(Sub-)Schicht.

Um die Zersetzung von ε im Detail zu untersuchen und den Abkühlprozess auf kontrollier-
te Art zu simulieren, wurden Auslagerungsversuche bei 673 K und 773 K an abgeschreckten
Proben durchgeführt. Dabei wurde die plättchenartige Mikrostruktur bereits bei sehr kurzen
Auslagerungszeiten beobachtet. Die Instabilität von ε kann durch die Thermodynamik erklärt
werden: Das ε-Einphasengebiet dehnt sich bei höheren Temperaturen bis hin zu relativ gerin-
gen N- und C-Gehalten aus. Bei niedrigeren Temperaturen, die beim langsamen Abkühlen oder
Auslagern auftreten, liegt die Zusammensetzung, mit der ε nahe des Substrates gebildet wur-
de, in einem Zwei- oder Dreiphasengebiet. Nach längeren Auslagerungszeiten wurden grobe
γ′-Körner beobachtet, die schließlich eine geschlossene γ′-Schicht bilden, die sich rückwärts in
Richtung der Oberfläche ausbreitet.
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8.2.3 Das α+ε-Zweiphasengleichgewicht im Fe–N–C-System –
experimentelle Untersuchungen und thermodynamische
Berechnungen

Im Unterschied zu frühen experimentellen Arbeiten [83, 84, 129] wurde das Auftreten eines
Gleichgewichts zwischen α und ε in allen neueren thermodynamischen Beschreibungen des
Systems Fe–N–C anerkannt [39, 41, 43, 45–47]. Allerdings weichen diese thermodynamischen
Beschreibungen stark voneinander ab, indem sie (i) zwei unterschiedliche (Abfolgen der) invari-
ant(en) Reaktion(en) und (ii) deutlich verschiedene Temperaturen vorhersagen, bei denen diese
invarianten Reaktionen auftreten, durch die bei steigender Temperatur das γ′+θ-Gleichgewicht
durch das α+ε-Gleichgewicht ersetzt wird.

Eine frühere experimentelle Arbeit konnte bereits den Temperaturbereich, in dem diese Re-
aktionen auftreten, auf 833 K bis 843 K eingrenzen [75]. In Kapitel 4 wurde das Gleichge-
wicht zwischen α und ε erneut im Detail untersucht. Thermodynamische Berechnungen mit
den thermodynamischen Beschreibungen aus der Literatur zeigten, dass zwei verschiedene Va-
rianten für die (Abfolge der) invariant(en) Reaktion(en), die bei steigender Temperatur das γ′+θ-
Gleichgewicht in das α+ε-Gleichgewicht überführen, auftreten: Typ I steht für den Übergang
in einer einzelnen Reaktion α+ε
γ′+θ, während bei Typ II die ternäre eutektoide Reaktion
ε
α+γ′+θ und die pseudo-binäre eutektoide Reaktion ε�γ′+θ auftreten. Experimentelle Un-
tersuchungen mit kleinen Temperaturschritten zwischen 823 K und 863 K wurden gezielt dazu
entworfen, um die Temperatur(en) und den Typ der (Abfolge der) invariant(en) Reaktion(en) zu
bestimmen. Da sich allerdings die Gleichgewichte nahe der invarianten Temperatur(en) nur sehr
langsam einstellen, war es nicht möglich, Mikrostrukturen zu erhalten, die eindeutig nachwei-
sen, welche (Abfolge der) invariant(en) Reaktion(en) auftritt. Der Temperaturbereich, in dem
diese Reaktion(en) auftritt/auftreten konnte auf 840 K bis 844 K eingegrenzt werden.

8.2.4 Ein thermodynamisches Modell für nicht-stöchiometrischen
Zementit; das Fe–C-Phasendiagramm

Hinweise auf die Nicht-Stöchiometrie von Zementit wurden in der Vergangenheit bereits häufig
gefunden [5–15]. Dennoch verhinderten entweder die Qualität der Daten oder die experimentel-
len Bedingungen, die das Einstellen eines Gleichgewichts nicht erlaubten, dass ein Homogeni-
tätsbereich für Zementit mit in die früheren thermodynamischen Beschreibungen des Systems
Fe–C [31–34] einbezogen wurde.

In einer kürzlich veröffentlichten Arbeit wurde der C-Leerstellenanteil von Zementit im
Gleichgewicht mit α oder γ über einen großen Temperaturbereich quantifiziert. Dadurch war es
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möglich, diese Daten anzuwenden, um in Kapitel 5 eine neue thermodynamische Beschreibung
von Zementit zu erhalten, die seinen Homogenitätsbereich im Gleichgewicht mit diesen Phasen
korrekt beschreibt. Die neue thermodynamische Beschreibung reproduziert die gängigen Daten
für die invarianten Gleichgewichte im System Fe–C und ist kompatibel mit thermodynamischen
Daten aus der Literatur.

8.2.5 Thermodynamik der Systeme Fe–N und Fe–N–C; die Fe–N- und
Fe–N–C-Phasendiagramme

In der Literature existieren bereits viele thermodynamische Beschreibungen für das Fe–N- [31,
35–43] und das Fe–N–C-System [39,41,43–47]. Die Übereinstimmung der Vorhersagen dieser
Modelle mit experimentelle Untersuchungen aus den letzten Jahren [29, 75, 79, 82] (siehe auch
Kapitel 2–4) ist allerdings nicht ausreichend. Für das binäre Fe–N-System sind ebenfalls neuere
Daten verfügbar [30, 82].

Auf Basis der neuen Daten wurden daher in Kapitel 6 neue thermodynamische Beschrei-
bungen des Systeme Fe–N und Fe–N–C erstellt. Für das System Fe–C wurde das Modell aus
Kapitel 5 verwendet. Die neue thermodynamische Beschreibung des Systems Fe–N verbessert
vor allem die Übereinstimmung mit den experimentellen Daten für das Gleichgewicht γ′/ε. Die
neue thermodynamische Beschreibung des ternären Fe–N–C-Systems reproduziert sowohl äl-
tere als auch neue experimentelle Daten korrekt. Außerdem wird das korrekte Vorzeichen der
thermodynamischen Faktoren, die in einer früheren Arbeit [81] und in Kapitel 2 bestimmt wur-
den, vorhergesagt.
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