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Abstract

The microscopic mechanisms behind the transformation from the amor-
phous Si-C-N ceramics to the polycrystalline material are studied by iso-
lating its fundamental steps. Si-C-N amorphous ceramics, amorphous
and crystalline silicon carbide, and carbon, are numerically modeled by
means of classical molecular dynamics. The interatomic interactions are
modeled by the Tersoff many-body empirical potential.

In the first part amorphous Si-C-N materials are studied. We show
how the atomic structures of these ceramics depend on their chemical
composition. Amorphous systems are obtained by rapid cooling from
high temperatures. We find that the atomic structures depend on the
relative concentration of silicon and nitrogen, regardless of the carbon
amount. In particular, for a stoichiometric nitrogen/silicon ratio > 4/3,
the atoms separate into two amorphous phases, a sp? hybridized C-rich,
and a Si/N-rich one. In this phase, silicon atoms form mainly SiN4 and
mixed Si(C,N)4 tetrahedra. Far above the 4/3 ratio, we find Si/N-rich
domains, where Si atoms are more than four-fold coordinated, and are
surrounded by graphitic monolayers. In another set of simulations, the
thermal evolution of a Si-C-N system is followed by annealing it at high
temperatures. Volume shrinkage of ~ 12% is observed and diffusion ac-
tivation energies of 3.43 eV for Si, 3.63 eV for C, and 2.94 €V for N are
calculated. We find that carbon atoms are the slowest atomic species in
the amorphous network.

In the second part of this work we study the crystal growth of silicon
carbide from the amorphous phase. In a preliminary set of simulations,
the study of diamond crystal growth demonstrates that empirical po-
tentials can predict crystallization processes in complex covalent, com-
pounds. The crystal growth of a seed of cubic SiC into the amorphous
material is then investigated. The dependence of the growth process on
the crystallographic orientation of the crystalline/amorphous interface is
studied by considering three different crystal planes, namely the {100},
{110}, and {111} planes. We observe the crystal growth only for the
{110} and the {111} orientations, but not for the {100} ones. All inter-
faces after the annealing have a common atomic structure: Silicon {111}
layers, triple bonded to the bulk. Moreover, we find that the preferen-
tial growth directions are the <110> ones, perpendicular to the {110}
surfaces. Crystal growth proceeds by faceting on the {111} planes.
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Zusammenfassung und Ausblick
FEzxtended abstract and outlook in german

Silizium-Kohlenstoff-Stickstoff ~ (Si-C-N)-Keramiken sind kovalente
Nichtoxid-Keramiken, die sich durch eine einzigartige thermische,
chemische und mechanische Stabilitidt auszeichnen. Diese Eigenschaften
machen sie zu geeigneten Kandidaten fiir den Hochtemperatureinsatz
in Motoren- und Gasturbinenbauteilen.

Ein Verfahren zur Herstellung dieser kovalenten Keramiken stellt die
thermische Zersetzung von metall-organischen Prekursor-Polymeren
dar. Dieser Prozess fiihrt zu oxidfreien amorphen Si-C-N-Keramiken,
die bis in den atomaren Bereich homogen sind. Dartiber hinaus kann das
Gefiige bis zu einem gewissen Grade durch die Wahl geeigneter Polymer-
Prekursoren bestimmt werden.

Wegen der geringen Beweglichkeit der drei atomaren Bestandteile
bleiben Si-C-N-Keramiken bis zu hohen Temperaturen von 7' ~ 1800 K
in ihrem amorphem Zustand. Vermutlich sind diese Materialien
auch deshalb thermisch, chemisch und mechanisch stabil.  Wenn
aber die Si-C-N-Materialien bei hohen Temperaturen angelassen wer-
den, gehen schlieflich viele wiinschenswerte Eigenschaften dieser amor-
phen Keramiken verloren. In der Tat erfolgt ein Ubergang in
die thermodynamisch stabilen Phasen Graphit, a-SizNy4, £-SiC und
gasformiges No, wobei das amorphe Netzwerk zerstort wird. Die
beobachtete Volumenabnahe und Rissbildung in Si-C-N-Keramiken
kénnen auf Kristallisationsprozesse zuriickgefiihrt werden. Der Mech-
anismus dieses Phaseniiberganges ist immer noch nicht ganz ver-
standen. Es wird angenommen, dass er aus einer schrittweisen
Anderung des Gefiiges besteht, die — eingeleitet durch eine Umord-
nung der Polymer-Netzwerkstruktur wihrend der Wiarmebehandlung
— zu einer Phasenseparation in Doménen fiihrt, die reich an Kohlen-
stoff, Silizium/Stickstoff bzw. Silizium/Kohlenstoff sind. Die Anderung
in den lokalen chemischen Verhéltnissen und die Bildung der Gas-
phase (Entweichen von N»-Molekiilen) unterstiitzen duflere und innere
Kristallisation der jeweiligen Phasen, d. h. von Graphit, Siliziumnitrid
(a-SizNy) und kubischem Siliziumkarbid (5-SiC).
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In der vorliegenden Arbeit wurden die mikroskopischen Vorginge, die
dem I"Jbergang von der amorphen Keramik zum polykristallinen Mate-
rial zugrundeliegen, untersucht, indem die entscheidenden Schritte ge-
trennt betrachtet wurden. Diese Teilschritte umfassen die atomistische
Struktur der Si-C-N-Keramiken im Zustand ihrer Entstehung, ihre ther-
mische Entwicklung und schlief8lich ihre Kristallisation. Das Ziel dieser
Arbeit war es, Erkenntnisse iiber diese Phianomene auf atomarem Niveau
ZU gewinnen.

Si-C-N-Materialien wurden numerisch durch die klassische Moleku-
lardynamik (MD) modelliert, bei der die interatomaren Wechsel-
wirkungen geméfl der newtonischen Mechanik beschrieben werden.
Tatséchlich gehen die Zeit- und Langenskalen der untersuchten Vorginge
iiber die Moglichkeiten der ab initio-Berechnungen hinaus, bei denen
quantenmechanische Effekte beriicksichtigt werden. Die Wahl der klas-
sischen MD ist daher durch die Probleme bestimmt. Dies schliefit die
Verwendung von empirischen Potenzialen zur Beschreibung der inter-
atomaren Wechselwirkungen ein. Fiir vorwiegend kovalent gebundene
Materialien wie Si-C-N ist das beste verfiighare empirische Potenzial
das von J. Tersoff entwickelte, das auf dem Konzept der bond order
beruht. Die potenzielle Energie wird als Summe von Paarwechselwirkun-
gen beschrieben, wobei jedoch der Vorfaktor des attraktiven Anteils, der
die Rolle der bond order spielt, von der lokalen Umgebung der Atom-
paare abhingt und auf diese Weise zu einem Mehrkorperpotenzial fiihrt.

Diese Arbeit ist in zwei Teile gegliedert. Der erste befasst sich mit
der Simulation der amorphen Si-C-N-Strukturen, der zweite mit dem
Kristallwachstum von kubischem SiC.

Im ersten Teil wurde die atomare Struktur der homogenen Si-C-N-
Materialien mit verschiedenen Zusammensetzungen simuliert und dann
die thermische Entwicklung eines bestimmten Systems, das dem experi-
mentellen System V7150 entspricht , betrachtet. Obwohl leistungsfahige
Analysemethoden zur Verfiigung stehen, ist das Gefiige der amorphen
Si-C-N-Keramiken nicht vollsténdig bekannt. Insbesondere stellt sich
die Frage, ob eine Phasenseparation in amorphe Doméanen bereits in
den hergestellten Keramiken auftritt oder ob die Phasenseparation eine
Folge von nachfolgender Warmebehandlung ist. Dies ist eine wichtige
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Frage, denn die Phasenseparation ist der erste Schritt in Richtung auf
eine Zersetzung der Keramiken bei hoher Temperatur.

Experimentell kann man Si-C-N Keramiken in weiten Grenzen mit einer
gewiinschten chemischen Zusammensetzung herstellen. In der vorliegen-
den Arbeit sollte der Einfluss der Zusammensetzung auf das Gefiige un-
tersucht werden. Zu diesem Zweck wurden die atomaren Strukturen
von verschiedenen Si-C-N-Systemen simuliert. Die Ergebnisse stimmen
mit den experimentellen Resultaten tiberein und kénnen folgendermafien
zusammengefasst werden:

(i) Die lokale Struktur in der Umgebung von Siliziumatomen hingt —
unabhéngig von der Kohlenstoffkonzentration — vom Stickstoff/Sili-
zium-Verhéltnis ab. Tm Allgemeinen stellt man fest, dass stets gemi-
schte Si(C,N)4 Tetraeder vorliegen. Fiir ein N/Si-Verhéltnis um 4/3
beobachtet man eine Phasentrennung in eine amorphe SigNy4-reiche
Phase was experimentell Machgewiesen wurde.

(if) Kohlenstoff ist immer im Mittel dreifach koordiniert und liegt in
gemischten planaren C(Si,C)s-Strukturen vor. Die lokale Struktur
in der Umgebung von Kohlenstoff hingt von der Menge des zur
Verfligung stehenden Siliziums ab, das heif3t der nicht durch Stick-
stoff abgeschirmten Siliziumatome. Es werden sp? C-reiche Doménen
beobachtet, wenn das Verhéltnis C/Si grofl genug ist. Im extremen
Fall, wenn kein verfiigbares Silizium vorhanden ist, d.h. wenn Siliz-
ium vollstindig durch N abgeschirmt wird, bilden sich graphitische
Monolagen innerhalb des Materials.

Anschlielend wurde die thermische Entwicklung eines ausgewihlten
Si-C-N-Systems simuliert. Die potentielle Energie, die Dichte und die
Diffusionskoeffizienten wurden wihrend des Erhitzens von Raumtemper-
atur bis zu sehr hohen Temperaturen von 7' ~ 4000 K untersucht. Ein
Minimum der potentiellen Energie bei T' ~ 1800 K wurde gefunden, das
einer Verdichtung des Materials von 2,17 auf 2,47 gem 2 entspricht; die
Volumenabnahme betragt ungefdhr 12%. Die folgenden Aktivierungse-
nergien fiir die atomare Diffusion wurden berechnet: 3,43 eV fiir Si,
3,63 eV fiir C und 2,94 eV fiir N. Nach diesen Rechnungen besitzen
Kohlenstoffatome die héchste Aktivierungsenergie, was bedeutet, dass
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sie die langsamste Atomart im Netzwerk darstellen. Phasensepara-
tion erfolgt deshalb vor allem aufgrund der Si- und besonders der N-
Beweglichkeit.

Bevor versucht wurde, Kristallwachstum zu simulieren, war es
notwendig zu zeigen, dass empirische Potenziale die Kristallisa-
tionsvorgénge in komplexen kovalenten Verbunden beschreiben kénnen.
Eine vorldufige Untersuchung des Kristallisationsvorganges in Kohlen-
stoff lieferte unerwartete Ergebnisse. Kristallwachstum eines Diamant-
keimes wurde simuliert durch Temperaturbehandlung einer kubischen
Zelle von amorphem bzw. kristallinem Kohlenstoff (Diamant), die
eine kristallin/amorph-Grenzfliche enthielt. Diamant stellte dabei den
Kristallisationskeim dar. Kristallwachstum erfolgte mit verschiedenen
Wachstumsraten, die von der Anlasstemperatur abhingig waren. Eine
mittlere Aktivierungsenergie fiir das Kristallwachstum von ~ 2,9 eV
wurde berechnet. Anschlielend wurde die Auswirkung einer Korngrenze
im Diamantkeim untersucht. Das Wachstum der Grenzfliche und die
Bildung von Defekten wurden dabei beobachtet. Schlielich wurde das
grofte Flachen/Volumen-Verhéltnis berechnet, das der Keim besitzen
muss um Kristallisation einzuleiten.

Diese Ergebnisse zeigen, zusammen mit den Literaturdaten der Silizium-
kristallisation , dass MD-Simulationen in der Lage sind, die Kristallisa-
tion dieser beiden einkomponentigen kovalenten Systeme (Silizium und
Kohlenstoff) mit kubischer Symmetrie zu modellieren.

Die Kristallisation von kubischem SiC aus dem amorphen Zustand
wurde dann durch die Temperaturbehandlung einer kubischen Zelle
von amorphem und $-SiC, die durch eine kristallin/amorph-Grenzflache
getrennt sind, studiert. [-SiC dient dabei als Kristallisationskeim.
Die Abhéngigkeit des Wachstumsprozesses von der kristallographischen
Orientierung der kristallin/amorph-Grenzfliche wurde durch Betrach-
tung von drei verschiedenen Kristallebenen als Grenzflache, der {100}-
, {110}- und {111}-Ebenen, untersucht. Im betrachteten Druck-
Temperatur-Bereich wurde fiir die {110}-Ebenen, die {111}-Ebenen
mit Einfachbindungen und die {111}-Ebenen mit Dreifachbindungen
Kristallisation beobachtet. Es wurde festgestellt, dass die <110>-
Richtungen die bevorzugten Wachstumsrichtungen sind. Daraus wurde
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aber gefunden, dass das Wachstum abbricht oder sich um Gréflenord-
nungen verlangsamt, wenn sich {111}-Siliziumlagen bilden, die dreifach
mit dem Kristall gebunden sind. Es wurde geschlossen, dass das Wach-
stum durch Facettierung parallel zu den {111}-Kristallebenen erfolgt
und dass Si-terminierte Flichen vorherrschend sind. Dies steht in guter
I"Jbereinstimmung mit experimentellen Daten.

Zusammenfassend kann man feststellen: In der vorliegenden Arbeit
wurde der Ubergang von der amorphen Si-C-N-Keramik zu einem
polykristallinen Material untersucht, indem die grundlegenden Schritte
einzeln betrachtet wurden. Zuerst wurde die Phasenseparation unter-
sucht, indem die Abhéingigkeit der atomaren Struktur von der chemis-
chen Zusammensetzung von Si-C-N betrachtet wurde. Dabei wurde ins-
besondere die Bildung monoatomarer graphitischer Lagen beobachtet.
Die Simulation der thermischen Entwicklung von Si-C-N erlaubte dann,
die Volumenabnahme und die atomare Diffusion zu beobachten und zu
quantifizieren. Schliefllich wurden die mikroskopischen Mechanismen
untersucht, die beim Kristallwachstum von -SiC aus dem amorphen Zu-
stand auftreten. Es wurde gefunden, dass das Kristallwachstum entlang
bevorzugter Kristallebenen erfolgt und dass Si-terminierte Oberfléchen
gebildet werden.

Die Ergebnisse dieser Arbeit stehen in guter Ubereinstimmung mit expe-
rimentellen Daten. Dariiber hinaus sagen sie das Verhalten der betrach-
teten Materialien unter Bedingungen voraus, die experimentell nicht
zuginglich sind; auf diese Weise konnen allgemeine Schluifolgerungen
gezogen werden.

Dies Arbeit er6ffnet daher neue Perspektiven fiir das Studium kovalenter
Keramiken mit MD-Simulationen. So sind z. B. die Auswirkung duflerer
Spannungen auf das Gefiige der amorphen und polykristallinen Si-C-N-
Materialien sowie die atomaren Prozesse, die die Oxidation begleiten,
wichtige offene Fragen. In der Tat miissen keramische Materialien, die
fiir Anwendungen bei hoher Temperatur verwendet werden, ausgezeich-
nete Eigenschaften beziiglich Oxidationsbesténdigkeit, Kriechverhalten
und Bruchfestigkeit haben
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Auflerdem wurde kiirzlich entdeckt, dass aus Prekursor-Polymeren her-
gestellte Si-C-N-Keramiken, die Bor enthalten, eine hohere thermische
Stabilitét besitzen konnen als ternédre Si-C-N-Keramiken . Das Gefiige
des amorphen Si-B-C-N-Materials sowie die atomaren Mechanismen,
die bei der Kristallisation und der mechanischen Belastung beteiligt
sind, sind nicht vollstindig bekannt. Erste Simulationen von Si-B-C-N-
Systemen wurden mit dem Ziel durchgefiihrt, die Zuverlissigkeit des
Wechselwirkungspotenzials zu priifen, wenn im Si-C-N-System Bo-
ratome enthalten sind.

Ein entscheidender Punkt bei der Phasenseparation, der zur Zerset-
zung des amorphen Materials fiihrt, ist die Diffusion von Atomen im
amorphen Netzwerk. FEine weitere interessante Erweiterung sind de-
shalb das Auffinden einer Methode zur Berechnung des “Freien Volu-
mens” in Si-C-N- und Si-B-C-N-Materialien und die Untersuchung seines
Einflusses auf die atomare Diffusion und auf die mechanischen Eigen-
schaften dieser Materialien.



Chapter 1

Introduction

Silicon carbon nitride Si-C-N ceramics are covalent non-oxide ceramics
which possess unique high thermal, chemical, and mechanical stability
making them suitable candidates for high temperature applications [1].
A preparation method of these covalent ceramics is the thermal degra-
dation of precursor organic polymers [2, 3, 4]. This process results in
oxide-free amorphous Si-C-N ceramics very homogeneous down to the
atomic level. Moreover, the microstructure can be, up to a certain level,
designed by choosing the appropriate polymer precursors [5, 6, 7]. The
final composition Si,CyN,. of the ceramic products depend on the par-
ticular polymer structure and generally falls within the limits of the
three-phase region C-SiC—SizN, in the phase diagram of the Si-C-N
system [8, 9]. The amorphous character of these materials has been
demonstrated by X-ray diffraction and microscopic analysis [10, 11, 12].

Si-C-N ceramics remain in their amorphous metastable state up to high
temperatures around 1800 K. However, when these materials are an-
nealed at higher temperatures many desirable properties of the amor-
phous ceramic are eventually lost. In fact, the amorphous material
undergoes a transition into the thermodynamically stable crystalline
phases, namely graphite, a-SigN,, $-SiC, and gaseous N,. The inter-
connecting amorphous network is therefore destroyed. This transition
is accompanied by shrinking and cracking of the Si-C-N materials.

The crystallization behavior of these polymer-derived ceramics is be-
lieved to consist in a stepwise change of the microstructure, initiated by
the rearrangement of the polymer network structure during heat treat-
ment, which leads to phase separation into carbon-rich, silicon/nitrogen-
rich, and silicon/carbon-rich amorphous domains. The change in lo-
cal chemistry and the formation of the gas phase (escape of molecu-
lar nitrogen, N») support outer and inner crystallization of the rela-
tive phases, graphite, silicon nitride (@-SizNy), and cubic silicon carbide
(B-SiC) [9, 11, 12, 13]. However, the crystallization temperature of the
ceramics exceeds considerably the crystallization temperatures of amor-
phous SiC (~ 1270 K [14]) and of amorphous SizN, (~ 1470 K [15]).
To explain this peculiarity, recent results [16, 17] have pointed out that

1
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the silicon/nitrogen and the silicon/carbon phases could coexist in a sin-
gle amorphous phase, named am-SiC'N. The carbon-rich phase would
stand apart and is often referred to as ”free carbon” phase [18, 19].
The structure of the am-SiC'N phase and its structural modification
during annealing have been extensively investigated by means of nu-
clear magnetic resonance, high resolution electron microscopy, and by
neutron and electron diffraction [9, 10, 11, 12, 18, 20, 21, 22]. Despite
these studies, the atomic structure of the amorphous, as well as the com-
plete mechanism of the phase transformation leading to crystallization
and degradation of the ceramics, are still not completely known.

The aim of our work has been to shed light on the atomistic scale of
these materials structures and on the microscopic mechanisms involved
in their degradation.

Si-C-N materials are numerically modeled by classical molecular dyna-
mics (MD) methods where the atomic interactions are modeled accord-
ing to newtonian physics laws. In fact, the time and length scales of
the phenomena we want to study go beyond the possibilities of ab initio
calculations where quantum mechanical effects are taken explicitely into
account. The choice of classical MD is therefore problem driven. This
implies the use of empirical potentials to model the atomic interactions.
For strongly covalent materials like Si-C-N the best available empirical
potential is the one developed by J. Tersoff [23, 24].

The simulations are divided in two major parts, one dealing with the
simulation of amorphous Si-C-N structures and the other dealing with
crystal growth. In the first part, we simulate the atomic structure of
Si-C-N homogeneous materials with different compositions and then fol-
low the thermal evolution of one particular system, experimentally very
well characterized, named V150 [10, 21]. In the second part, after pre-
liminary simulations on diamond crystal growth, we simulate the crystal
growth of cubic SiC from the amorphous phase at high pressure.
Besides the crystallization process of the amorphous Si-C-N ceramics,
the crystallization of cubic SiC from the amorphous material is a prob-
lem of general scientific interest. In fact, among the different SiC poly-
types, crystalline cubic SiC is a widely applied ceramic, having high
values of electron mobilities, critical electric field, and thermal conduc-
tivity.



Parts of the original calculations upon which this thesis is based, have
been published in Refs. [25] and [26].

This thesis is organized as follows. In Chapter 2 we give a literature
survey on precursor-derived ceramics. In Chapter 3 we describe the
modeling of the ceramics by classical molecular dynamics. In Chapters 4
and 5 we report the results of the simulations. Finally, in Chapter 6
conclusions and perspectives are outlined.






Chapter 2

Precursor-Derived Si-C-N Ceramics

Structural ceramics for high temperature applications should embody
the following properties: oxidation resistance, chemical stability, resis-
tance to creep cavitation at interfaces, sufficient toughness at ambient
temperature, and thermal shock resistance [1].

Silicon carbonitride ceramics (Si-C-N) are covalent non-oxide ceramics
with unique properties like high strength and toughness [27], high chem-
ical and thermal stability [9, 28], as well as good oxidation [29, 30, 31]
and creep resistance [32, 33, 34, 35, 36], combined with low density.
These properties are exhibited over a wide temperature range, mak-
ing them suitable candidates for high temperature applications such as
structural parts for motor engines, gas turbines, catalytic heat exchang-
ers and combustion systems.

Conventionally, amorphous Si-C-N ceramics are synthesized through
powder sintering. Due to the low self-diffusion of covalently bonded
atoms, sintering aids like yttria, alumina or magnesia have to be added
for the densification process. These sintering aids are of oxide type and
therefore degrade the above mentioned unique properties of the ceram-
ics. Since Verbeek and Winter [2] and Yajima et al. [3] succeeded in the
mid 1970s in obtaining Si-C-N and SiC fibers from organo-silicon poly-
mers, it is now well established that these ceramics can also be produced
by pyrolysis (thermal treatment) of appropriate polymeric pre-ceramic
compounds, yielding silicon-based non-oxide ceramics [4]. This prepa-
ration method allows the fabrication of materials with high purity and
atomic homogeneity because the elements that compose the final ce-
ramic are already bonded to each other on the atomic level within the
starting precursor. Moreover it provides a means for controlling and de-
signing the microstructure of ceramic materials in a totally innovative
and successful way [5, 6, 7, 37].

The pyrolysis of organo-silicon polymers promotes the organic—inorganic
transition at low temperatures ~ 1100 - 1400 K, giving an amorphous
material. The “as pyrolized” ceramics have very low atomic mobilities
and thus remain amorphous up to rather high temperatures ~ 1800 K.
Further heat treatment at higher temperatures promotes crystallization

5
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into the thermodynamically stable phases. This results in a partially or
entirely crystallized material. Crystallization depends strongly on the
chemical composition and microstructure of the materials and on the
atmosphere applied. Under certain conditions, crystallization can be
delayed up to 1800°C, like in Si-B-C-N ceramics where boron atoms are
included in the Si-C-N network [38, 39, 40, 41, 42]. However, crystalline
materials, too, are of great interest since their microstructure can be
controlled during the process. This can provide a way of stabilizing the
desired nano-sized crystal morphologies [29].

To exploit the full potential of polymer ceramics, comprehensive knowl-
edge of the effect of polymer architecture on the ceramization mecha-
nism, and on the final microstructure after amorphous/crystalline trans-
formation is required.

In this chapter we first describe the synthetic path to precursor-derived
Si-C-N ceramics, then we resume the observations and calculations
meant to understand the crystallization processes, and finally we de-
scribe some technical applications.

2.1 Preparation of the Amorphous
Ceramic

The complete process for the formation of precursor-derived amorphous
ceramics is outlined in Fig. 2.1. Tt consists in three major steps. One
further step is responsible for the crystallization of the ceramic.

e Synthesis of precursor polymers starting from suitable organo-slicon
monomers.

e Cross-linking of precursors to give three dimensional pre-ceramic net-
works.

e Pyrolysis (thermal treatment) of pre-ceramic networks that are
transformed into inorganic amorphous materials (organic/inorganic
transition). Pyrolysis temperatures usually range from ~ 1100 to
~ 1400 K.
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l Polymerization

Precursor
polymer

l Cross-linking
Preceramiq
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ORGANIC

INORGANIC Pyrolysis

Amorphous
ceramic

l Crystallization

Crystalline
ceramic

Figure 2.1: Synthetic path to precursor-derived ceramics.

e Crystallization of the amorphous solid into thermodynamically sta-
ble phases via different metastable intermediates.

The general idea behind the ceramization process is to generate pre-
ferred structural features in the organo-silicon precursor network and to
subsequently transform the precursors into ceramics under retention of
the specially designed building blocks. Pyrolysis must thereby include a
series of controllable condensation steps to give the specific architecture
of the desired ceramic material.

The pyrolysis of polymer precursors is a rather complex process that in-
volves many chemical reactions in the solid state as well as in the gas
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phase. This process has been studied extensively for different precursors
polymers by many researchers, among which J. Bill, F. Aldinger, and
coworkers [8, 10, 20, 43]. It has been found that the breaking of cova-
lent bonds during the precursor-ceramic conversion is accompanied by
the loss of carbon-, hydrogen-, and nitrogen-containing gaseous species,
leaving pores in the material and giving rise to density changes. How-
ever, owing to the open porosity, the gaseous reaction products of the
conversion can be removed without the formation of cracks. The physi-
cal nature of the porosity can be classified in three ways. The first two
types can be addressed as open porosity and closed porosity. The open
pores, which are initially accessible by an external fluid (or gas), change
their topology to pinch off into pores which are totally enclosed within
the matrix (close porosity), as the material densifies [44]. Generally, such
pores are much larger than the molecular dimension. The residual open
porosity is of the order of 10% [4, 45] for bulk ceramics. The third type
of porosity gives rise to nanopermeability in the material, is determined
by its molecular structure and it is usually referred to as ”free volume”.

The difficulties in making dense bulk materials limits the Si-C-N ce-
ramics applications for low dimensionality-systems, such as thin films,
fibers, etc. Moreover, near net shape manufacturing of polymer-derived
ceramics is difficult to perform and requires either passive or reactive
filler materials to inhibit the shape distortion.

Different types of polymers can be used for the cross-linking and sub-
sequent ceramization. The two organo-silicon polymer precursors of
Si-C-N ceramics are carbon-containing polysilazanes and polysilylcar-
bodiimides. We will not discuss in detail the polymer synthesis from
the monomers, an exhaustive review has been recently written by Wein-
mann and Aldinger [7]. Starting from different polymers precursors
yields to ceramics having different chemical compositions and therefore
different atomic structures leading to different mechanical and thermal
properties. The ternary composition diagram in Fig. 2.2 shows three
types of Si-C-N ceramics. Precursor polysilylcarbodiimides, rich in ni-
trogen, usually give ceramics with compositions located on the tie-line
C—Si3Ny (a), while ceramics derived from polysilazanes with the gen-
eral structure [(R')(R?)Si-NH],, (R!, R? = single-bonded organic units)
are located in the three-phase field SiC-Si3gN4,~C (b). Compositions lo-
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cated in the three-phase field SiC-SizN4—Si (c¢) were recently obtained
by co-pyrolysis of polycarbosilane and perhydridopolysilazane [12].

N

(b) (©
C Sic S

Figure 2.2: Ternary Si-C-N composition diagram. (a) composi-
tions on the tie-line C-SizNy; (b) compositions in the three-phase
field SiC-SizN4—C; (c) Compositions located in the three-phase field
SiC-SizN4—Si.

2.2 High temperature behavior

Due to the low self-diffusion of the atomic species, precursor-derived
Si-C-N ceramics are kinetically stable in their amorphous state at
high temperatures. However, solid amorphous materials are in a non-
equilibrium state and therefore tend towards crystallization. The crys-
tallization process is started from a phase separation into different
amorphous domains. In fact, spectroscopic methods such as solid-
state magic angle spinning nuclear magnetic resonance (MAS-NMR),
Raman spectroscopy, electron spin resonance (ESR), high resolution
transmission electron microscopy (HRTEM) and infrared (IR) spec-
troscopy in combination with X-ray diffraction (XRD) and wide- and
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small-angle neutron scattering, reveal a partial segregation of the amor-
phous ceramic into structural units that refer to the thermodynami-
cally stable phases. In other words, a phase separation of amorphous
silicon/nitrogen-rich, silicon/carbon-rich, and/or carbon-rich domains is
observed [9, 11, 12, 13, 16, 18, 19, 28, 46]. This phase separation de-
pends on the chemical composition of the precursors as well as on their
atomic structure. At higher temperature the amorphous domains trans-
form into crystalline a-SigNy, £-SiC, and eventually graphitic C. This
transformation is accompanied by escape of gaseous N, leading to crack
formation. Further heat treatment leads the polycrystalline ceramic to
decomposition. A complete understanding of the process and of the sin-
gle steps involved in it is still missing.

In order to get some theoretical understanding of the underling thermo-
dynamics of the phenomena, Seifert and coworkers [28] have calculated
the phase equilibria and made thermal analysis of the Si-C-N ceram-
ics. From their work, it turned out that the decomposition at high T' of
these ceramics is mainly controlled by the following reactions:

SisNy + 3C —» 3SiC+2N, (T=1757 K, P=1013 mbar N,)
SizNy —> 3Si+2N, (T=2114 K, P=1013 mbar N»)

These decomposition reactions depend strongly on the nitrogen partial
pressure. Increasing this pressure to 10 bar, for example, results in a
shift of the decomposition temperature to ~ 2000 K for the first reaction,
in presence of "free” C. As mentioned above, the chemical composition
influences the high temperature properties. Here, we discuss briefly the
decomposition behavior of two different Si-C-N ceramics, namely V7150
and NCP200 [10, 20, 21], having different compositions. The first has
stoichiometry Sis4C43N33 and has been obtained by pyrolysis of com-
mercially available poly(vinylsilazane), while the second has stoichiome-
try Siz7;Cs32N3; and has been obtained by pyrolysis of polyperhydridosi-
lazane. The calculated phase diagram obtained by Seifert and cowork-
ers [28] is reproduced in Fig. 2.3. The (a) diagram represents phase
equilibria for 1687 K< T <1757 K. In this temperature range three 3-
phase regions are stable: 1) C-Si3N4—N(gas), 2) C-SizN4—SiC, and 3)
SizN,—SiC-Si(liquid). Below 1687 K (melting point of silicon), the last
phase is composed of solid Si. The composition of V150 is located in
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the tie-line SizN,~C. Assuming quantitative segregation into the pure
stable phases, the sample will be, after crystallization, composed of sil-
icon nitride (a-SizN4) and graphite. The composition of the NCP200
material is located within the 3-phase region C-Si3N4—SiC. Accordingly,
a fully crystalline material would be made of graphite, cubic silicon car-
bide ($-SiC), and silicon nitride crystallites. The calculations predict
that raising the temperature to above 1757 K (Fig. 2.3(b)), leads to the
thermal carbo-reduction of SizNy, according to the above mentioned de-
composition reaction. The expected quantitative loss of nitrogen in the
case of VT'50 ceramic should result in the formation of a SiC/C compos-
ite, while NC'P200 should give a composition located on the SigN,—SiC
tie-line. The calculations have been confirmed by X-ray diffraction ex-
periments of annealed ceramic samples. For temperature above 2114 K
SizN4 decomposes into single elements, liquid Si and gaseous Ns.

2.3 Applications

The wide variety of available organo-silicon polymers offers exceptional
opportunities for the development of PDCs. In fact, bulk ceramics,
fibers, coatings, fiber matrix composites and near-net shape components
are achieved.

Bulk ceramics can be obtained by polymer powder compaction, usually
achieved by cold, warm, or hot isostatic or uniaxial pressing (depending
on the physical/chemical properties of the precursor) and subsequent
ceramization. The polymer powder compaction process for the prepara-
tion of PDC bulk objects by cold isostatic pressing (CIP) was developed
by Riedel et al. [4, 47].

The absence of low-melting grain boundary phases in precursor-derived
materials leads to extraordinary high temperature mechanical proper-
ties that can be very different from those of sintered ceramics. Christ
et al. [40] as well as Thurn et al. [34] observed that the temperature de-
pendence of the creep behavior of Si-C-N ceramics is comparably low
and qualitatively the same for all temperatures.

PDC coatings can protect sensitive substrates from hydrolysis, oxida-
tion, corrosion, and erosion. In contrast to chemical and physical vapor
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deposition, which are expensive procedures for obtaining ceramic coat-
ings, the formation of ceramic coatings by a dip-coating process is a
rather simple and comparably economic process. The substrate is intro-
duced into a solution of the polymer precursor, pulled out, dried, and
subsequently thermolyzed. The thickness of the adherent polymer layer
can be varied by changing parameters such as pull-out velocity, solu-
tion viscosity, polymer concentration, and the number of the coating—
thermolysis cycles. High velocity, viscosity, and polymer concentration
result in an increase of the polymer (and thus ceramic) layers in thick-
ness and vice versa. Unfortunately, with increasing thickness, coatings
tend to crack during pyrolysis. This is mainly a consequence of the loss
of gaseous by-products during the heat treatment and an increase in
density during the polymer-to-ceramic transformation.

A multifaceted field, which is currently under investigation, is the protec-
tion of carbon-fiber-reinforced ceramic composites from oxidation, hy-
drolysis, and erosion by PDC coatings. Because of their high maximum
application temperature and low density, carbon-fiber-reinforced com-
posites are very promising materials for realizing mechanical chargeable,
light-weight structures with a high potential for aerospace applications.

The fabrication of high-modulus refractory ceramic fibers requires con-
trollable polymer rheology and adjustable polymer reactivity. Precursor
fibers are obtained by either melt or dry spinning. Different principles
for fiber processes such as extrusion, down drawing from preforms, or
up drawing from precursor melt or solutions are known. Once spun the
precursor fiber is rendered infusible by subsequent curing, which repre-
sents an additional chemical surface reaction. Without this step, fiber
integrity is lost because of melting and/or creep of the green fiber be-
fore full transformation into the ceramic state.

Even though many Si-C-N precursors have been published since the
mid-1970s, there are only very few procedures described in the litera-
ture dealing with the conversion of such polymers into ceramic fibers.

Fiber-reinforced ceramic matrix composites (CMCs) have been shown to
exhibit extraordinary thermo-mechanical properties combined with low
density. They are consequently highly interesting candidates for many-
fold applications under severe conditions, especially in aerospace. CMCs
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can be obtained by different methods. The most established procedures
are liquid-phase routes, gas-phase routes, or their combination.



CHAPTER 2. PRECURSOR-DERIVED SI-C-N CERAMICS

14
N © VI50
A NCP200

SIC+Si3Ny/ SiyN,+SIC
+liquid

+graphite

(b)

Si;N,+SIC
+liquid

SiIC +gas
+graphite

C SC

SiC +gas
+liquid

SiC +gas
+graphite

S

C ScC

Figure 2.3: Ternary Si-C-N phase diagrams including compositions of

ceramics VT50 (triangles) and NCP200 (rhombs) at P=1 atm N, at dif-

ferent temperatures: (a) 1687 K< T <1757 K; (b) 1757 K< T <2114 K;
(¢) T >2114 K. Decomposition of as-pyrolized VT50 ceramics above
2114 K occurs in one step delivering SiC/C composites, whereas decom-

position of NCP200 ceramic proceeds in two steps [10, 28].



Chapter 3

Modeling of Covalent Ceramics by
Molecular Dynamics

Materials are made of interacting atoms and their physical and chemical
behavior is governed by the laws of electromagnetism and of quantum
mechanics. Going one step further, a system of interacting atoms is
an assembly of nuclei and electrons. With the exception of very light
atoms (H, He) the nuclear motion obeys to a very good approximation,
in most circumstances, the laws of classical mechanics. In any state
of aggregation (gaseous, solid, liquid) the nuclei are subject to thermal
motion.

When the system is in thermal equilibrium, the nuclear kinetic energy
fluctuates around the average value dictated by the equipartition theo-
rem at the given temperature. Molecular dynamics (MD) is a technique
for computing the equilibrium properties of a classical many-body sys-
tem, once the interactions are known.

The motion of IV classical particles is governed by Newton’s equation:

dV(R) &R
T Tar Mae (3:-1)
R =(ry,ro,...1rN) (3.2)

where V' (R) is the potential energy, and R is the set of all Cartesian
coordinates of their centres of masses, i.e. a vector in a 3N-dimensional
space. F is the force acting on the particles, and a is the acceleration
vector. This is a set of 3N coupled linear differential equations, which
we integrate numerically for a certain interval of time At, as explained
in appendix A.

In this work we have used the IMD (ITAP Molecular Dynamics)
code, developed at the Institut fiir Theoretische und Angewandte
Physik [48, 49, 50].

The crucial ingredient in MD simulations in order to simulate a multi
atomic system is, besides nuclear masses, the potential energy V(R)
summarizing the interatomic interactions. The term “force field” is

15
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sometimes used as a synonymous. This force field, which holds the
system together, is of electronic nature: therefore its behavior is very
far from the classical limit, and would require solving the many-electron
Schrédinger equation while the system evolves in time. Nowadays, this
is indeed possible (so-called ab-initio MD), but only when sizes N and
times ¢ are smaller, by several orders of magnitude, than those envisaged
in the present research and dictated by the nature of the materials we
are addressing. It is therefore mandatory, as in most MD simulations, to
rely on a classical force field which models the interatomic interactions.
The mathematical formulation of the potential depends on the chemical
and physical nature of the system studied. For covalent materials, a
successful model has been proposed by J. Tersoff some years ago [23,
24, 51, 52, 53].

No matter how large the simulated system is, its number of atoms N
is negligible compared with the number of atoms contained in a real
macroscopic system (order of 10%%), and the ratio between the number
of surface atoms and the total number of atoms would be much larger
than in reality, causing surface effects to be much more important
than what they should. A solution to this problem is to use periodic
boundary conditions (PBC). When using PBC particles are enclosed
in a box, and we can imagine this box replicated to infinity by trans-
lation in all three Cartesian directions. All the “image” particles move
together, and only one of them is represented in the computer as shown
schematically in Fig. 3.1.

3.1 Thermodynamic and structural
properties

MD is a deterministic technique: given an initial set of positions and
velocities, the subsequent time evolution is in principle completely de-
termined. The computer generates a series of time-correlated points, a
trajectory, in a 6/N-dimensional phase space whose coordinates are the
three Cartesian components of position vectors r; and momentum vec-
tors p;. However, such trajectory is usually not particularly relevant by
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Figure 3.1: Periodic boundary conditions, a two dimensional system.
Particles can enter and leave each box across each of the four edges. In
a three-dimensional example, particles would be free to cross any of the
six cube faces. Particles interact with real and image particles which
are within the potential cut-off distance.

itself. The link between calculated trajectories and macroscopic observ-
able is statistical mechanics.

According to statistical mechanics, macroscopic observables can be cal-
culated as averages over all configurations distributed according to the
Boltzmann probability function. If a representative collection of config-
urations can be generated then the sum over all states can be approxi-
mated by an average over a finite set of configurations. Representative
here means that the number of configurations with a given energy is
proportional to that given by the Boltzmann distribution, and that all
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“important” parts of the phase space are sampled. We can denote such
points in phase space by their positions and momenta, where M is the
number of points.

1 M
M ZX(I‘i,Pi) (3.3)

A collection of configurations is called an ensemble. (X)ar, the macro-
scopic calculated observable, is an ensemble average. If the configura-
tions are generated by following the time evolution of the system, as in
MD methods, the average is formally a time average. By the ergodic hy-
pothesis this is assumed to give the same as an average over an ensemble.

(X) = lim = / X(t)dt = lim —ZX (3.4)

T—00 T M—oco M

A trajectory obtained by MD provides the desired set of configurations.
Therefore, a measurement of a physical quantity by simulation is simply
obtained as an arithmetic average of the various instantaneous values
assumed by that quantity during the MD run. In order to obtain an
acceptable the statistical error, the averaging is typically performed on
10% — 10° points in phase space.

3.1.1 Temperature and pressure

The temperature is related to the average kinetic energy and can be
calculated with the help of the equipartition theorem:

(3N No)kgT = = <Zm v > (3.5)

M

Where (3N — N¢) is the number of degrees of freedom, equal to three
times the number of particles minus the number of constraints N¢.
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The pressure can be calculated by making use of the virial theorem. The
virial
1
W= > or £y (3.6)
i<j
describes the deviation of the equation of state of a van der Waals gas
from an ideal gas due to the interactions between the atoms. r;; is the
distance vector between the i-th and the j-th atom, f;; is the interaction
force between them. In order to obtain the total pressure P, the average
virial value has to be added to the equation of state of the ideal-gas:

PV = NkgT + <W>M (37)

An ensemble may be characterized by parameters which are fixed, and
those which can be derived from the simulation data. Ensembles gen-
erated by MD methods are naturally of the NV E type (constant num-
ber of particles, constant volume and constant potential energy). This
method can be modified to simulate other ensembles like the NVT (con-
stant volume and temperature) or the NPT (constant pressure and
temperature). The NPT ensemble is of special importance because it
relates directly to most experimental conditions. Details of these tech-
niques can be found in Ref. [54]. The MD calculations in this work were
performed in the NVT and in the NPT ensembles.

3.1.2 Distribution functions

Distribution functions measure the average value of a property as a
function of an independent variable. A typical example is the radial
distribution function g(r) which measures the probability of finding a
particle as a function of distance from a ‘typical’ particle, relative to
that expected from a completely uniform distribution (i. e. an ideal gas
with density N/V'). The radial distribution function is defined as

g(r) = lim g(r,Ar) (3.8)

o=
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where N (r, Ar) is the number of particles between r and r + Ar from
another particle, and 47r2Ar is the volume of a spherical shell with
thickness Ar. By construction, g(r) = 1 in an ideal gas. Any deviation
of g(r) from unity reflect correlations between the particles due to in-
termolecular interactions. The position of the first peak gives the mean
length of the chemical bond, while the integral area under the peak gives
the number of atoms involved in the bond.

For amorphous solid systems and for molecular liquids, the radial distri-
bution function can be extended to the orientational degrees of freedom
in order to characterize the angular distribution.

3.2 Modeling covalent materials

Materials are physical systems made of interacting atoms. The atomic
interactions type determines the physical and chemical behavior of the
materials. The model ability to describe the atomic interactions deter-
mines the realism of a simulation. Atomic interactions are modeled by
a parametrical function V(R) depending on all the atomic coordinates.
In ab-initio simulation methods, the atomic interactions are calculated
on a quantum mechanical basis. Quantum mechanics is the best, most
exact available mathematical description of atomic interactions. How-
ever, up to the present days, ab-initio methods have severe size and time
limitations. Only systems of approximately 100 atoms for a maximum
period of time of 10 ps can be afforded on large supercomputers. For
larger systems and longer simulations, other simpler, more approximate
description models are required.

In ‘classical’ MD simulations atomic interactions are modeled according
to classical physics laws and the quantum mechanical effects are totally
neglected. In a classical simulation both the size and the time can be
chosen greater than the above values by about 2 orders of magnitude.
Simulations in the nanometer/nanosecond scales can be afforded. The
obvious drawback of these methods is the reduced accuracy of the sim-
ulation, which however is not a major problem when qualitative issues
are relevant.
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The starting point for a classical MD simulation is to choose an analyt-
ical function V(R) = V(ry,...,ry) of the atoms positions, represent-
ing the potential energy of the system when atoms are arranged in that
specific configuration. Forces are then derived as the gradient of the
potential with respect to atomic displacements:

Fi = —VriV(rl,...,rN) (310)

If we consider a system of N atoms, the potential energy V(ry,...,rn)
may be partitioned into terms depending on the coordinates of individ-
ual atoms, pairs, triplets etc.:

N N N N N N
V(ry,...,rN) :Zvl(ri)+ZZUg(ri,rj)+ZZ Z vg(ri,rj,rp)+. ..

i i>] i J>1 k>5>1
(3.11)

The Ziv Zi\; ; notation indicates a summation over all distinct pairs i
and j without counting any pair twice, the same care must be taken for
triplets etc. The first term v (r;) represents the effect of an external
field on the system and can thus be neglected when isolated systems are
studied. The remaining terms represent the particle interactions. The
second term vy is the pair potential and it is the most important. The
pair potential depends only on the magnitude of the pair separation
rij = |r; —rj|, so it may be written vy(r;;). In many computer calcu-
lations, only this pairwise term is included in the potential energy form
and can be hereafter denoted simply by v(r), where we denote r;; by r.
The pairwise approximation gives a good description of properties of
many materials with rather closed packed structures like, for example,
solid and liquid noble gases (Ar, Xe, Cr). The average three-body ef-
fects can be partially included by defining an ‘effective’ pair potential.
The simpler effective pair potentials commonly used in computer simu-
lations reflect the salient features of real interactions in a general, often
empirical, way. For example, the Lennard-Jones 12-6 (LJ) potential

ULJ(T‘) =4e((a/r)'? = (a/r)%) (3.12)

provides a reasonable description of the properties of argon, via com-
puter simulation, if the parameters ¢ and o are chosen appropriately.
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The LJ potential potential has a long-range attractive tail of the form
—1/r5, a negative well of depth &, and a steeply rising repulsive wall at
distances less than r ~ o.

Other examples of pair potentials are the Morse potential, the Buk-
ingham potential etc. In Morse-like potentials, like that of Biswas and
Hamann [55], the v(r) effective pair potential has the form of e *". In
this case a cut-off function is added to limit the range of the interactions
in order to permit a reduction of the computational time.

The two-body approximation present in pair potentials is however very
poor for many relevant systems with a more open structure like, for ex-
ample, semiconductors, ceramics, and all materials that exhibit covalent
atomic interactions. Indeed, no reasonable pair potential will ever sta-
bilize the diamond structure. For those materials better models for the
covalent atomic interactions are represented by other potentials like the
Tersoff potential [23, 51, 52, 53, 24], the Stillinger-Weber potential [56],
the Keating [57] potential, and others. In these models atoms are con-
sidered spherical and chemically inert.

3.2.1 The Tersoff Potential

The Tersoff potential was developed by J. Tersoff to describe covalent
systems. The N-body form of potential was abandoned for a totally
new, more empirical, approach. The central idea is that in real systems,
the strength of chemical bonds depend on the local environment, i. e. an
atom with many neighbors forms weaker bonds that an atom with few
neighbors. J. Tersoff developed a pair potential whose strength depends
on the environment. It was calibrated first for silicon [23, 51, 52], then
for carbon [53] and then for multicomponent systems [24], including
germanium.

The potential developed by Tersoff is based on the concept of bond
order and at first sight, it has the appearance of a pair potential. The
energy is modeled as a sum of pair-like interactions, where, however, the
coefficient of the attractive term in the pair-like potential (which plays
the role of a bond order) depends on the local environment, giving a
many-body potential.
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For a multicomponent system, the energy F, as a function of the atomic
coordinates, is taken to be:

1
E:ZEizﬁzvij (3.13)

oy
Vij = fe(rij)[fr(rij) + bij fa(rij)] (3.14)

Here i and j label the atoms of the system and r;; is the length of the ¢j
bond. The pair-like interactions Vj; are sum of a repulsive fr(r;;) and
an attractive fa(r;;) function multiplied by f.(r;;), an optional cut-off
function to restrict the range of the potential. The b;; term is interpreted
as representing bonding, it is thus very important and will be described
later.

The attractive and repulsive functions have the form of a Morse poten-
tial, related to the exponential decay dependence of the electronic den-
sity
fr(rij) = Aij exp(=Aijrij) (3.15)
fa(rij) = =Bij exp(—pijrij) (3.16)
Aij, Bij, Aij, and p;; are all positive parameters, with A;; > ;5.

The main feature of this potential is the presence of the b;; term. All
deviations from a a simple pair potential are ascribed to the dependence
of b;; on the local atomic environment. The b;; is an empirical function
which depends parametrically on:

1. the distances r;; between atom ¢ and third neighbors other than j
atom, labeled k£ atoms;

2. the angle 6;;;, between atoms 4, j and k;
3. the chemical type of the k atoms.

The exact mathematical formulation of b;; and the complete set of pa-
rameters are in Appendix B.

This potential and the parameters were chosen to fit theoretical and
experimental data obtained from realistic and hypothetical silicon con-
figurations, namely the cohesive energy of several high symmetry bulk
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structures, lattice constant and bulk modulus of silicon in the diamond
configuration. Later it has been calibrated for carbon atoms by J. Ter-
soff in the same manner, constraining the vacancy formation energy
in diamond to have at least 4.0 eV (see Ref. [53]). The potential for
carbon atoms only was tested by calculating the cohesive energy and
structure of diverse carbon geometries, the elastic properties, phonons,
polytypes, and defects and migration barriers in diamond and graphite.
The results are in good agreement with experiments and with ab initio
calculations. The most attractive feature of the potential is its ability
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Figure 3.2: Schematic drawing of atoms i with hybridization sp? (pla-
nar three-fold coordination, left of figure) and with sp® hybridization
(tetrahedral, four-fold coordination, right of figure).

to describe small energy differences between diamond and graphite, for
example. This potential is in fact able to distinguish between different
atoms environment, namely between fourfold sp*® bonds and threefold
sp? bonds as shown in Figs. 3.2 and 3.3. In Fig. 3.4 the cut-off function
for the C-C potential is shown.

The Tersoff potential was also applied to study amorphous carbon
formed in three different ways as well as liquid carbon. Results are dis-
cussed in Ref. [53]. Other authors [58] applied Tersoff potential to study
the transformation of carbon from the bc8 structure to graphite, while
others worked on liquid silicon [59]. DeBrito Mota [60] and coworkers
worked on amorphous silicon nitride, calculating the parameters for ni-
trogen.
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Figure 3.3: Tersoff potential between atom i and j (Fig.3.2) when
atom 1 is in two different hybridizations. Atoms i and j are carbon
atoms, parameters are taken from Ref. [53]. The abrupt modification
of the potential curve for r > 1.84 is due to the presence of the cut-off
function displayed in Fig. 3.4.
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Figure 3.4: Cut-off function for the C-C Tersoff potential [53].






Chapter 4

Simulations of amorphous Si-C-N

Before the present study, three theoretical papers [21, 61, 62] have al-
ready addressed amorphous precursor-derived Si-C-N ceramics. In the
first work, Diirr and coworkers [21] exploited experimental informa-
tions from neutron and X-ray scattering data in order to investigate the
atomic structure of the amorphous ceramic through a Reverse Monte
Carlo calculation. The remaining two papers are MD simulations. The
work of Matsunaga et al. [61] is based on classical MD simulations with
the empirical Tersoff potential, while Amkreutz et al. [62] performed ab
initio MD simulations within a density-functional-based tight-binding
scheme. The latter approach, where the atomic forces are calculated on
a quantum mechanical basis, is very accurate but has severe size (~ 100
atoms) and time (~ 1 ps) limitations.

In this work we perform classical MD simulations of Si-C-N ceramics
in the nanometer/nanosecond scales, modeling the atomic interaction
by the Tersoff potential [24]. Our work is thus within the same theo-
retical framework as the one of Ref. [61], but much wider in scope and
with improved statistics. In fact, we consider a more various range of
compositions, larger samples, and longer, by three orders of magnitude,
simulation times. This allow us to achieve a better statistical accuracy.
Furthermore, we perform our simulations in the constant number of par-
ticles, constant temperature, and constant pressure (NPT) ensemble,
whereas in Ref. [61] the simulations are performed in the NVT ensem-
ble (constant volume instead of constant pressure). Working at constant
pressure enables us to better reproduce the experimental conditions.

Our results are in good agreement with the previous three theoretical
studies as far as the same composition range is considered, and display
a rather general behavior for Si-C-N systems.

Very recently two other theoretical studies have been published. In the
first [17] a thermodynamic model has been developed to rationalize the
enhanced persistence of the amorphous Si-C-N ceramics, while in the
second [63] model structures of some polymer-derived ceramics, includ-
ing amorphous Si-C-N, have been simulated by ab initio molecular dy-
namics. Both works confirm the results of our simulations.

27
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The present chapter is organized as follows: in Section 4.1 we describe
how the Tersoff potential has been modified to model Si-C-N amorphous
systems. In Section 4.2 we briefly describe the calculation method by
which we analyze the atomic configurations. In Section 4.3 we simu-
late Si-C-N homogeneous amorphous ceramics having different chemical
compositions. Finally, in Section 4.4 we follow the thermal evolution of
one particular amorphous ceramic, corresponding to the VT'50 experi-
mental sample.

4.1 Modification of the Tersoff Potential

In the simulations described in this chapter we use a modified version
of the Tersoff potential described in Section 3.2.1 and Appendix B. In
accordance to what has been done by other authors [61, 60], N-N inter-
actions are modified as well as the C-N ones, with the aim of stabilizing
the Si-C-N amorphous structures. The attractive parts of the N-N and
of the C-N potentials are set to zero, while only the repulsive terms
are kept. Concerning the N-N interactions, this modification has been
motivated by deBrito et al. [60] by the fact that the N-N interactions
are extremely strong, producing No molecules with bonding energy of
9.8 eV. Once the Ny molecules are formed within the amorphous struc-
ture, they do not interact with other atoms, diffuse through the system
and evaporate through the surface. The modified interaction keeps the
N atoms in the amorphous solid, without appreciably affecting other
features of the simulations.

Concerning the C-N interactions, Seher et al. [64] suggested that C-N
bonds in polymer-derived Si-C-N decompose during pyrolysis above T =
1273 K and are not observed in the ceramics. For this reason, we prevent
the formation of C-N pairs in our simulations.

4.2 Calculation of distribution functions

The main criterion experimentally available for structural characteriza-
tion of an amorphous material is the radial distribution function (RDF).
RDFs are obtained by Fourier transforming the intensity distribution
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of X-ray diffraction or neutron scattering experiments. In MD simula-
tions, where the atomic coordinates are known, RDF's are calculated as
the average number of atoms at a given distance from another atom as
explained in Section 3.1.2 (see equation 3.9).

The RDF of the ternary Si-C-N system is the sum of six partial RDFs,
namely the Si-Si, the Si-C, the Si-N, the C-C, the C-N, and the N-N
one. As a side product, the RDF allowed us to select an appropriate
cut-off in order to define different types of coordination numbers. The
total coordination number of an atom of type A is defined as the total
number of atoms inside a sphere of a given radius R4 p with center in
A, and is referred to as Z(A). The radius of the sphereis Ry p = 2.2 A
for all pair interactions except for the Si-Si pairs where Rg;_g; = 2.9 A.
Furthermore, it is possible to define the partial coordination number
Z(A)p as the number of atoms of type B which are inside the sphere
with center in atom type A and fixed radius.

The bond angle is a parameter very useful in describing the local struc-
ture. It is the angle between two bonds originating from the same atom.
A “bond” in this context, is the vector joining neighbor atoms. Dis-
tribution functions of the bond angles, angular distribution functions
(ADFs) can be calculated with the same procedure of RDF's calcula-
tions. For the calculation of ADFs we have used the same cut-off of the
coordination numbers.
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4.3 Dependence of the Atomic Structure
on the Chemical Composition

Si-C-N ceramics obtained via pyrolysis of polymers show high homo-
geneity at the atomic scale level. Their chemical composition can be
varied by changing the precursor chemistry, the pyrolysis temperature
and atmosphere, and the heat treatment. The polymer synthesis and
the cross-linking previous to ceramization are believed to greatly influ-
ence the atomic structure of the ceramic. However, although powerful
investigation tools such as X-ray diffraction (XRD), solid state NMR,
neutron scattering, and transmission electron microscopy (TEM) are
available, the microstructure of these ceramics is not yet completely
known [8, 9, 11, 20, 21, 28]. In particular, it is not clear whether these
materials show phase separation right after their ceramization or not.
This is an important issue, because phase separation into amorphous sil-
icon/nitrogen, silicon/carbon, and ”free” carbon domains is believed to
be the first step toward crystallization of these materials when treated
at high temperatures.

In this section we simulate the microstructure of amorphous Si-C-N sys-
tems obtained by rapid cooling from the melt. We study the dependence
of the atomic structure on the chemical composition.

4.3.1 Method

Five Si-C-N systems, differing in their compositions, are simulated by
means of the classical MD method. The simulation box (initial side
length a = 39.1 A) contains 4000 atoms and is repeated with periodic
boundary conditions. The starting atomic coordinates are obtained by
randomly arranging silicon, carbon, and nitrogen atoms on the sites of a
face-centered cubic lattice. The systems is then heated and equilibrated
at very high temperature in two steps. First at T' ~ 35000 K at constant
volume for 10 ps, then at 7' ~ 4600 K at a pressure varying from P ~
90 GPa to P ~ 0 GPa for another 100 ps.

To prove that the obtained atomic configurations do not depend on the
choice of the initial random configuration, several different start config-
urations have been generated for one specific composition, by choosing
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different random seeds. After the heating process the different configu-
rations had the same average atomic structure, allowing us to consider
only one configuration for each desired composition.

The stoichiometry of the five Si-C-N systems is Siz4C43N33 (denoted
as S1 hereafter), Si4gc4oN12 (52), Si44CgN48 (53), Silgc4oN4g (54),
and Siz7C32N3; (55). The chemical compositions are displayed on the
concentration triangle of Fig. 4.1. With this diagram it is possible to see
that, for example, S2 and S4 have the same C amount, which is very
similar also to S7. S% and S/, on the other hand, are equal in their
N amount. The two quasi-binary lines C-SizN, and SizgN,—SiC inside
the composition diagram indicate the calculated stable phases [8, 28]
between room temperature and T' = 1762 K. The two systems S1 and S5
correspond to the experimental samples investigated in Ref. [10, 21, 20],
named VT50 and NCP200 respectively. On the Si—N side the quantity
n relates to the N/Si ratio. If we draw a line through the C vertices and
a Si-C-N system and meet the Si-N side, we know the relative amount
of nitrogen and silicon in the systems, regardless of the carbon amount.
The five configurations obtained with this procedure are then quenched
from T ~ 4600 K to T = 0 K with a cooling rate of 2.1x10% K/s,
for a total of 11x10% time steps (corresponding to 2.2 nanoseconds of
simulation time). The external pressure is set to zero.

4.3.2 Results of simulations

The calculated total RDFs of the five amorphous systems at 7' = 0 K are
shown in Fig. 4.2. The first peak at r ~ 1.45 A is due to the C-C pairs.
The second peak at 7 ~ 1.75 A is mostly due to the Si-N pairs. A weak
contribution slightly shifting this peak to larger values of r, however, is
due to the Si-C pairs (r ~ 1.85 A). This contribution is larger in the
S2 sample, for reasons which will become clear further down. The third
peak at 7 ~ 2.55 A is due to the C-C second-neighbor pairs and to a
very weak contribution at r ~ 2.35-2.45 A due to the Si-Si pairs. In
Table 4.1 we have reported the calculated total and partial coordination
numbers for the three atomic species in the five systems. The partial
coordination numbers Z(C)n, Z(N)¢, and Z(N)y are solely due to the
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Figure 4.1: Si-C-N concentration diagram, showing the positions of the
Si-C-N systems with respect to the quasi-binary lines (dashed) Si3N4—C
and Si3 N4—SiC.
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Figure 4.2: Normalized RDF of the five Si-C-N systems quenched to
T=0K.
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Table 4.1: Total (Z(A)) and partial (Z(A)g) coordination numbers
and nitrogen/silicon ratio (n) of the five systems.

Coordination numbers ~ $2 S5 S3  S1  Sf |

Z(Si)s: 208 099 107 027 0.00
Z(Si) 132 093 036 064 022
Z(Si)n 075 249 326 394 741
7(Si) total 415 441 469 485  7.63
Z(C)s: 159 1.08 200 036 007
Z(C)c 153 202 113 273 284
Z(C)x 001 006 016 005 0.0
Z(C) total 313 316 329 3.14 301
Z(N)s: 300 297 299 287 185
Z(N)c 003 006 003 006 0.08
Z(N)x 003 026 043  0.88  3.52
Z(N) total 306 329 345 381 545
n 020 046 052 058 0.0

C-C, C-Si, and Si-N interactions, the N-N and C-N interactions being
set to zero.

4.3.2.1 Silicon environment

The silicon total and partial coordination numbers are plotted in Fig. 4.3
as a function of the quantity n = Nx/(Nsi+Nx), where Ny and Ng; are
the number of nitrogen and silicon atoms respectively. From the plot in
Fig. 4.3 we observe the following. First of all, while the partial coordina-
tion of nitrogen to silicon, Z(Si)y, increases monotonically with 7, the
coordinations of silicon and carbon, Z(Si)c and Z(Si)s;, decrease. The
total silicon coordination, Z(Si), also increases monotonically with n.
We conclude that silicon atoms are always surrounded by the maximum
possible number of nitrogen atoms. However, when 1 < 0.6, the Z(Si)n
falls below 4, silicon atoms are surrounded by atomic types other than
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nitrogen in order to achieve a total coordination slightly larger than
4, being in the center of mixed tetrahedra Si(C,N)s. When the nitro-
gen/silicon ratio is high enough, the nitrogen atoms screen the silicon
ones, preventing Si-Si and Si-C interactions. Only this ratio determines
whether silicon atoms are tetrahedrally or higher coordinated.
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Figure 4.3: Silicon coordination as a function of n = Nx/(Nsi + NN).
The total silicon coordination number Z (Si) and the partial coordination
number Z(Si)x increase monotonically with n, showing that Si atoms
are coordinated to the maximum possible number of N atoms.

Fig. 4.4 shows the calculated bond angle distribution functions (ADFs)
of silicon. The broad peak around vg; ~ 109° shows that silicon atoms
are more or less tetrahedrally coordinated in all systems except in S/
where they are higher coordinated due to the high nitrogen/silicon ratio.

We now analyze the Si(Si,C,N), structures in detail, starting from the
S2 system which has the lowest . In this system 7 = 0.2 and silicon
atoms are in average four-fold coordinated: two-fold to silicon, one- to
two-fold to carbon, and one- to zero-fold to nitrogen. In this system
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Figure 4.4: Normalized angle distribution functions of bonds originat-
ing from silicon atoms.
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Figure 4.5: Normalized angle distribution functions of Si-N-Si bonds
originating from nitrogen atoms.
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Table 4.2: Percentages of Si tetrahedra in the different systems, with
respect to the total number of silicon atoms.

| Si(Si,C,N)y structure (%) | S2 S5 53 S1 St |
SiN, - 12 28 21 -
SiC;Ns 1 18 13 12 -
SiC,N» 2 9 2 6 -
SiC5N; 3 3 - 2 -
SiCy 2 1 - 1 -
SiSiy 3 - - - -
SiSisCy 11 - - - -
SiSi, O, 12 1 - - -
SiSi; Cs 6 1 - - -
SiSisN; 7 1 - - -
SiSi,N» 3 4 3 - -
SiSi; N 1 7 10 1 -
SiSi; €y N, 5 10 4 1 -
SiSi; C,N; 9 5 - - -
SiSi,C1N; 13 4 1 - -
n 020 046 052 058  0.80

there are mainly three types of tetrahedra as reported in Table: 4.2':
SiSioCe (12%), SiSisCy (11%), and SiSioC1Ny (13%), followed by all
other possible Si(Si,C,N), structures. It is worth noting that this system
lies on the SiC-SizgNy tie-line of the ternary composition diagram in
Fig. 4.1. However, nitrogen has a very low concentration and Si-Si and
Si-C bonds are thus predominant.

'in our notation the first Si atom is in the center of the tetrahedra and the

following are the atoms surrounding it.
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The S5 system has n ~ 0.46 and corresponds to the NCP200 material
investigated in Ref. [20]. According to our calculations (Table 4.2), it
consists mainly of SiC;N3 (18%), followed by SiN4 (12%), SiSi; C1 N2
(10%), SiCaNy (9%), and SiSijN3 (7%) mixed tetrahedra. This is in
agreement with Ref. [20] and with the results of J. Bill and cowork-
ers [65], according to which silicon atoms in the NCP200 material exist
as Si(C,N)4 mixed tetrahedra. However, in our simulations we find also
Si(Si,C,N)4 as well as Si(Si,N)4 mixed tetrahedra. Si-N bonds are pre-
ferred, followed by Si-Si and Si-C bonds in equal amount.

The S3 system has n ~ 0.52 and lies on the tie-line SiC-Si3N, of the
ternary composition diagram of Fig. 4.1. In this system Si has an average
total coordination number of ~ 4.7. Si atoms four-fold coordinated are
mainly SiNy (28%) and Si(C,Si)1 N3 (13% and 10% respectively) mixed
tetrahedra. The large majority of SiNy, the Z(Si)y ~ 3.5, Z(N)s;i ~ 3.0,
and Z(Si)s; ~ 1.0 suggests the existence of amorphous silicon/nitrogen-
rich domains made of SiSi,N4_, tetrahedra, where x= 1 on the 25% of
the cases and 75% elsewhere in the domain. However this is not clear
from the observation of the microstructure obtained from the simula-
tions.

The S1 system has an n ~ 0.58 and corresponds to the VT50 material,
investigated in Ref. [21]. According to our calculations, this system con-
sists mainly of SiNy tetrahedra (21%), in agreement with the experimen-
tal results of Ref. [21], and partly of SiC1N3 (12%) mixed tetrahedra in
agreement with Ref. [65] and very recent results of Ref. [16]. The large
number of SiNy structures, together with calculated Z(Si)x ~ 4 and
Z(N)si ~ 3, suggest the existence of amorphous Si3sN4 domains. This
is also supported by the observation of the microstructure obtained by
simulations.

The S4 system has an n = 0.8 and lies in the three-phase field
C-SizN4—N (see Fig. 4.1). This system contains a large amount of seven-
to eight-fold coordinated silicon atoms. The silicon atoms are exclusively
coordinated to the nitrogen ones (see Fig. 4.3). The high coordination
is the reason for the narrow peak in Fig. 4.4 corresponding to an average
N-Si-N bond angle ¥s; ~ 70°. This system contains a large quantity of
“free” monoatomic nitrogen. This is a simulation artifact, due the zero
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N-N attractive part of the potential. Without this initial assumption
a large number of Ny molecules would evaporate to the surface or, at
very high external nitrogen pressure, would remain in the system. On
the same basis, the non zero N-N interactions would compete with the
N-Si ones, thus the average total silicon coordination number would be
slightly lower than in this study. In the microstructure obtained by the
simulations, we observe the existence of silicon/nitrogen-rich amorphous
domains.

4.3.2.2 Carbon environment: local order and microstructure

The relevant partial coordination numbers of carbon, Z(C)s; and
Z(C)c, have been plotted in Fig. 4.6 as a function of the quantity
v = N¢/(N&#ilable 4 N). This quantity is the ratio between the total
number of carbon atoms and the number of available silicon atoms, and
it is related to the nitrogen/silicon concentration ratio in the system.
In fact, as shown in the previous section, the nitrogen atoms screen the
silicon ones by surrounding them (see Fig. 4.3). The number of avail-
able silicon atoms (N&#12P1e) is defined here as the average fraction of
non-nitrogen nearest neighbors to silicon, multiplied by the total num-
ber of silicon atoms. It was calculated as follows:

Z(Si) — Z(Si)N]

Z(S) (41)

Nsaivallable = Ng; - [

where Ng; is the total number of silicon atoms, Z(Si) is the total silicon
coordination number, and Z(Si)x is the partial coordination number of
nitrogen around silicon. From the plot in Fig. 4.6 we observe that Z(C)c
increases and Z(C)g; decreases, each linearly with 4. The partial Z(C)x
has not been plotted because the C-N interactions were previously set to
zero. The total coordination of carbon is Z(C)c+Z(C)s; ~ 3. Fig. 4.6
shows that when the concentration of carbon exceeds that of available
silicon, i.e. when v ~ 0.5, the C-C bonds are preferred over the Si-C
ones.

The calculated partial ADFs for carbon are plotted in Fig. 4.7. A nar-
row peak at Yc =120° shows that carbon atoms are mainly sp? hy-
bridized, meaning that they have trigonal planar geometries. However,
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Figure 4.6: Carbon  coordination as a  function of
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Figure 4.7: Normalized angle distribution functions of bonds originat-
ing from carbon atoms.
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Table 4.3: Percentages of C structures in the different systems, with
respect to the total number of carbon atoms.

system v | tetrahedral planar
CSiy CSiz  CSiC; CSi1Cy CCsy
S3 0.38 3 17 33 20 5
S2 0.50 2 10 34 33 12
S5 0.66 - 4 18 38 27
S1 0.90 - - 3 20 65
S4 0.99 - - - 2 80

a shoulder due to a weak peak around ¥¢ =109° shows the existence of
sp® hybridized tetrahedral atoms. From the partial ADFs we know that
this peak is due only to C-Si bonds.

We now analyze the carbon structures starting from the system with
the lowest 7. The results are summarized in Table 4.32 together with
the values of ~.

In the S% system v ~ 0.38 and the carbon atoms exist mainly as pla-
nar CSi»C; structures. Nevertheless, a significant percentage of carbon
atoms exist as CSi; C,, and CSig structures. Looking at the microstruc-
ture, the carbon atoms, which have a very low concentration, are homo-
geneously and randomly distributed in the amorphous Si-C-N network.

In the S2 system, where v ~ 0.5, the carbon atoms are bonded in average
to 1.5 silicon and to 1.5 carbon atoms (see Fig. 4.6). The ~ 34% of
carbon atoms exist as CSioCq, ~ 33% as CSi;Cs, 12% as CC3, and 10%
as CSi3 planar structures. Amorphous micro domains are not detected
and carbon atoms are very homogeneously distributed.

The S5 system, where v ~ 0.66, corresponds to the NCP200 material
investigated in Ref. [20]. According to our calculations ~ 38% of the
carbon atoms exist as CSi; Cy structures, ~ 27% as CCs, and ~ 18%

2in our notation the first C atom is in the center of the planar or tetrahedral

structure and the following are the atoms surrounding it.
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as CSiy C; planar structures. Looking at the microstructure, the carbon
atoms are still quite homogeneously distributed but less than in the
other two previous systems.

The SI system, where v ~ 0.90, corresponds to the VT50 material,
investigated in Ref. [21]. According to our calculations as far as ~ 65% of
the carbon atoms exist as CC3 planar structures. This indicates a phase
separation of amorphous C-rich domains, in agreement with Ref. [10, 21]
and very recent results [16]. In a very recent work [63] the energies
calculated by ab initio calculation support a non-solubility of carbon in
amorphous-SigNy, which agree with our results. The separation of the
C-rich domains is evident in the microstructure displayed in Fig. 4.8.

In the S/ system, where v ~ 0.99, ~ 80% of the carbon atoms ex-
ist as CC3 planar structures. In this system the phase separation of
a C-rich domain is almost complete. Looking at the microstructure
in Fig. 4.9, we observe that the carbon atoms have crystallized into
graphitic monoatomic layers forming complex bent surfaces surrounding
the Si-N domains. The morphology of the structure can be described
by a characteristic length [ given by the ratio of the system volume
to the total area of the graphite layers (computed from the number of
5-, 6-, and 7-rings). This length can be considered as the mean distance
between the surfaces. For the S4 system we obtain [ ~ 30 A. In order to
determine the dependence of | on the system size, we have performed a
large simulation with 108000 atoms using a simulation box with initial
side lengths of 117 A. In this case we obtain [ ~ 27 A showing that the
morphology of the layers is nearly independent of the system size. Fur-
thermore, the separation of graphite carbon is due solely to the lack of
silicon atoms, as these are completely screened by nitrogen ones. When
the screening is present, graphitic monoatomic carbon layers are formed,
independently of the detailed screening process of silicon atoms. This
was verified performing a simulation on a monoatomic system of car-
bon atoms in the same thermodynamic conditions. In this way we veri-
fied that, although the S4 system contains some computational artifacts
concerning the Si-N domains, these do not affect the results concerning
the C-rich phase.
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4.3.3 Summary

We have used the Tersoff potential to simulate the atomic structure
of Si-C-N homogeneous materials as they are rapidly cooled from high
temperatures. We have investigated the dependence of the local order
on the materials composition.

Figure 4.8: Separation into amorphous C-rich domains in the S1 sys-
tem. Only the carbon atoms are displayed. The cubic simulation box
at the end of the simulated annealing has side lengths of 33 A.
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Our results predict that both the local order and the microstructure of
the Si-C-N systems are determined by the stoichiometry of the material.
We observe a phase separation into sp? hybridized C-rich and Si/N-rich
domains to appear within certain composition ranges, dictated only by
the nitrogen /silicon ratio.

Figure 4.9: Monoatomic graphitic layers in the Sj system. Only the
carbon atoms are displayed. The cubic simulation box at the end of the
simulated annealing has side lengths of 43 A.
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(1) The local structure around silicon atoms depends on the
nitrogen/silicon ratio, regardless of the carbon amount.  Silicon
atoms are always four-fold or higher coordinated, depending on the
nitrogen/silicon ratio. In agreement with Ref. [16, 20] and with results
of J. Bill [65], Si(C,N)4 mixed tetrahedra exist in a wide composition
range.

In particular, a nitrogen/silicon ratio ~ 4/3 leads to the predominant
formation of SiNy tetrahedra, and thus, towards a separation of an amor-
phous SizNy rich phase, in agreement with Refs. [10] and [21]. However,
for this ratio, mixed Si(C,N), tetrahedra are also present. Below the
4/3 ratio, silicon atoms form mainly Si(C,N)4 and partially Si(Si,C,N)4
mixed tetrahedra. Far above the 4/3 ratio, we find Si/N-rich domains,
where Si atoms are higher than four-fold coordinated.

According to a very recent thermodynamic modeling of amorphous
Si-C-N ceramics [17], the presence of these mixed tetrahedra could ex-
plain the characteristic resistance of these amorphous materials to crys-
tallize.

(2) The local structure around carbon atoms depends on the ratio
of carbon to available silicon. The availability of silicon depends on
the nitrogen/silicon ratio. Carbon is always in average three-fold co-
ordinated and is involved in mixed C(Si,C)s structures. Only for a
sufficient high ratio of carbon to available silicon, i.e. for a sufficient
high nitrogen/silicon ratio (>4/3), a separation of C-rich domains can
be observed. If no silicon atoms are available because they are totally
screened by nitrogen atoms, crystalline graphitic monoatomic layers
are formed within the material. It is the first time that the formation
of graphite surfaces and of C-rich domains has been simulated within a
classical molecular dynamics modeling of Si-C-N amorphous systems.
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4.4 Thermal Evolution

Heating and annealing amorphous Si-C-N ceramics at temperatures
above > 1800 K leads to phase separation, crystallization [21, 20, 11,
13, 9, 12, 16], and finally to thermal decomposition of these materials
(see also Section 2.2). The process is accompanied by volume shrink-
age and is most likely due to structural modifications, the atomic de-
tails of which are not completely known. It could be that the heating
process causes the rearrangement of the existing bonds and leads to an
increasing of the most stable ones. These are the more resistant to fur-
ther diffusion. The enlargement of the amorphous domains leading to
crystallization would therefore be slowed down. These suggestions are
mere hypotheses at this point and much work is needed to sort out the
molecular mechanisms of flow in these materials.

In this section we study the thermal evolution of one particular system,
corresponding to the experimental V150 sample. We follow the energy,
the density, the atomic mobility, and the atomic structure.

4.4.1 Method

The starting computational sample, named hereafter RMC', was ob-
tained in a previous study by J. Diirr [66, 21] by means of Reverse
Monte Carlo calculations. In his work, J. Diirr started from cubic clus-
ters (box-length=40.65 A) containing 4500 (Siz4C43N33) randomly dis-
tributed atoms. The stoichiometry of RMC system is Siz4 C43N33, cor-
responding to the S1 system of Fig. 4.1. For the Reverse Monte Carlo
simulation, weighting factors were taken from X-ray and neutrons scat-
tering data of a sample pyrolized at T=1400 K. Furthermore, additional
informations about the existence of two different phases, amorphous C
and amorphous SigNy4, were employed as a constraint during the sim-
ulation. As result, in the atomistic configuration obtained by J. Diirr,
71% of C atoms had three direct C neighbors, 62% of the N atoms had
three Si neighbors and 62% of the Si atoms had four N neighbors.

In this work we have heated the RM C system at constant pressure (NPT
ensemble). We have started by equilibrating the system at 7= 300 K,
room temperature, for 200 ps, with P ~ 0 GPa. Then the temperature
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was suddenly increased of AT= 230 K and the system equilibrated for
200 ps. This procedure was continued up to 7' ~ 5000 K, temperature
by which RMC' system was completely liquid. At each annealing tem-
perature the system was equilibrated for 200 ps and then for a period
t= 10 ps (107! sec). In this last equilibration period, energy, volume
and pressure data were saved every 1071% sec, allowing an averaging
over 10* data. Coordinates were saved every 100x10~° sec and rele-
vant, quantities were computed for each of them, giving averaged values
over ~ 10° points (10*/100x 10% atoms).

4.4.2 Energy and density during annealing at high 7'

Figs. 4.10 and 4.11 show the potential energy and the density of the
system during heating. The system reaches a minimum in its potential
energy, i.e. a maximum of stability, around 7= 1800 K, when the density
of the material is ~ 2.46 gcm 2. Being the density of the system at room
temperature ~ 2.17 gcm 2, we find that for the heating process, from
room temperature to 1800 K, the densification is ~ 12%. We believe
that this densification is due to structural rearrangements and to the
reduction of the porosity but not to the reduction of the ”free volume”
(see Section 2.1). We believe that the difference between the density
of the system in the minimum of its potential energy (~ 2.46 gem™3)
and the density of the fully crystalline material (~ 2.785 gem™2 for the
silicon nitride/graphite composite) reflects the molecular porosity in the
amorphous material, often referred to as “free volume”.

At very high temperatures, the density decreases with 7" because of ther-
mal expansion of the liquid. It has to be mentioned that these materials
decompose before melting, giving rise to Ny and to the stable crystalline
phases. In our simulations this is not possible because the nitrogen
atoms do not interact with each other, being forced to remain into the
system. Moreover the simulation timescales would be in any case too
short to observe structural rearrangements leading to decomposition.
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Figure 4.10: Potential energy of the system as a function of the tem-
perature
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Figure 4.11: Density of the system as a function of temperature
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4.4.3 Self-diffusion in amorphous Si-C-N

The enlargement of the amorphous domains and the transition to the
polycrystalline material are diffusion-controlled processes. The under-
standing of self-diffusion, i.e. diffusion of Si, C, and N, in amorphous
Si-C-N ceramics and the knowledge of the corresponding diffusion co-
efficients are of both scientific and technological importance. The self-
diffusion mechanism and coefficients for these materials have been inves-
tigated by W. Franck [67], S. Matics [68], T. Voss [69]. The experimental
diffusion coefficients range in the order of ~ 1072m?s~! at T~ 1370 K
(1100°C) for Si and C atoms.

By means of MD simulations, atomic diffusion can be analyzed by the
calculation of the mean square displacements, defined as:

1 N
(Ar(t)?) = + Z Ari(t)? (4.2)

where Ar;(t) is the traveled distance of the particle ¢ in time ¢ and
(Ar(t)?) is the mean square of these distances as a function of the time
t. The mean square displacement is related to the diffusion coefficient
D, which is a macroscopic quantity, by the Einstein relation:

0{Ar(t)*)

o = 6D. (4.3)

Fig. 4.12 shows the diffusion coefficient of the Si-C-N system at differ-
ent temperatures. Given a simulation period of ¢ ~ 200 ps, a diffusion
coefficient D ~ 10~ '%m?2s~! would give rise to an atomic displacement
of 2 A, that may already be considered as effective to modify the mi-
crostructure in the nanometer scale. According to this definition, Si,
C, and N atoms start to effectively diffuse only for temperatures above
T= 2500 K, while below such temperature we can observe only atomic
”vibrations” leading to atomic structure rearrangements but not to mi-
crostructural ones.

Nitrogen atoms are lighter than carbon and silicon and start diffusing
at lower T'. Although carbon atoms are not the heaviest, they are the
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last to diffuse, due to the stability of the C-C bonds (see also Fig. B.2).
There is a temperature range in which N atoms diffuse into the ce-
ramic while carbon and silicon atoms are vibrating around metastable
equilibrium position. In this temperature range, microstructural rear-
rangements occur due to the N mobility.
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Figure 4.12: Diffusion coefficients for silicon, carbon and nitrogen
atoms at different temperatures

The diffusion process follows the Arrhenius law and the diffusion coeffi-
cient can be expressed as:

D = Dge™*7 (4.4)

where Dg is a quantity related to the entropy of the process, H is the
activation energy and k is the Boltzmann constant. In Fig. 4.13 the
natural logarithm of the diffusion coefficient is plotted as a function of
the inverse of the temperature, for high temperature, i.e. for tempera-
ture at which we can observe diffusion in our simulations. From such
plot we have calculated the activation energy and the Dq factors for the
three atomic species. Results are reported in Table 4.4. These results
are hardly comparable to the experimental data of Refs. [68] and [67],
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Figure 4.13: Arrhenius plot for diffusion coefficients at high tempera-
ture. The linear regression was calculated for T> 3900 K

because they refer to higher 7', i.e. to the simulated ”liquid”. However,
liquid Si-C-N cannot be obtained experimentally because it decompose
previous to melting.

However, we believe that the qualitative results obtained here can hold
also at lower T'. In fact, the Tersoff potential does not depend on tem-
perature and has been parameterized in order to predict the stability of
structures mainly at room 7. In other words we believe that in general,
for every T', the C atoms are the less diffusing in the amorphous Si-C-N
network. We conclude that phase separation and further crystallization
is mainly to be ascribed to Si and especially to N atomic diffusion.

Do [m?s7!] | HleV]
Si | 25.5x1076 3.43
C | 7.6x107¢ 3.63
N | 12.8x10°° 2.94

Table 4.4: Entropy factors (Dy) and activation energies (H) for self-
diffusion in amorphous Si-C-N
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4.4.4 Structural evolution

Fig. 4.14 shows the partial RDF (see Section 4.2) for C-C pairs, Fig. 4.15
for Si-N pairs and Fig. 4.16 for Si-C pairs. All RDFs are plotted for six
different temperatures, namely for 7= 300 K (room T), T= 1000 K,
T= 2000 K, T= 3000 K, T= 4000 K, and T'= 5000 K. According to our
previous calculations on the diffusion coefficient, the Si-C-N system is
an amorphous ‘solid’, namely a glass, for 7' < 3000 K and a liquid at
higher 7. The RDF peak positions do not change with 7' and are re-
ported in Table 4.5 together with the peaks positions in relevant crystal
structures. Before calculation of the RDF, the crystal structures have
been minimized by means of calculation with the Tersoff potential, with
Si and C parameters from Ref. [24] and N parameters from Ref. [60] (see
Appendix B).

Table 4.5: Peak positions of partial RDFs for the amorphous system
and relevant crystal phases.

Material Peak position r (A)

C-C Si-N Si-C
RMC amorphous | 1.45 2.55 1.75 1.85
beta-SizNy 1.70-1.76 3.1
cubic-SiC 3.05 1.86 3.57
Graphite 142 245 285
Diamond 1.55 251 295
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Figure 4.16: Partial Si-C RDF's at different temperatures

Fig. 4.17 shows the thermal evolution of the average total coordination
numbers for the three atomic species. In Table 4.6 we have reported
the partial coordination numbers calculated compared with experimen-
tal data [21].

Table 4.6: Calculated partial coordination numbers

Coordination numbers | Experimental | This work
Z(Si)gi: Z (Si)c:Z (Si)n ——4.0 0.0:0.9:3.7
Z(C)si: Z(C)c:Z(C)n —:2.6:— 0.5:2.5:0.1
Z(N)si:Z(N)c:Z(N)x 3.00—— 2.7:0.2:0.8
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Figure 4.17: Thermal evolution of Z(Si), Z(C), and Z(N).

Figs. 4.18, 4.20, and 4.19 show the calculated bond angle distribution
functions (ADFs) of silicon, carbon and nitrogen where a cut-off R =
2.2 A is used.

4.4.4.1 Silicon environment

Silicon atoms have an average total coordination number Z(Si)~ 4 that
first increases with the increasing annealing temperature and then de-
creases for T' > 2500 K. Above this temperature, the Si atoms effectively
diffuse. From the partial coordination numbers calculations, we know
that Z(Si)x decreases from a value of 3.7 to a value of 2.6 at higher T,
while Z(Si)c remains almost constant for all annealing temperatures.
The silicon angular distribution function (ADF) is very broad, centered
around a value of Ag;=109°, indicating that silicon atoms form tetrahe-
dra more or less distorted, also at very high T'. However, for lower T,
a sharp peak around 60° is observed, due to some higher coordinated
silicon structures. This is in accordance with the fact that for silicon a
total coordination Z(Si)>4 was found.
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Figure 4.20: Normalized ADF of bonds originating from C atoms

Nitrogen atoms are in average more than three-fold coordinated at low
temperature and less at high temperature. From partial coordination
data we know that nitrogen atoms are coordinated to 2.6 silicon at low
T and this coordination decreases to an average value of Z(N)g; ~ 2 at
very high temperature.

4.4.4.2 Carbon microstructure

Carbon atoms have a constant average coordination number, Z(C)~ 3
(Fig. 4.17). The carbon ADF is narrow and centered around #c=120°.
These two data indicate that carbon atoms form planar structures, being
mainly sp? hybridized. Carbon atoms structures do not change during
the heating at high 7T'. This is also true for partial carbon coordination
numbers.

In Fig. 4.21 percentage quantities of CCs, of NSiz and of SiNy structures
are plotted as a function of the annealing T'. From the plot and from
Table 4.7 we can see that, at room temperature, only 42 % (compared
to the initial 62%) of total carbon atoms form CCj planar structures.
The number of these structures increase with increasing temperature.
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Table 4.7: Percentages of Si, C, and N structures with respect to the
total Si, C, and N numbers respectively.

Structures (%) | RMC [21] | RMC (this work)
SiNy 62 20
CCs 71 42
NSig 62 60

The number of nitrogen atoms forming NSis, is similar to the one found
by J.Diirr, around 60%, at room T but tend to increase up to 68% at
higher T'. For T' > 2500 K this percentage abruptly decrease.

The number of silicon atoms forming SiN, tetrahedra is around 50%
and decreases with increasing temperature.
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Figure 4.21: Percentage quantities of CC3, NSiz, and SiNy structures
are plotted as a function of the annealing T'.
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4.4.5 Summary

We have used the Tersoff potential to simulate the thermal evolution
of a computational sample, corresponding to the Si»4C43N33 ceramic,
obtained by J. Diirr through a Reverse Monte Carlo simulation [66, 21].
The potential energy and density have been followed during heating.
Volume shrinkage, as observed experimentally, occurs and we calculate a
densification of ~ 12% of the material heated from room T up to 1800 K.
Diffusion coefficients have been calculated. We calculate the activation
energies for the atomic diffusion and find that carbon is the slowest
atomic specie in the amorphous amorphous network. Phase separation
therefore occurs mainly because of Si and especially of N mobility.

Silicon, carbon, and nitrogen environments were investigated by calcu-
lating the radial and angular distribution functions at all temperatures,
as well as the coordination numbers. According to our calculations, the
configuration obtained by Reverse Monte Carlo Technique was not an
equilibrium amorphous solid and we observe structural changes already
by equilibrating at room 7. In our simulation the phase separation is
less pronounced than as predicted and assumed in Ref. [21]. It has to be
mentioned, however, that the RM C density as obtained by J. Diirr is
p= 1.85 gcm~3. After equilibrating by MD simulation at room temper-
ature (T'= 300 K) and constant pressure (P= 0 GPa) for t= 200 ps, the
density increases up to p= 2.17 gem 3. This increase of density at room
temperature changes the atomic structure of the RM C sample created
by J. Diirr. The densification at room temperature is due to the fact
that simulations have been carried at P= 0 GPa, while in calculations
performed by J. Dirr the density of the material was assumed to be
constant and equal to the experimental one. The experimental density
is a mean density of bulk dense material and pores. In fact, the Si-C-N
ceramics “as pyrolized” are porous and the physical nature of the poros-
ity can be classified in three ways. The first two types can be addressed
to as open and close porosity, while the third type is usually referred to
as “free volume”. In MD simulations at zero iso-static pressure, open
pores are not stabilized, and disappear after simulated annealing, giv-
ing rise to a densification process. We believe that the close pores and
the “free volume” remains after simulated equilibration at room tem-
perature. On the other hand we believe that the densification occurring
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after heat treatment is due to the elimination of the close porosity and
not to the elimination of free volume. The “free volume” has here been
estimated to be related to the difference between the density of the
amorphous having the lowest potential energy (~ 2.46 gcm~2) and the
density of the fully crystalline material (~ 2.78 gem~2 for the silicon
nitride/graphite composite). However, the exact computation of the
"free volume” from the atomic structures has not been calculated and
we believe that this could be an interesting outlook of this thesis.






Chapter 5

Simulations of crystal growth

The crystallization behavior of polymer-derived Si-C-N ceramics that
contain residual open porosity can be described by a stepwise change
in the microstructure initiated by the rearrangement of the polymer
network structure during heat treatment, which yields phase separation
in the amorphous state. According to J. Kleebe [11] the formed N-rich
domains tend to decompose at higher temperatures creating N-depleted,
Si-C-enriched regions within the bulk. The change in local chemistry
promotes crystallization of cubic (5-)SiC. The formation of vapor phases
(escape of nitrogen) support outer and inner surface crystallization.

Phase transition crystallization processes can be difficult to observe in
MD simulations. One of the reasons is the limitation in time and length
scale available. In Si/C materials, diffusion of atomic species such as
Si and C are very slow, in the order of ~ 1072°m?s™' at T ~ 1370 K
(1100°C) [67, 68]. The structural rearrangement leading to the nucle-
ation of critical SiC crystalline seeds to promote further growth are
therefore very unlikely to be observed in a typical MD simulation. A
less complex phenomena is the crystal growth once the primary seeds
are formed within Si/C amorphous domains. In this work we investi-
gate the atomic mechanisms involved in silicon carbide crystal growth.
In order increase the kinetics of the process and to reduce the simula-
tion times, we perform the simulations at high pressure.

Moreover, before attempting the SiC crystal growth simulations, it is
necessary to demonstrate that empirical potentials can predict crystal-
lization processes in complex covalent two-component compounds. For
this reason, we have begun by considering a simple case: Diamond crys-
tal growth.

5.1 Crystal growth of diamond
Synthetic diamond is formed commercially using high pressure [70] and
other processes like chemical-vapor deposition and shock-wave, having

serious limitations owing to low production volumes and high costs.

61
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Here we study the crystal growth of diamond from amorphous carbon
at high pressure, when a crystal seed is included into the material.

5.1.1 Method

The molecular dynamics calculations in this work are performed in the
NVT (constant particle number, constant volume, and constant tem-
perature) ensemble. The covalent atomic interactions are modeled by
the Tersoff many-body classical potential [23] with carbon parameters
from ref. [24] (see Appendix B). The MD simulations are performed us-
ing supercells initially consisting of a crystal diamond seed in contact
with the amorphous carbon. Different diamond seeds are considered:
having different shapes, dimensions and in presence of defects. All the
initial supercells contain a crystalline/amorphous interface. Periodic
boundary conditions are applied in all directions. The supercells con-
sist of 1000 to 2000 atoms and have atomic density of 0.177 atoms/A?
(3.536 g/cm?®). The initial c/a interfaces are obtained by heating dia-
mond supercells while keeping the atoms of the desired seed artificially
fixed. The resulting two-phase systems, consisting of a crystalline “cold”
phase and a liquid “hot” phase, are then equilibrated for 20 ps, corre-
sponding to 10* time steps, at very high temperature, T ~2x10* K.
The annealing simulations are then performed at temperatures ranging
from T~ 0.1xTy, to T ~ 0.7xTy,, where Ty, is the simulated melting
temperature of diamond at constant volume.

In the following sections we describe the results for the three different
simulation sets.

5.1.2 Annealing at different temperatures

We anneal a supercell containing 2000 atoms and consisting of a crys-
talline diamond layer of thickness ~ a (a = 3.56 A is the lattice con-
stant given by the Tersoff potential) in contact with an amorphous layer
of thickness ~ 9xa. Since periodic boundary conditions are applied in
all directions, two equivalent crystalline/amorphous (c/a) interfaces are
included in the supercell. The crystalline interfacial plane have the ori-
entation {100} .
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Snapshots of a simulation at T ~ 0.45xT,, are displayed in Fig. 5.1:
before the annealing, after 30 ps, and after 60 ps. The c/a interface dis-
placement in the <100> direction can be observed. At the considered
annealing temperature, the crystallization is completed after 120 ps.

(b) t=30ps (c) t=60 ps

Figure 5.1: Snapshots of the MD supercell during annealing at
T ~ 0.45xTy,. The dashed line shows the initial c/a interface position.

We perform several annealing simulations of the same initial super-
cell at different temperatures. Annealing temperatures range from
T ~ 0.30xTy,, at which no crystallization is observed for ¢t <2000 ps, to
T ~ 0.70x Ty, leading to the complete melting of the seed. It is worth
noticing that all simulations are performed at the same constant atomic
density of 0.177 atoms/A3. In this way, the isostatic pressure in the sys-
tem ranges from P ~ 100 GPa to P ~ 150 GPa with the increasing tem-
perature. We calculate the crystal growth rate by plotting the potential
energy as a function of the annealing time. To do this, we assume that
the crystallization proceeded along the <100> direction, perpendicular
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to the {100} crystal plane. This assumption seems to be realistic by
the simple observation of the simulation snapshots. Fig. 5.2 shows the
Arrhenius plot of the growth rates. By linear fitting of the simulated
data we calculate an approximate activation energy, £ ~ 2.9 eV, for
the crystal growth process. However, this is a rough estimation because
we don’t analyze in detail the atomistic mechanism responsible for the
crystallization process. The specific mechanism could also consist of
many steps with different activation energies. Furthermore it could be
that at different temperature regimes, different crystallization paths are
followed. However, a detailed analysis of the crystal growth of diamond
from the amorphous is outside the scope of this thesis.

5.1.3 Diamond crystal seed with twin grain
boundaries

As in the previous simulated annealing, the initial supercells contain
~ 2000 atoms and consist of a crystal layer seed in contact with the
amorphous carbon. The crystal seed in the initial supercells contains
two tilt grain boundaries each, perpendicular to the c/a interface. We
study three different systems which include three different types of grain
boundaries: the first, named GB111 hereafter, includes two <111> tilt
grain boundaries (¥ = 3, (111), 70.53° ), the second system, G B120,
includes two <110> tilt grain boundaries (X = 9, (221), 38.94°), and
the third system, GB221, includes two <001> tilt grain boundaries
(X = 5, (120), 36.87°). Periodic boundary conditions are applied in
all directions, in this way each initial supercell contains two c/a inter-
faces. The systems created in this way are annealed at T' ~ 0.60xTy,
for ¢ ~ 300 ps, after which the crystallization is complete. In Figs. 5.3,
5.4, and 5.5 the initial and the crystallized systems are displayed for
the three supercells with different grain boundaries. The dashed lines
correspond to the initial positions of the tilt grain boundaries. We can
observe that all systems crystallize but several defects occurs into the
final structure. In particular, the only crystal seed which maintains the
initial tilt grain boundary is the GB111 system.
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Figure 5.2: Arrhenius plot of the growth rates.
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Figure 5.3: GB111 system before (a) and after (b) the simulated an-
nealing at T' ~ 0.60xT,,. The dashed lines show the position of the two
< 111> tilt grain boundaries (¥ = 3, (111), 70.53°) before the annealing.
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t =300 ps

3.2nm

(b)

Figure 5.4: GB120 system before (a) and after (b) the simulated an-
nealing at T ~ 0.60xT,,. The dashed lines show the position of the two
<110> tilt grain boundaries (¥ = 9, (221), 38.94°) before the anneal-
ing. Boxes in (b) surround defects after crystallization.

5.1.4 Different shapes of the diamond seed

In this section we report the results of the annealing of five different
MD supercells at different temperatures. All supercells are cubic with
side length = 5xa and contained 1000 atoms. The crystal seeds in the
five systems are chosen to have different dimensions: The dimensions
of the crystal seeds schematically drawn in Fig. 5.6 are 5x5x1xa (a),
4x5%x1xa (b), 3x5x1xa (c), 2x5x1xa (d), and 1x5x1xa (e). Peri-
odic boundary conditions are applied in all directions in way that the
largest crystal seed corresponds to an infinite monolayer and the small-
est to a infinite “nanowire”.

After annealing the five supercells at different temperatures we find
that for increasing dimensions of the seed, going from the “nanowire” to
the infinite monolayer, there is a maximum temperature above which the
crystal seed melts. The smallest seed (Fig. 5.6(e)) melts at all investi-
gated temperatures. In Fig. 5.7 we plot the normalized melting temper-
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3.0nm

Figure 5.5: (GB221 system before (a) and after (b) the simulated an-
nealing at T ~ 0.60xTy, . The initial crystal seed layer contains two
<001> tilt grain boundaries (¥ = 5 (120) 36.87°). Boxes in (b) sur-
round defects after crystallization.

ature of the crystal seed as a function of the surface/volume ratio of the
seeds, Q, for the four systems of Fig. 5.7 ((a), (b), (¢), and (d)). Below
these temperatures, all systems, except (e), crystallize after annealing
for a long enough period. The melting temperature of the seed is nor-
malized over the simulated melting temperature of diamond, obtained
by slowly heating diamond at constant volume (NVT ensemble), namely
at the constant atomic density of p=0.177 atoms/A? (3.536 g/cm?).

5.1.5 Summary

These succesfull simulations on the diamond crystallization, together
with results of Ref. [71] on silicon crystallization, show that the Ter-
soff potential is appropriate to describe the crystallization of these two
mono-component (silicon and carbon) covalent systems in the cubic sym-
metry. These results allow us to simulate the crystallization of the two-



68 CHAPTER 5. SIMULATIONS OF CRYSTAL GROWTH

Figure 5.6: Schematic draw of the five initial MD supercells. The
shadowed region corresponds to the crystalline one.

component system. In the next part we simulate the cubic SiC crystal
growth process, which is involved in the crystallization of the amorphous
SiCN ceramics.
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Figure 5.7: Normalized melting temperature of the crystal seed as a
function of the surface/volume ratio of the seed, 2.

5.2 Crystal growth of cubic SiC

Besides the crystallization process of the amorphous Si-C-N ceramics,
the crystallization of cubic SiC from the amorphous material is a prob-
lem of general scientific interest. In fact, among the different SiC poly-
types, crystalline cubic SiC is a widely applied ceramic, having high
values of electron mobilities, critical electric field, and thermal conduc-
tivity. It can be grown from different phases: gas, liquid (melted sili-
con), and solid (amorphous). In most cases, SiC crystals are grown by
a sublimation process assisted by physical vapor transport.

5.2.1 Method

The calculations in this work are performed in the NPT (constant par-
ticle number, constant pressure, and constant temperature) and in the
NVT (constant volume instead of constant pressure) ensembles. The
MD simulations are performed using supercells initially consisting of a
crystalline SiC layer (thickness ~ 3xa, where a = 4.3185 A is the lat-
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tice constant given by the Tersoff potential) in contact with an amor-
phous SiC layer (thickness ~ 4.5xa). Periodic boundary conditions are
applied in all directions. Three crystal orientations are considered in
order to obtain different crystalline/amorphous (c/a) interfaces lead-
ing to the four supercells shown in Fig. 5.8. The first supercell, shown
in Fig. 5.8(a) and denoted by 100, contains two c/a interfaces which
have the same orientation of the crystalline interfacial planes, namely
the {100} planes, but differ in the composition of the terminating crys-
talline layers: one is carbon, the other is silicon terminated. This non-
equivalence is due to the lack of a mirror symmetry operation with re-
spect to {100} planes in cubic SiC. The second supercell, 170 shown in
Fig. 5.8(b), contains two equivalent c/a interfaces, corresponding to two
equivalent crystal interfacial {110} planes. The third supercell, S111
shown in Fig. 5.8(c), contains two non-equivalent c/a interfaces corre-
sponding to the {111} planes terminated by carbon and by silicon, both
single bonded to the bulk. The cubic SiC does not possess a mirror
symmetry operation with respect to the {111} plane. Accordingly, the
fourth supercell T111, shown in Fig. 5.8(d), contains two non-equivalent
c/a interfaces corresponding to the {111} planes terminated by carbon
and by silicon atoms, both triple bonded to the bulk.

The typical initial MD supercell size is ~ 30x30x20 A3 and contains
~ 2000 atoms. The initial c/a interfaces are prepared by heating the
crystalline supercells at constant volume while keeping the atoms of the
crystal seed with the desired interfaces artificially fixed. The result-
ing two-phase systems are then equilibrated for 20 ps, corresponding
to 10* time steps, at very high temperature, T ~ 10* K, and pressure,
P ~ 100 GPa. This prevents the decomposition of SiC at high T into
liquid Si and graphite, and promotes the crystallization kinetic therefore
reducing the simulation time. The annealing simulations are performed
in the NPT ensemble with T' ~ 0.6xTy,, where Ty, is the simulated
melting temperature at the given pressure, for 20-80 ns corresponding
to 1-4x 108 time-steps. During the annealing simulations, all atoms —
including the ones belonging to the crystal seed — are relaxed. The
atomic positions are averaged every 5x10* time-steps over 10? configu-
rations.
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© s (d Ti11

Figure 5.8: Four MD supercells containing a crystal seed layer in con-
tact with the amorphous layer. Three different crystal orientations lead-
ing to seven different c/a interfaces are displayed, (a) {100}-Si and -C,
(b) {110}, (c) single-bond {111}-Si and -C, and (d) triple-bond {111}-Si
and -C. In this picture, C atoms are dark while Si atoms are light.

5.2.2 Results

Crystallization is observed in the 110, S111, and T111 supercells but
not in the 100. In order to analyze the crystallization process, we need
to identify the “crystalline” atoms and the ’amorphous’ ones. For this
purpose we apply a geometric criterion. Apart from few exceptions, this
criterion allow us to identify the crystalline atoms for every configura-
tion during the annealing. A ’crystalline’ atom is defined here by the
following two conditions:

1) The atom has four nearest neighbors within a radial cut-off of 2.2 A.
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2) The scalar products of any two bond vectors have a value between
min = (1.54)2 cos(109°) and maz = (2.24)2 cos(109°).

Fig. 5.9 shows a snapshot of the crystalline atoms in the different super-
cells after averaging over 5x10* time steps. From Fig. 5.9(a), it can be
seen that the 100 supercell does not crystallize because no crystal layers
are formed on the initial c/a interfaces.

Crystallization is observed in the 110 supercell as shown in Fig. 5.9(b).
The displayed atomic configuration corresponds to the 110 supercell af-
ter ~ 80 ns of annealing. We observe that c/a interfaces, which are

(9 Sl (d Ti11

Figure 5.9: The four MD cells of figure 5.8 after annealing. Only the
crystalline atoms and first neighbors are displayed. The position of the
c¢/a interfaces before the annealing are shown as dashed lines: a) {100}-
Si and -C, b) {110}, c) single-bond {111}-Si and -C, and d) triple-bond
{111}-Si and -C.
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formed after the annealing, show a common atomic structure, that is,
the new interfacial crystal atoms lay in the {111} planes and are silicon
atoms triple-bonded to the bulk. The thickness of the crystallized part
in this supercell is the largest, when compared with the other three sys-
tems. We conclude that the preferred growth direction is along <110>,
perpendicular to the {110} planes, but the growth proceeds by faceting
parallel to the {111} crystal planes. This is in agreement with the ex-
perimental results of Ref. [72]. Furthermore, according to Ref. [73], in
the final CVD growth forms of cubic SiC, the silicon terminated inter-
faces should dominate and should have a better crystalline character, in
agreement with our results.

Crystal growth is observed only for one of the two non-equivalent c/a
interfaces of the S111 supercell as shown in Fig. 5.9(c), namely for the
silicon-terminated one. The first layer that crystallizes is the triple-
bonded carbon layer, followed by the single bonded carbon layer, in-
stead of the silicon one. This produces the formation of a twin grain
boundary and leads to the crystallization of a triple-bonded silicon layer
which interrupts the crystallization process. The same is observed for
the T111 supercell as shown in Fig. 5.9(d). Crystal growth is observed
only for one of the two non-equivalent c/a interfaces, namely for the
carbon terminated one. After the growth of four crystalline atomic lay-
ers the growth is interrupted by the formation of twin grain boundaries
which produced the final c/a interface including the {111} triple-bond
silicon atoms.

5.2.3 Summary

In this part we have simulated the crystal growth of cubic SiC from
the amorphous state. We have observed crystallization for the crys-
talline/amorphous interfaces for the interfacial crystal {110}, single-
bond {111}, and triple-bond {111} orientations. We have found that
all interfaces after the annealing have a common atomic structure: Sili-
con {111} layers, triple bonded to the bulk, are observed for all the in-
terfacial crystalline atoms. We have concluded that this interface does
not crystallize and its formation is responsible for the interruption, or,
more probably, for a strong slowing down, of the crystal growth process.
Among the three supercells which crystallized, we have observed that
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the supercell containing the {110} interfacial plane is the one that shows
the largest number of crystallized atoms after the annealing. We con-
clude that the preferential growth directions are <110> but the crystal
growth proceeds by faceting on the {111} planes.

Our results are in good agreement with the experimental results of
Refs. [72] and [73], both obtained with the chemical vapor deposition
technique (CVD).

This work could be extended in several ways, in particular it would be
of interest to calculate the crystalline/amorphous interfacial energies.
It would also be of interest to calculate the growth rate of silicon and
carbon in order to determine the rate limiting step.



Chapter 6

Conclusions and Outlook

In this thesis the transformation from the amorphous Si-C-N ceramic
to the polycrystalline material have been studied by isolating its funda-
mental steps. We have investigated the atomic structures of homoge-
neous amorphous Si-C-N ceramics, their thermal evolution, and we have
studied the atomic mechanisms leading to the crystal growth of one of
its crystalline phases, cubic SiC.

In the first part we have studied the dependence of the atomic structure
on the chemical composition of Si-C-N and we have observed a separa-
tion into sp? hybridized C-rich and Si/N-rich amorphous domains. This
separation depends only on the nitrogen/silicon ratio, regardless of the
carbon amount. The Si/N-rich phase is generally made of mixed tetra-
hedra. In particular, for a stoichiometric nitrogen/silicon ratio of ~ 4/3,
silicon atoms form mainly SiN, and mixed Si(C,N), tetrahedra. Below
this ratio, the material is composed mainly of Si(C,N)4 and partially of
Si(Si,C,N)4 mixed tetrahedra as well as planar C(C,Si); mixed struc-
tures, homogeneously spread within the material. Far above the 4/3
ratio, we find Si/N-rich domains, where Si atoms are higher than four-
fold coordinated. Very interesting is the formation, in this composition
range, of C monoatomic graphitic layers within the C-rich phase of the
material.

The persistency, in a large Si-C-N ceramic composition range, of the
mixed Si(C,N), tetrahedra could explain why these materials are resis-
tant to crystallization up to rather high temperatures. Furthermore, the
formation of graphitic monoatomic layer observed in our simulations,
could account for a further decrease of the atomic mobility and there-
fore for a retardation of the crystallization process at high temperatures.
In another set of simulations we have followed the thermal evolution of a
particular Si-C-N system, corresponding to the experimental V750 sam-
ple. When the system is heated from room temperature up to 1800 K
the volume shrinks by ~ 12% leading to a dense amorphous material in
a potential energy minimum. We estimate that the difference between
this density (~ 2.46 gcm~2) and the density of the fully crystalline ma-
terial (~ 3.2 gcm ™2 for the silicon nitride/silicon carbide composite) is
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related to the molecular porosity. i.e. to the ”free volume” of the ce-
ramic. The atomic diffusion coefficients during the heating have been
calculated. Carbon atoms have the highest activation energy for the dif-
fusive process. Phase separation therefore occurs mainly because of Si
and especially of N mobility.

In the second part we have studied the crystal growth of cubic SiC
from the amorphous. Before attempting the crystal growth simulations,
it was necessary to demonstrate that empirical potentials could predict
crystallization processes in complex covalent compounds. A preliminary
analysis of the crystallization process in carbon systems yielded already
unexpected results. These results together with literature data on silicon
crystallization [71] have shown that this method is able to describe the
crystallization of these two mono-component (silicon and carbon) cova-
lent systems in the cubic symmetry. We have therefore investigated the
microscopic mechanisms involved in the crystal growth of 5-SiC from
the amorphous. We have found that crystal growth proceeds by prefer-
ential crystal planes orientation and that silicon terminated surfaces are
formed.

The results obtained are in good agreement with the experimental data.
Moreover, they predict the behavior of these materials also in conditions
far from the experimental ones. This work opens therefore new perspec-
tives for the study of covalent ceramics by classical MD simulations. For
example, the effect of mechanical stress on the microstructure of amor-
phous and polycrystalline Si-C-N [27, 32, 34, 35, 36, 44, 45], as well as
the atomic processes involved in oxidation processes [29, 31] are open
relevant questions.

Moreover, it has recently been discovered that Si-C-N ceramics con-
taining boron synthesized by precursor polymers, show an increased
thermal stability compared to the ternary Si-C-N ceramics [38, 39].
However, the microstructure of the amorphous Si-B-C-N materials, as
well as the atomic mechanisms involved in their crystallization and
under mechanical stress are not completely known although extensive
experimental studies [40, 41, 74, 75, 76, 77, 78, 79, 80, 81, 82, 83]. Very
preliminary simulations of Si-B-C-N systems have been carried out,
with the aim of studying the reliability of the modeling potential when



boron atoms are included in the Si-C-N system.
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Appendix

A Verlet algorithm

The numerical integration of the equations of motion is done by a time
integration algorithm. This is based on a finite difference method, where
time is discretized on a finite grid, the time step At being the distance
between consecutive points on the grid. Knowing the positions and
some of their time derivatives at time ¢, the integration scheme gives the
same quantities at a time ¢ + At¢. By iterating the procedure, the time
evolution of the system, namely the trajectory of all atoms, is followed.
All integration algorithms are approximate and two major problems
arise:

e Truncation errors, related to the accuracy of the finite difference
method with respect to the true solution. Finite difference methods
are usually based on a Taylor expansion truncated at some term.
These errors do not depend on the implementation: they are intrinsic
to the algorithm.

e Round-off errors, related to errors associated to a particular imple-
mentation of the algorithm. for instance, to the finite number of
digits used in computer arithmetics.

Both errors can be reduced by decreasing At.

in this work the equations of motion are solved using the Verlet algo-
rithm, probably the most commonly used time integration algorithm for
MD simulations. The basic idea is to write two third-order Taylor ex-
pansions for the positions R(t), one forward and one backward in time.
Calling v the velocities, a the accelerations, and b the third derivatives
of R with respect to t, one has:

R(t + At) = R(t) + v(t) At + (1/2)a(t)At* + (1/6)b(t)At® + O(At?)

(A.1)
R(t — At) = R(t) — v(t)At + (1/2)a(t)At> — (1/6)b(t)At® + O(At*)
(A.2)
Adding the two expressions gives
R(t + At) = 2R(t) — R(t — At) + a(t) At> + O(AtY) (A.3)
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This is the basic form of the Verlet algorithm. since we are integrating
Newton’s equations, a(t) is just the force divided by the mass, and the
force is in turn a function of the position R(t):

a(t) = —(1/m)VV(R(t)) (A4)

The truncation error of the algorithm is of the order of At*.This algo-
rithm is at same time simple to implement, accurate and stable.
A problem with this algorithm is that velocities are not directly gener-
ated. While they are not needed for the time evolution, their knowledge
is sometimes necessary. Moreover, they are required to compute the ki-
netic energy K, whose evaluation is necessary to test the conservation
of the energy E = K + V, one of the most important tests to verify that
a MD simulation is proceeding correctly. The velocities are calculated
as follows:

v(t) = R(t + At) — R(t — At)

2At

(A.5)

The equations of motion in this work were integrated using the velocity-
Verlet algorithm with a time step At = 0.2 fs.
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B Tersoff Potential

For a multicomponent system, the Tersoff potential energy FE, as a func-
tion of the atomic coordinates, is taken to be [24]:

1
E:ZEizigvij (B.6)
i i#]

where V;; is the interaction energy between atoms i and j and is a
combination of repulsive and attractive terms.

Vij = fe(rij)[fr(rij) + bij fa(rij)] (B.7)

where r;; is the distance between atoms 7 and j, the length of the ij
bond.

The functions fr and fa represent, respectively, the repulsive and at-
tractive interactions:

fr(rij) = Aij exp(=Nijrij) (B.8)

fa(rij) = —Baj exp(—pijrij) (B.9)
Here, fo is a cutoff function that goes smoothly to zero between two
distances R and S, see also Fig. 3.4:

1, i < Rij
fe(rij) = &+ geos[(ri; — Rij)[(Sij — Rij)], Rij <rij < Sij
0, Tij > Sij

(B.10)
The parameter function b;; is a bond order term that determines the
strength of the attractive interaction:

bij = X (1 + BPi¢) ="/ (B.11)
Gj= Y folriu)gBije) (B.12)
ki,

g(0ijk) =1+ c?/d? — cf/[df + (h; — cos@ijk)Q] (B.13)
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Figure B.1: Schematic draw of a 7 atoms system. b;; term depend on
;1. distances and on 0,5, angles. For ry, > S;j;, i. e. for k atoms outside
the cut-off, the b;; term goes to zero. Only first neighbors interactions
are computed.

where 6;;;, is the angle between ¢j and ¢k bonds, see Fig. B.1.

The parameters depend on the atom type. for atoms ¢ and j (of different
chemical types), these parameters are

Aij = N+ X5)/2, paj = (s + ) /2 (B.14)
Aij = (4A4))'?, Bi; = (B;B)j)"?, Ri;j = (R:R;j)"?, Sij = (Sifj)l/j
B.15

where the parameters with single index describe the interaction between
atoms of the same type. A;;, Bi;, Aij, and p;; are all positive parame-
ters, with /\ij > g -

For interactions between atoms of type m, there are eleven parameters
to be fitted: A, B, Ams tms By Sms By Ty Gy iy and by,
The parameter x takes into account the strengthening or weakening of
heteropolar bonds, relative to the value obtained by simple interpola-
tion. Thus any ‘chemistry’ is included in this parameter. For single
component, x;; = 1.

Table B.1 gives the set of parameters for silicon [24], carbon [24], and
nitrogen [60] used in this work. Fig. B.2 shows the term V;; for such
interactions, where only atoms pairs are considered. The steep annihi-
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lation of V;j(r;;) for Ri; < rij < Si; is due to the cutoff function fe
the behavior of which, for carbon interactions, is shown in Fig. 3.4. The
cutoff values R;; and S;; are chosen to include only first neighbors.

Table B.1: Parameters for silicon [24], carbon [24], and nitrogen [60]
to be used in the Tersoff equations.

Si C N

A(eV) 1830.8 1393.6 6368.14
B(eV) 471.18 346.7 511.760
AT 24799 3.4879 5.43673
w(A=YY 17322 2.2119 2.70000

B 1.1000x107%  1.5724x10~7 5.2938x10~3

c 100390 38049 20312.0

d 16.217 4.384 25.5103

h -0.59825 -0.57058 -0.56239

R 2.7 1.8 1.8

S 3.0 2.1 2.1

X Si-C=0.9776  Si-N=0.65 C-N=1.00
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Figure B.2: The pair potential term for Si-Si, Si-C, Si-N, C-C, C-N,
and N-N interactions in eV/atom.
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